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The 1959 Extractive Metallurgy Division Lecture 


The Present State of Titanium Extractive Metallurgy 


The first part of the paper covers ore beneficiation in the 
arc furnace, the reduction of TiO2, the reduction of tetrahalide to 
lower halide, titanium sponge production by Mg and Na reduction 
of TiCl4, reduction of TiF4, and refining of raw Ti. In the second 
part electrolytic Ti refining is considered with regard to the 
elimination of individual impurities, and the electrowinning of Ti 
is then discussed. The role of oxide in the bath in the anode ef- 
fect, when using graphite anodes, and the consequences of the 


multivalency of Ti with respect to current efficiency and cell con- 


struction ave examined. 


Tue large number of publications on titanium in the 
last few years, especially the great number of pat- 
ents, makes it difficult for a reviewer to select the 
more important advances in titanium extractive 
metallurgy. In the absence of any description of in- 
dustrial operations the true picture of this metal- 
lurgy can only be implemented from patents. This 
involves certain risks, but it seems preferable to 
accept these than to leave the data available buried 
in the literature. Unfortunately the platform of 
knowledge to start from, for instance a textbook on 
titanium, is missing. It would have provided the 
elements needed for an understanding of the prob- 
lems to be exposed. 


ORE BENEFICIATION 


The basis for the large titanium industry of the 
future can only be ilmenite ore which demands that 
methods for the elimination of iron from this ore be 
available. The most promising ones are pyrometal- 
lurgical, and one Canadian company produces 
titanium-rich slags containing about 75 pct TiO; 
from ilmenite, with a semi-steel as a byproduct, 
which must be further refined to become market- 
able, because of its high sulphur content. Depend- 
ing on the impurities in the ore used, this refining 
might also have to be extended to the removal of 
phosphorous and this presents the special problem 
of steel dephosphorization without eliminating too 
much carbon. On the other hand cast iron might be 
produced, with its greater tolerances as to the S and 
P content. Some ilmenites contain monazite which 
creates a health hazard with radioactive fumes. 
While slags with 75 pct TiO, can be used for pigment 
production and are even welcome because of their 
lower titanium valency state and low iron content, 
they are not well adapted to chlorination mainly 
because of the large quantities of FeCl, produced. 
Reclaiming chlorine from this compound by burning 
it in oxygen is still in the experimental stage as is 
the direct chlorination of ilmenite. A slag witha 
much lower iron content than the Canadian one has 
been produced for years in Japan by a process in 
which oxygen is blown into the slag obtained, after 
it has become pasty due to the presence of a small 
amount of TiN and TiC. These are burned up by 
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oxygen. Such slags, which melt around 1700°C, may 
contain 58 to 60 pct total Ti, of which about 58 pct is 
as Ti,O, and 33 pct as TiO,, and a maximum of 1.5 
pct Fe; they are an acceptable substitute for rutile. 
Not all ilmenite ores are suitable for this beneficia- 
tion process and low CaO, MgO, and SiO, contents 
are desired. Oxygen blowing might prove difficult 
in closed arc furnaces of the Canadian type. Man- 
ganese oxide, which in arc smelting largely stays 

in the slag, is obnoxious during chlorination because 
the chloride produced melts and impregnates the 
batch, making it less accessible to chlorine. Since 
the by-product iron obtained in the slag process has 
to carry part of the cost of titanium concentration, 
its composition should be such as to make it locally 
marketable without excessive refining. 


REDUCTION OF THE OXIDE 


Success has repeatedly been announced in the re- 
duction of TiO, with Ca or with Mg plus Ca, but the 
metal so produced has never reached the market. 
Theoretically, at least, this process should give a 
soft titanium, and this is confirmed by the fact that 
oxidized titanium turnings or thin sheet can be made 
ductile by extended heating in a fused calcium bath 
under an inert gas, followed by an acid leach; how- 
ever, the economics are not favorable. The high- 
purity TiO, which must be used costs more than 
TiCl, per unit of contained Ti, and at present some 
plants even produce pigment grade oxide from the 
chloride. Fluidized bed chlorination has made 
TiCl, rather cheap. The calcium used, at least for 
the after-reduction, will remain costly because the 
raw metal contains N and C, and must be purified 
by redistillation. Intimate mixing of calcium turn- 
ings with TiO, powder is difficult and an inhomoge- 
neous mixture might be the main cause for the 
hardness of the titanium obtained. In this regard 
CaH, would be preferable since it can be readily 
powdered and more intimately mixed with the oxide. 
Reduction with CaH, may take place under such 
conditions of temperature and hydrogen pressure 
that TiH, is obtained’ (Heat of formation TiHz = 36 
cal). The TiH, so produced is degassed to obtain 
metal, which, when made in commercial quantities, 
has a Brinell hardness below 150. The calcium 
hydride needed is apparently made indirectly by the 
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thermal dissociation of CaC,. Intimate mixtures of 
TiO, and a reducing agent can also be made with 
chloro-hydrides such as CaHCl. Equilibrium dia- 
grams of such salt compounds with chlorides and 
hydrides have been established by Ehrlich.” They 
may be obtained by reducing fused CaCl, with Na in 
the presence of hydrogen. Solutions of alkaline earth 
metal subhalides in halides may also be used; these 
are produced by reduction of alkaline earth metal 
halides with sodium under argon. The sodium acts in 
these cases indirectly by producing the calcium 
needed for TiO, reduction, sodium itself not being a 
strong enough reducing agent for this purpose. 

Reduction of TiO, with aluminum has recently been 
reconsidered. Before the last war a 90 pct Ti was 
made in Germany by this method. The end product of 
the reduction is normally TiAl, but more aluminum 
can be eliminated from the alloy by maintaining a 
higher TiO2 concentration in the slag, which implies 
increased titanium losses. Even commercially pro- 
duced 30 pct aluminothermic ferrotitanium contains 
6.5 pct Al when 80 pct of the titanium is recovered in 
the alloy. A further difficulty is that the specific 
gravities of metal and slag are too close together 
to permit a clean separation, with high-titanium, 
low-iron alloys. The economics are slightly more 
favorable when reducing with silicon to silico- 
titanium. At present no aluminothermic reduction 
method is available which would allow production of 
either aluminum-titanium or ferrotitanium at less 
than $2.00 a lb of contained Ti. As long as such 
alloys remain so costly and of such low grade, 
methods for isolating titanium from these alloys by 
leaching with fused metals or salts or with aqueous 
alkali solutions will lack interest. Such alloys can- 
not be considered as an economical cell feed for 
titanium refining by fusion electrolysis. 

The reduction of TiOz with carbon may be car- 
ried out so as to produce either TiC with 80 pct Ti, 
or carboxides with about 85 pct Ti. In the presence 
of air, nitrogen may replace some oxygen or carbon 
in this product. Moissan”® claimed that he obtained 
a 96 pct Ti by reacting TiC with excess TiO. The 
pure carbide has been made on a commercial scale 
in Austria in a continuous process in a large carbon 
resistor furnace. The commercial carboxide pres- 
ently sells at about $0.60 per lb; its production re- 
quires an energy input of 10 kw-hr per lb in 1000 kw 
furnaces. It has been used as feed in chlorination 
where it makes simplification of the chlorinator pos- 
sible. Upgrading this rather cheap product by 
Moissan’s method would certainly be too costly. 


REDUCTION OF TITANIUM TETRAHALIDE TO 
LOWER HALIDE AND METAL 


This reduction may take place either directly or 
within a flux such as KCl-NaCl. The reduction of 
TiCl, with hydrogen in an arc to produce metal, 
announced years ago, failed. Lower chlorides were 
obtained 40 years ago by injection of TiCl, into a 
chlorine-hydrogen torch.* Hydrogen is the most 
generally recommended reducing agent for the pro- 
duction of titanium lower halides. Its use on an in- 
dustrial scale creates a problem with the byproduct 
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HCl which must be reclaimed. Reduction of TiCl, 
with hydrogen in a glow discharge yields TiCl,. As a 
metallic reducing agent for the chloride, ffsoium 
itself is recommended. Titanium dichloride (melting 
point 1025° C) is made by reacting TiCl, with Ti at 
1200°C.* This reagent creates no bypraduee Among 
the other metallic reactants may be cited Al, Hg, Cu, 
Zn, Pb, Na, and Mg which all give byproduct. chlo- 
rides to be separated and reclaimed. Suggestions 
have been made that alloys such as TiCu or TiC be 
reacted with HCl gas, or that ZnCl, be used as a 
reagent. The reduction of TiCl, with TiC or car- 
boxide yields carbon and oxide-contaminated ma- 
terials for which purification methods have to be 
devised. The production of a solution of titanium 
lower chlorides in NaCl by reduction of TiCl, with 
Na is simple and the process can be made continuous. 

Titanium has been obtained in a pilot plant by dis- 
proportionation of TiCl,, obtained by H, reduction of 
TiCl,. The main difficulties with this process are the 
incomplete elimination of TiCl, from the sponge, the 
circulation of large quantities of gases and halides 
per pound of titanium obtained, the unfavorable heat 
cycles, the necessity for reclaiming HCl, and the 
sticking of the sponge to the hot iron walls of the 
retort. 

Titanium tetrafluoride can be reduced to trifluoride 
with titanium. This compound melts at 1100°C,° and 
forms double fluorides with one and three moles of 
KF. The trifluoride is very corrosive and it reacts, 
when hot, with Al,O,, SiO,,and porcelain, which 
limits its use to graphite vessels. The difluoride, 
described in various patents, does not exist.” 


REDUCTION OF TiCl, WITH METALS 


A) Magnesium Reduction—The technology of this 
process was established at the U. S. Bureau of Mines 
under Wartman. Some of its modifications will be 
examined. The largest batches now produced weigh 
about 1 1/2 tons, the limitation being heat dissipa- 
tion in the vacuum distillation of the MgCl, from the 
sponge, where this method of separation is used. 

The whole vacuum treatment takes 90 hr for large 
batches; special cooling arrangements with inert gas 
might speed up cooling in the vacuum cycle. Salt 
separation can be speeded up using sponge turnings 
if the charge baskets are designed so as to leave 
easy passage for the gases; however, the time gain 
does not justify the capital expenditure for the dry 
room and lathe needed, as well as the labor cost for 
chip production. The combination of reduction and 
vacuum distillation in one apparatus is tempting be- 
cause the vessel does not have to be cooled down to 
room temperature after reduction, but this has been 
given up. The hot walls of heat-resisting steel, which 
had to support atmospheric pressure in the vacuum 
cycle, gave way and the apparatus was too expensive, 
bulky, and unreliable. Heating with an electric 
vacuum furnace would have eliminated some of the 
troubles of collapsing walls, but at further cost. 

The problem of salt tapping has been solved in 
various ways. It is more difficult when using a liner 
in which case the latter may be provided with a 
gooseneck, welded, before each reduction, in the 
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bottom area to the exterior reactor shell, through 
which the tapping takes place. Another solution is 
to provide an antechamber, below a perforated plate 
which supports the sponge, in which the slag is col- 
lected for tapping. The chloride can also be tapped 
by applying inert gas pressure which drives it 
through an inserted pipe in any desired direction. 
This method was first used in the production of 
zirconium in 1947, in Albany, Oregon. 

Removal of the sponge cake after vacuum distil- 
lation is usually accomplished with a hydraulic 
press, the piston of which is passed through an open- 
ing made by removal of a sheet-iron cover; the 
opening is sealed again for the next run by welding. 
Comminution of the sponge cake is performed with a 
press provided with a heavy knife, followed by cutting 
with a number of heavy alligator shears. When leach- 
ing is considered for salt elimination the sponge is 
normally removed as chips on a heavy lathe operat- 
ing ina dry room. The dry room is necessary as a 
dry protective rim of batch is left on the reactor wall 
to avoid an excessive iron pickup in the next run. The 
question of whether to leach the sponge or to vacuum 
distill it has not yet been answered conclusively. The 
sponge retains 15 to 25 pct Mg and as much MgCl,, 
and these are lost when acid leaching. The sponge 
may retain alloyed magnesium, inaccessible to acid 
leach, which impairs its storage capability. The 
metal may also become loaded with hydrogen when 
using acids. The yield of titanium from sponge of a 
given hardness is lower for leached sponge than for 
the vacuum distilled sponge. However, the equipment 
for salt removal by aqueous methods is less expen- 
sive than that for vacuum distillation, despite the fact 
that an expensive dry room and heavy lathe must be 
provided. Maintenance of the vacuum pumps used in 
distillation is costly but the product of this process 
is low in hydrogen, magnesium, and chlorine and is 
very soft and dense. 

The results obtained in one titanium plant using 
vacuum distillation and condensation of the Mg + 
MgCl, distillate on the next batch, seem to give this 
process the lead over leaching, and probably also 
over any sodium reduction method. Recoveries of 
95 pct Mg and as much MgCl, have been obtained with 
theoretical titanium recovery efficiencies from pure 
TiCl,. The average hardness of the metal over 1 
month was 107 Brinell for 97 pct of the output. Mag- 
nesium-reduced, vacuum-distilled Japanese sponge 
with an average hardness of less than 100 Br has 
been sold on contract in this country in large lots; 
the average analysis showed: 0.05 pct Fe; 0.05 pct 
Clz; 0.007 pct Mn; 0.025 pct Mg; 0.007 pct N,; 0.012 
pet C; 0.002 pct H2; 0.01 pet Si. 

Numerous suggestions have been proposed or 
patented with a view to improving magnesium reduc- 
tion. Some suggestions concern reduction in vacuo 
and two plants, here and abroad, followed this line 
for a time to avoid the use of inert gas; naturally the 
atmosphere so created was saturated with TiCl, gas. 
Another company temporarily used argon under 
pressure. The magnesium feed could be solid, liquid, 
or gaseous and special advantages are claimed for 
each. In another modification Mg vapor dissolved in 
inert gas was used as a reducing agent; metal powder 


548—VOLUME 215, AUGUST 1959 


was produced, and the thermal cycle was not favor- 
able. Addition of liquid magnesium is said to cause 
formation of a denser sponge. The most complicated 
proposals refer to reduction in the gaseous State, 
whereby the heat of reaction is to be used to melt 
the metal in a water-cooled copper mold and so 
achieve its separation from the slag; the use of an 
arc is suggested in an otherwise identical scheme. 
Reduction with solid Mg turnings has been proposed 
at temperatures between the melting point of Mg and 
MgCl,; this is said to yield powder. Others suggest 
distillation of the salts at atmospheric pressure by 
induction heating; this creates a container problem. 
Drip melting for the same purpose is old art having 
been used 30 years ago. 

Miscellaneous improvements are proposed in 
numerous patents aiming at making magnesium re- 
duction continuous. Most inventors forget that hot 
titanium sponge packs and welds to metal parts and 
that the reduction temperature of 800° to 900°C 
necessitates the use of high-temperature alloys for 
any stressed metal parts. In some suggestions iron 
fingers or crowns are dipped in a salt bath under 
argon and magnesium is fed around or inside these 
while TiCl1, is instilled, after which the device with 
the adhering sponge is continuously lifted out. This 
does not answer the question of how to remove the 
sponge continuously from the reactor out into the air. 

Numerous leaching liquors for sponge chips have 
been patented. They usually contain passivating 
agents such as nitric acid or nitrates, or inhibitors 
such as iron trichloride. Acetone has been suggested | 
among the more expensive leaching media. 

B) Sodium Reduction—Plants using sodium as the 
reducing agent are operating successfully here and 
abroad. In the absence of any published data a cost 
comparison with magnesium reduction cannot be 
made. The quality of the sponge produced by this 
method is probably inferior in hardness and chloride 
content and the efficiency of the reducing agent to 
that obtained by the latest advances in magnesium 
reduction, but not prohibitively so. If recycling of the 
reducing agent from the chloride produced is con- 
sidered, reduction with magnesium is cheaper than 
with sodium and the power consumption for the pro- 
duction of magnesium is lower by about one-third. 
But vacuum distillation using electric heating re- 
moves this advantage of magnesium reduction. 
Sodium reduction owes its introduction to the fact 
that methods for eliminating the oxide contained in 
the metal have been recently worked out as a conse- 
quence of the use of alkali metals as coolants in 
atomic reactors.” This may explain why Nilson- 
Petterson, and later Hunter, failed to produce a cold 
ductile titanium by bomb reduction with sodium. 
Their sodium, made at the time by the electrolysis 
of NaOH, must have been heavily loaded with oxide. 
The metering and pumping equipment for handling 
sodium on a large scale have only been available for 
a few years. 

There are many ways of using sodium for the re- | 
duction of TiCl,. The reduction may be carried out | 
below the melting point of NaCl (800°C), or between 
the melting point of this salt and the boiling point of 
Na (880°C), or above the boiling point of Na, i.e., in 
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Fig. 1—System NaCl1-TiCly, Ref. 8. 


the gaseous phase. In the first case reduction with 
an agitated mixture of NaCl crystals and Na below 
500°C has been recommended, but the metal so ob- 
tained is too finely divided and is pyrophoric; a 
thermal treatment about 800°C might improve this 
condition. At least one plant follows the second 


method, reduction between 800 and 880°C; this calls 


for accurate temperature control in coordination 


with the feeding of both reagents in the right propor- 
tions. Many patents concern reduction in the gaseous 


phase, which may yield crystals, but it is doubtful 
whether any commercial application of this method 


has ever been made. The margin between the boiling 
point of sodium, 880°C, and the temperature at which 


iron is rapidly attacked by titanium, 950°C, is 
rather small. 

Since reduction with sodium liberates about one- 
third more heat than with magnesium, heat control 
may become a problem. Attempts have therefore 


been made to reduce TiCl, in two steps: the first one, 


which can be continuous, produces 2 NaCl-TiCl, 
eutectic, melting at 605°C, with liberation of 40 pct 
of the total heat (this salt, however, always con- 


tains some trichloride); the second, liberating 60 pct 


of the heat, consists of an after reduction of this 
salt with more sodium, added in a separate vessel, 
whereby a special type of sponge is obtained. The 
bulk of it consists of needles of high purity, the 
remainder being of a rather powdery nature, and 
therefore yields a harder metal. Reduction by add- 
ing sodium to the lower-valency titanium Salt bath 
is basically wrong since pockets of unreduced 


TiCl, may form. The fused or solidified low-valency 


titanium salt should be fed into a pool of fused 
sodium to maintain an excess of the latter up to the 
end of the operation which has to be carried out 
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Fig. 2—System KCI-TiCl,, Ref. 9. 


above 800°C. The equilibrium diagrams of titanium 
trichloride mixtures with NaCl and KCl are about to 
be published by Ehrlich. It can be seen from Figs. 
1, 2, and 3 that Mg is not as suitable as sodium or 
potassium for a two-step reduction because the 
melting point of the lower halide salts formed goes 
up Sharply with increasing TiClz content. Since 
titanium is easily made in ton lots by the one-step 
process there is no special incentive for proceeding 
in two stages, if both of these cannot be made con- 
tinuous. 

The proposal of after reduction of TiCl,-NaCl 
mixtures with sodium vapor in a vacuum does not 
offer any distinct advantage over final reduction 
under argon. The end product, besides sponge, is 
NaCl which must be maintained in the molten state. 
At the melting point of this salt (800°C) sodium has 
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a vapor pressure of about 380 mm, which helps only 
a little towards compensating the pressure of the 
atmosphere on the hot iron wall of the container, if 
this is the aim of the process. 

The use of NaK alloy for reduction would permit 
lowering the reduction temperature since eutectic 
NaCl-KCl mixtures could be produced (mp 650°C). 
It would seem simpler to start with a well-deoxi- 
dized KCl bath, which produces, with sodium, NaK 
alloy. Both methods add to the cost. 

In spite of the heavy investments in the titanium 
industry our basic knowledge of the chemistry of 
titanium is still inadequate. We do not know the 
solubility of TiCl, in carrier salts and have only 
the above-mentioned three equilibrium diagrams of 
titanium subhalides with such salts. Nor do we know 
the solubility of titanium oxides in fused halides; 
this knowledge is essential if we wish to understand 
oxide elimination in the electrolytic refining of 
oxide-bearing titanium. We do know that titanium 
contaminated with appreciable amounts of oxide 
dissolves in fused NaCl under argon, while the pure 
metal is not attacked.’* Some of the available infor - 
mation on titanium chemistry may even be incor- 
rect as for example the statement that TiCl, and Na 
can coexist in a fused NaCl bath” which would imply 
that sodium does not reduce TiCl, completely; this 
contradicts daily practice in titanium plants. Under 
the most favorable conditions for a back reaction, 
for instance when passing NaCl vapors in vacuo 
over sponge titanium, no sodium evolution is ob- 
served. No quantitative investigation has ever been 
made on the degree of completion of the reaction 
between TiCl, and Na or Mg. In refining raw titanium 
and titanium alloys by anodic or chemical dissolution 
in a fused halide bath, some of the impurities, such 
as AlCl,, MnClz2, VCl2, CrCl, and SnCl, may go into 
the salt solution where they accumulate to a certain 
equilibrium concentration, after which they react 
with the deposited titanium crystals. This fact was 
used by Andrieux years ago in the production of 
intermetallic compounds by fusion electrolysis. 
Before progressing with electrolytic refining of 
alloys these chemical equilibria as well as their 
correlation with the electrolytic phenomena in- 
volved must be examined. 


TITANIUM PRODUCTION FROM FLUORIDES AND 
OTHER COMPOUNDS 


The cheapest form of titanium fluoride, sodium 
fluotitanate, is about one-third more expensive than 
chloride at present market places. The tetrafluoride, 
which can be made from titanium oxide and anhydrous 
HF, is a solid at room temperature, and sublimes at 
284°C. Its reduction with Na or Mg yields relatively 
high melting fluorides (mp NaF = 990°C, MgF, 
= 1300°C), of low vapor pressure, which cannot be 
separated from the metal by vacuum distillation in 
iron retorts. In separation by fusion the high melting 
point of the metal, 1660°C, has to be considered. 
This can be lowered by alloy formation during re- 
duction, for instance by the addition of fluorides of 
of other metals to the reaction mixture, which are 
also reduced and produce a more fusible alloy separ- 
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able in a second step by vacuum distillation. Zinc 
fluoride can be used for this purpose. However, the 
economics of this process are not favorable. 

Flash reduction to produce fused titanium without 
alloying additives is possible with fluorides as well 
as with chlorides, and if the charge is large enough 
an ingot can be obtained. In flash reduction pressure 
vessels must be used; they may be water cooled to 
retain their full mechanical strength during the re- 
action. The reaction is started with an electrically 
heated wire connected with a spark plug. Even if 
this method of reduction could be safely controlled 
on a commercial scale its use would be barely eco- 
nomical because of the expensive pressure vessels 
needed, and the necessity of cutting up the slag-con- 
taminated titanium ingots as electrodes to be sub- 
sequently arc melted. These objections apply also 
to the bomb reduction of TiCl, with sodium which 
produces even higher pressures. 

The reduction of fluotitanate with sodium is not 
violent but according to the literature it does not 
yield a metal better than 85 pct Ti. This is due to 
the fact that the drying and melting of this salt with- 
out hydrolysis and oxidation is very difficult even in 
a vacuum, and the fine metal crystals produced in 
the reduction are depassivated by the fluorides dur- 
ing leaching. This could probably be avoided with 
passivating leaching agents. There is no reason why 
metal reduction of properly deoxidized fluotitanates 
should not produce titanium of similar quality to that 
made by fusion electrolysis of the same kind of salts, 
especially if these are fed into a large pool of 
superheated fused reducing agent. 

Reduction of titanium sulphide with aluminum or 
magnesium has been proposed. The former yields a 
readily fusible slag. Production of a cheap, oxide- 
free sulphide might be one of the main difficulties 
with this suggestion. 


REFINING METHODS FOR RAW TITANIUM 


Zone refining has been applied with some success 
to titanium. Dissolution of raw titanium in zinc is 
said to permit concentration of a low oxide fraction 
in the zinc solution. Vacuum distillation of titanium 
has shown that the oxide concentrates in the residue. 
Moving the oxide to one end of a heated titanium bar 
by direct current has also been suggested. The sug- 
gestion that oxide be eliminated by adding germanium 
during arc melting to form volatile GeO is of aca- 
demic interest only. No success has been achieved 
with the similar idea of adding Si, Al, and C during 
arc melting. While TiN is rather unstable since the 
partial pressure of N, over this compound reaches 1 
atm at 1500°C, the elimination of the last traces of 
this gas by vacuum treatment has not shown appreci- 
able success. Some degree of purification of raw 
titanium can be achieved in the electron beam fur- 
nace. Beck’s refining process for aluminum scrap, 
involving washing the alloy with fused magnesium, 
has been suggested for aluminum-titanium alloys. 


THE FUSION ELECTROLYSIS OF TITANIUM 


Electrorefining—The soluble anode process which 
was applied years ago on a pilot-plant scale to the 
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purification of aluminum-silicon alloys,” ferro 
alloys,** and steel has now reached the commercial 
stage for the production of high-purity titanium crys- 
tals from scrap and alloys. The outstanding feature 
of this process is the elimination of nitrogen, oxygen, 
carbon, chromium, and iron. Aluminum, manganese, 
tin, and vanadium are carried over to the cathode, 
once the electrolyte has built up a sufficient con- 
centration of these elements in the form of halides. 
This also permits production of oxide-free titanium 
alloys from scrap containing these metals. The pos- 
sibility is also given for obtaining a cathodic deposit 
of straight intermetallic compounds. Since iron is 
not carried over, and this is still unexplained, pots 
made out of this metal can be used as the anode and 
titanium scrap can be dropped right into the cell. 
The electrolyte must be made up from a carrier salt 
containing lower-valency titanium chloride; this can 
be obtained on the spot by injecting TiCl, into the 
bath at the scrap level. A low concentration of the 
lower-valency halides reduces the titanium losses 
from electrolyte entrapped in the deposit which must 
be leached out. An inert gas blanket is naturally one 
of the requirements of electrolytic purification of 
titanium; it was first used for zirconium electrolysis 
in Albany, Oregon in 1946.** Removal of the loaded 
cathodes through gate valves into an argon-filled 
cooling chamber, and from there to the atmosphere 
is not difficult. There is no anode effect in electroly- 
tic refining. The sludge problem can be minimized 
as long-as relatively pure anode material is used. 
The commercial possibilities of this process are 
still under discussion. If no premium is paid for 

the very pure titanium crystals obtained, or if the 
compact metal or alloys made from these do not 
show some outstanding properties, the commercial 
advantages of this process are not apparent. Mag- 
nesium reduction permits production of a batch with 
a large fraction with a hardness below 100 Brinell. 
It would therefore appear to be more economical to 
pass the titanium scrap through the usual chlorina- 
tion and reduction process than through fusion 
electrolysis, providing a sponge with a hardness of 
100 Brinell or less can compare with the still softer 
electrolytic crystals. However, electrorefining of 
titanium has provided important information of use 
in the much more difficult task of electrowinning 
titanium using graphite anodes. 

Electrowinning—The problems which face the 
electrometallurgist in the electrowinning of titanium 
by fusion electrolysis with graphite anodes are 
numerous and quite difficult to solve. They include 
electrolyte composition, cell construction, construc- 
tion materials, equipment for handling cathodes, 
reclamation of-anode gases, salt reclaiming, treat- 
ment of cathode deposits, and the anode effect. 

Electrolyte Composition—The mixed fluotitanate - 
NaCl bath, which produces chlorine at the anode will 
not be examined since this type of electrolyte pro- 
posed a century ago for aluminum winning is basic- 
ally unstable and does not permit continuous opera- 
tion. Titanium as extracted by this process from a 
fluotitanate is too expensive to compete with metal 
made from the tetrachloride as cell feed, and re- 
claiming of the complex spent fluoride electrolyte 
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does not appear promising. 

Any chloride electrolyte used must have the lowest 
possible melting point and must be cheap. Since 
TiCl, does not dissolve to a desirable extent in alkali 
or alkaline earth metal chlorides it must be dis- 
solved in the form of lower-valency titanium chlor- 
ides. This, as mentioned above, can be accomplished 
by injecting TiCl, into a fused carrier salt in the 
presence of a reducing agent such as hydrogen, mag- 
nesium, sodium, and titanium or its alloys. The 
question of a byproduct chloride being formed in this 
operation does not arise with titanium as a reagent. 
Neither is this difficulty encountered when producing 
a lower-valency titanium halide-NaCl mixture ina 
separate sodium cell, to which waste reduction salts 
can be recycled, nor is it encountered in the titanium 
cell itself when starting with an NaCl bath. In lieu of 
titanium, hydrogen is most commonly recommended 
as a reducing agent. This gas, mixed with TiCl,, can 
be bubbled into the electrolyte, but evidently, if there 
is no separation of the anode and cathode gas com- 
partments all the chlorine liberated at the anode will 
react with hydrogen which will be wasted by being 
converted to HCl. An excess of hydrogen is required 
to eliminate the attack of hot iron parts by HCl gas. 
The hydrogen blanket avoids the necessity of sepa- 
rating the anode and cathode gas compartments and 
therefore simplifies cell construction. The titanium 
crystals obtained are contaminated with hydrogen; 
the problem of reclaiming HCl also arises. 

The use of titanium alloys for the production of a 
lower-valency titanium chloride cell feed by reaction 
with TiCl, in a carrier salt, which may be considered 
as,an indirect method of titanium purification, is 
tied up with the question of the sludge formed, its 
quantity, and the methods of reclaiming it in the fused 
state. A cell feed made from aluminothermic master 
alloys contains aluminum which passes on to the 
cathode and is therefore unsuitable if pure titanium 
is wanted. The carbide, carboxide, and lower oxide 
might be used but the large volume of oxide and car- 
bon bearing sludge formed causes large losses of 
salt and creates recovery problems. Methods for 
filtering these salts and for purifying the filter cake, 
for instance by vacuum distillation, are still to be 
developed; these would have to be pyrometallurgical 
to avoid leaching and hydrolysis of titanium halides. 
Calcium or magnesium reduced sponge made from 
rutile, raw oxide,or slags is too expensive for cell 
feed production. As for the rather cheap silico- 
titanium, the commercial grade is low in Ti (50 pct), 
and when reacted with TiCl, it yields SiCl, which 
results in the loss of chlorine. 

The question of whether to produce the lower- 
valency electrolyte inside or outside the cell must be 
decided in favor of the latter if the alloy used for 
that purpose is very impure. The cell is already 
such a complicated apparatus that it should not be 
encumbered with the auxiliary task of creating its 
own electrolyte, or of taking care of sludge prob- 
lems. Such sludge may be carried throughout the 
bath by the movement created by the anodic chlorine, 
spoiling the cathode deposit. 

There is no need for using anything other than non- 
hygroscopic NaCl as the carrier salt for dissolving 
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the titanium lower chlorides; however, NaCl has a 
rather high melting point (mp 800°C). Its eutectic 
mixture with KCl melts at 650°C. Magnesium, cal- 
cium, strontium, and lithium chlorides are hygro- 
scopic and are less desirable since at least some 

of these dissolve large quantities of their own oxides. 
Dehydration of these salts and deoxidation is quite 
difficult. Very low melting compositions can be ob- 
tained with LiCl or with TiBr, combinations. 

TiCl, will probably find general acceptance as cell 
feed because of its low cost, and purity, especially 
when compared with that of titanium alloys. The 
easiest way of reducing it is by use of pure titanium; 
this operation should be performed in special equip- 
ment outside the cell. Injection of TiCl, at the 
cathode or at an auxiliary cathode provided with sep- 
arate current by an adjustable circuit, seems to be 
too unreliable as a method of bringing a solid in con- 
tact with a gas. 

Cell Construction—The multivalency of titanium 
creates special conditions which interfere with good 
cell functioning. The anode chlorinates TiCl, and 
TiCl; to TiCl, which, not being sufficiently soluble 
in the bath, escapes with the chlorine from which it 
must be reclaimed. The titanium deposit of the 
cathode reacts with any TiCl, present to form 
TiCl,. Clearly separation of anode and cathode com- 
partments within the bath is desirable. Compart- 
menting is also necessary above since chlorine would 
otherwise attack the hot cathode stem; flushing with 
inert gas whenever the cathode is to be removed 
implies interruption of electrolysis. No suitable 
diaphragm material for use within the strongly re- 
ducing bath has been discovered at present; alumina 
or alundum are economically unacceptable. A nickel 
gauze diaphragm as used in sodium cells would 
probably not stand up because of alloying with 
titanium by reaction with TiCl,. The next best solu- 
tion would be a slightly submerged refractory dam 
across the cell, as used in the I. G. Farben Indus- 
try magnesium plants, on which the separation wall 
of the anode and cathode gas compartments (chlor- 
ine and argon) could be erected. This dam would 
have to be of nonconducting material, and resistant 
to_the corrosive reducing salts. Difficulties with 
refractories might be greatly reduced by using a 
low melting KCl-LiCl electrolyte, but at a cost. 

As construction material for the container for the 
electrolyte graphite performs well. The commer- 
cial use of large graphite vessels is unthinkable es- 
pecially if these are to be heated externally by elec- 
tric resistors, also made of graphite and protected 
against burnout by an inert atmosphere. Such cruc- 
cibles usually leak, the more the bigger they are. 
They must be turned out of large electrodes at a 
prohibitive cost. Lining a hearth with much cheaper 
graphite plates applied to a refractory wall pre- 
sumes that this type of construction can be made 
tight enough to avoid salt penetration. Since this 
lining is conducting, the electrodes would have to be 
arranged at some distance away to avoid formation 
of an intermediate pole by stray currents; this leads 
to a bulky cell. A rammed cell hearth of carbona- 
ceous matter might be too impure and might not 
stand up to the electrolyte. If TiO, is really insoluble 
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in the NaCl electrolyte, this oxide or some other re- 
fractory oxide might be usuable as a cell lining. 

Auxiliary equipment includes the apparatus 
needed for collecting chlorine and reclaiming the 
TiCl, it entrains. Since the cell might have to be 
kept hot by extra heat, a source of alternating cur- 
rent might be necessary, which would be super- 
imposed on the direct current used. Gate valves 
allowing the introduction of fresh cathodes and for 
removal of loaded ones to an antechamber and then 
to the atmosphere as well as mechanical devices 
for handling these heavy loads must be developed. 
The evaporation of salts from the bath may cause 
trouble with contacts and the high temperature of 
the usual NaCl-TiCl, electrolyte makes the choice 
of construction materials for stressed parts dif- 
ficult. The cell cannot have a great number of 
separated anode and cathode chambers each con- 
taining gastight gates and lifting devices, and it is 
probable that cells in the future will have only one 
argon cathode chamber and two anode chambers 
filled with chlorine. Furthermore, such very large 
cells will probably have to be rectangular with the 
anodes and two cathodes being plates, because the 
separation dam would make construction of a 
cylindrical arrangement difficult. 

Anode Effect—Few of the electrochemists involved 
in titanium cell development are conscious of the fact 
that fused alkali chloride is oxidized by air and hu- 
midity. Oxygen displaces chlorine and H,O reacts 
with the liberation of HCl. However, conversely, HCl 
can also be used as a deoxidizing agent for these 
salts because of the equilibrium conditions governing 
this reaction. As far as is known, some oxide is 
needed in any chloride electrolysis in order to avoid 
the anode effect and fluoride electrolysis is entirely 
based on avoiding this effect by adding an oxide such 
as alumina, which is then decomposed by the current. 
The anode effect is often erroneously called ‘‘polari- 
zation’’, while actually it is caused by a tightly ad- 
hering, electrically charged gas skin which blocks 
the passage of the current. The important effect of 
an inert gas blanket on the functioning of a cell can 
thus be visualized since oxidation of the bath by air 
constituents is prevented and bath deoxidation by 
anode chemistry leads to the anode effect. Venting 
of the cell to oxidize the bath as well as adding oxi- 
dized electrolyte have been suggested. The anode 
effect occurs only with graphite anodes, and only 
when the oxide content drops below a critical value, 
but many other factors, such as the roughness of 
the graphite, the current density, and the kind of 
halide are involved. If this conception also proves 
correct for titanium electrolysis, and this seems 
to be confirmed by the presence of CO and CO, in 
the anode gases,” any titanium made under these 
conditions will be harder than metal made with a 
soluble anode due to oxide pickup from the bath. 

The solubility of various titanium oxides, especi- 
ally lower ones, in fused chlorides is unknown: itis 
also not known why no oxide is transferred to the 
cathode, at least at low anode contamination levels 
with an ‘oxide bearing titanium anode. Since too 
much oxide in the bath causes deposition of hard 
titanium and too little produces an anode effect, 
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there is a need for electrolyte conditioning to the 
right oxide content. In order to lower the oxide 
level, the usually overoxidized fused bath is com- 
monly submitted to a preliminary electrolysis 
either in the cell itself, or in an auxiliary one from 
which the salt can be transferred through pipes. 

The latter practice has been adopted from beryllium 
electrolysis. 

Cathode Deposit—The titanium crystals of the 
cathode deposit entrap up to 50 pct electrolyte; this 
must be removed by leaching, whereby titanium 
salts are lost by hydrolysis. Special equipment will 
be required to leach the cathode cake, to table the 
crystals, and to recondition and dry the carrier salts 
for recycling. The yield can be expected to be lower 
than in the more advanced metal reduction processes 
for TiCl,. Smooth deposits of high-purity titanium 
have been obtained in Japan, and if this could be ap- 
plied on a large scale, leaching of crystals with its 
drawbacks would be avoided. 

It does not seem that the many difficulties in- 
volved in the construction and operation of such a 
complicated commercial electrolytic plant for 
titanium electrowinning can be overcome rapidly 
enough to make reduction of TiCl, with Mg or Na 
obsolete in the next few years. It might, however, 
be fair to say, that titanium will be made competi- 
tively by fusion electrolysis within the next 5 to 10 
years. 


CONCLUSION 


This rather short summary on the present status 
of extractive titanium metallurgy will be concluded 
by stressing the great repercussions it has had on 
various other branches of metallurgy and chemistry, 
and on technology. The good corrosion resistance of 
titanium metal made nickel extraction by the For- 
ward process easier, and helped the oilman along. 
Continuing Rohn’s work on the vacuum melting and 
degassing of steel, new impetus has been given to 
vacuum dehydrogenization, and the steel industry has 
taken to vacuum-arc melting of superalloys in order 
to compete with high-strength titanium alloys. Vacu- 
um casting to eliminate the bulk of hydrogen and to 
produce steels free from flakes is becoming general. 


The Action of Molten Uranium on Graphite 


E. L. Swarts 


In the course of a program on high-temperature 
processing and electrowinning of uranium at the 
Knolls Atomic Power Laboratory, ’~ it became 
necessary to give attention to the interaction of 
molten uranium with graphite. 

Although it is known? that a protective interface 
layer may form, details of this reaction have not 
been reported. 

Unfortunately it was impossible to complete the 
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Vacuum degassing of finished metal products is 
spreading to the annealing of metals and the furnace 
constructions used in titanium production, especi- 
ally in salt separation, are thus finding new applica- 
tions. The arc-melting button furnace has become an 
indispensable tool in any modern metallurgy labora- 
tory. Chloride chemistry has been advanced through 
the knowledge acquired in the production and purifi- 
cation of anhydrous titanium and zirconium chloride. 
The inert gas industry has received a considerable 
boost, and the methods of welding metals in glove 
boxes or under a blanket of inert gases are now 
widely used. The vacuum-pump industry, and pump 
construction itself has profited greatly from wide- 
spread applications of a vacuum, and from the large 
size of the rooms to be pumped free of gases. Fin- 
ally, a very bright horizon has opened to the con- 
temporary electro-metallurgist for the winning and 
purification of at least a dozen elements, with a 
solid cathode deposit. He can look with enthusiasm 
to the enormous new fields stretched out before him, 
and predicted fifty years ago by Richard Lorenz. 
This is what titanium has done for the advancement 
of technology. 
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Tethnical Note 


planned experimental program. However, the 
general problem is considered of sufficient interest 
to warrant reporting those preliminary results 
actually obtained. 


EXPERIMENTAL PROCEDURE 


Interface carbide layers were formed by melting 
samples of cleaned uranium metal in small closed 
graphite crucibles. Equilibrations were conducted 
in vacuo or in an atmosphere of dry helium at 
temperatures ranging from 1150° to 1400°C and for 
periods of from 24 to 240 hr. 
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At the conclusion of an equilibration the crucible 
was sectioned, and the dimensions of the interface 
zone were measured by means of a special micro- 
scope. The reproducibility of this instrument was 
+0.001 cm. 

After the dimensions of the reaction layer were 
measured, the uranium content of this layer was 
determined by standard analytical techniques. 

Samples of the interface products were removed 
for X-ray analysis, and in one instance where the 
layer was sufficiently well-developed, a sample was 
also taken for metallographic examination. 


RESULTS 


X-ray analyses of the carbide layers gave evidence 
only of UC at 1150°, 1200° and 1300°C. In the 1400°C 
sample traces of UC, were found. 

In only the 1400° sample could a part of the carbide 
layer be separated from the crucible wall and 
mounted for metallographic examination. In this 
single sample was seen a matrix phase which etched 
light, containing a fine needle-like precipitate which 
etched dark. Mallett* has observed similar interface 
layers, and from his results it seems probable that 
the light and dark phases were UC; and UC respec- 
tively. This one microstructure observation is not 
consistent with the X-ray analyses; however, further 
experiments to resolve this difference could not be 
completed. 

Clearly the interface layer grew in thickness at 
the expense of both graphite crucible and molten 
metal. On the other hand, metallographic examina- 
tion of the melt showed that the interface layer it- 
self was not stable, but rather eroded into the molten 
metal as small discrete particles of the monocar- 
bide. Most of this suspended UC was found to liquate 
to the top of the melt. 

The sum result of the growth and erosion proc- 
esses was found to be an increase in thickness at 
all times and temperatures studied; the data are 
summarized in the accompanying figure. The verti- 
cal bar represents the maximum range of thickness 
which one calculates using the analytical results of 
the uranium concentration in the layer assuming this 
uranium to be present either as all UC or all UCsz. 
The small circle represents the mean thickness as 
measured directly. Directly measured values at 
1200°C were obtained only with difficulty since the 
carbide layers were poorly differentiated from the 
graphite at this temperature; thus, of the 1200°C 
data, the calculated values are the more reliable. 
Similarly, direct measurements could not be ob- 
tained at all on the 1150°C sample. 

The results clearly indicate that over periods of 
up to 10 days, the carbide layer between melt and 
crucible steadily increased in thickness in a manner 
characteristic of the temperature. 

One preliminary equilibration was conducted at 
1450°C for the purpose of comparing graphite 
samples having different physical properties. 
National Carbon Co.’s grades AUC, CS, and AGR, 
Speer Carbon Co.’s grade 886-S and General Electric 
Co.’s grade D were compared on the basis of meas- 
ured differences in density and open porosity. 
Grades AUC and AGR showed smaller amounts of 
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carbide growth than the other materials; however, 
this result did not correlate in an obvious manner 
with the measured physical properties. The grade D 
material supported a large carbide-layer growth 
and this observation is consistent with the known 
lesser degree of graphitization of this grade. 


CONCLUSIONS 


It has been shown that when molten uranium con- 
tacts graphite, a continuous carbide layer clads the 
graphite. This layer probably protects the graphite 
against more rapid corrosion, but is itself not stable 
toward molten uranium. 

These results suggest that further study should be 
directed toward the pertinent fundamental reactions. 
These evidently include diffusion of uranium and 
carbon through the interface layer and the erosion 
of the layer by molten metal. 

It must be emphasized that results of this pre- 


liminary experiment pertain directly only to a small- 


scale static melt. Care must be exercised in apply- 
ing these data to practical systems since actual cor- 
rosion behavior in larger melts will be profoundly 
influenced by such parameters as the surface-to- 
volume ratio and the degree of circulation within the 
molten metal. 
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The Use of Controlled Solidification in 
Equilibrium-Diagram Studies 


It is shown theoretically that the use of controlled solidification 
in phase-diagram studies enables the determination of liquidus and 


solidus surface plus tie-lines for a polycomponent alloy. 


Tue conventional techniques’ for determining the 
liquidus and solidus surfaces of an alloy system con- 
taining more than two components are extremely 
tedious to use and do not provide a complete picture 
of the equilibrium relations between solid and liquid 
alloys. These techniques are unable to yield ‘‘tie- 
line’’ information concerning solid and liquid phase 
equilibrium, a very important parameter in the 
solidification description of the liquid alloy and a 
very necessary parameter in the preparation of 
‘‘zone-levelled’’ alloy crystals. The tie-line ina 
polycomponent system is analogous to the partition 
coefficient, k, in a binary system, it gives the com- 
position of the solid, Cs, in equilibrium with a liquid 
of composition Thatis, Cs = where Cy 

= [C°, C’,...C”] denotes the concentrations of the 

n + 1 constituents, and k = ko ,...k5] denotes the 
gross partition coefficient for the elements between 
the two phases; thus, F is the tie-line in this system. 

To provide complete information concerning the 
two-phase equilibrium in a polycomponent system it 
is necessary to know both the liquidus surface and 
the gross partition coefficient. From these two the 
solidus surface is obtainable. The conventional 
techniques are unable to provide this information in 
other than a binary system so we must look else- 
where. 

In recent years considerable insight has been 
gained into the correct description of the liquid-solid 
transformation,”* and controlled solidification ex- 
periments may now be designed to both facilitate and 
enhance equilibrium diagram studies. In the present 
paper consideration is given to two methods for ob- 
taining the liquidus surface and the tie-lines in poly- 
component systems. 

The methods to be described below deal with the 
solidification of an m + 1 constituent liquid alloy of 
initial composition [C$, Co,...Co], where the super- 
scripts refer to the elements present and the Ot 
element is considered as the solvent in which the n 
solutes are dissolved. The general assumptions 
made in the treatment are the following: 

(i) the solid and the liquid at their interface are 
in equilibrium during the growth of the solid phase, 
(ii) there is no diffusion in the solid phase, and 
(iii) the liquid phase is completely mixed and is 

therefore homogeneous in concentration. 


METHOD I 
In this section a general experimental method will 
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be described which, in principle, is capable of giving 
an exact description of the liquidus surface and tie- 
lines. 

Consider the unidirectional solidification of the 
liquid alloy specimens L cm in length (freezing 
either horizontally or vertically). Allow the sample 
to be frozen very slowly from one end, as indicated 
in Fig. 1, with complete mixing in the liquid, and 
then analyze the solid bar to determine its chemical 
constitution as a function of position, x, along the 
bar. 

Let Fig. 2 represent a possible distribution of the 
it constituent along the bar. At the point x’ the 
concentration of the ith constituent is C(x’), and the 
average concentration of the rest of the bar between 
x’ and L is given by Ci(x’— L) where 


Ch = ? [1] 
J A(x) dx 


and A(x) is the cross-sectional area at x. In a simi- 
lar manner.all the Ci(x’ — L) may be determined. 
Thus, the gross partition coefficient k for liquid of 
composition [C§(x’ L),...C3(x’ L)] is given by 


C3 L) 


kR=< [2] 


ko = C3(x')/C3(x' L) 


During the freezing of a charge of length L, the 
liquid composition may vary over a wide segment of 
the phase diagram and the gross partition coefficient 
over this segment of the phase diagram may be de- 
termined from one bar. Fig. 3 illustrates the mag- 
nitude of C4(g)/Cé as a function of the fraction g of 
the bar which has solidified.” We can see that the 
concentration in the bar will vary over a range of 
about 15 wt pet for Ci = 10 wt pct and ko = 0.5. It 
appears that 4 or 5 specimens would be adequate to 
study a simple binary eutectic phase diagram. 


Solid Liqui 
SAL Yi} 
O i= L 


Fig. 1—Unidirectional solidification of a completely mixed 
liquid utilized in Method I. 
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Fig. 2—Illustration of ith constituent distribution, CLs 
along the length of the solidified bar. 


During the freezing of the alloy, the temperature 
as a function of position and time in the liquid and 
solid may be determined by various means. The in- 
terface position may also be determined as a func- 
tion of time. Thus, the temperature of the interface 
as a function of time, T; (ft), may be determined and 
translated into T;(x’). Since the concentration of 
the liquid can be determined when the interface is at 


x', the temperature of the interface, T;([C%(x’- L), 
...C3(«° — L)]), is the liquidus surface over the same 
segment of the phase diagram for which the k4 have 
been determined. By starting with liquids of different 
initial composition, the complete liquidus surface 
with tie-lines may be determined for the z + 1 com- 
ponent system. 

The foregoing discussion applies to liquid alloys 
that can be contained in a crucible without reacting 
chemically with the crucible during the solidification 
process. However, in some systems, the liquid alloy 
may be very chemically reactive and melting can 
only be carried out in the absence of a crucible. In 
this case a molten zone of length 7 and composition 
[Coo5---Coo] can be created in a bar of average com- 
position [Co,...C¢] at the position x = o and moved 
slowly, under complete mixing conditions, to the 
position x = L. Here, the C{y may be greater or 
less than the Co. This alloy bar can be analyzed 
chemically between x = 0 and x = L yielding 


= 1C9(x")/ — L) - 1) C2 


o3 


= L)=(L=x'=1) Ch] 


provided the cross-sectional area, A, along the bar 
is constant. By measuring the temperature of the 
interface as a function of x’, the liquidus surface 
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0.4 0.6 0.8 
Fraction Solidified ,g,—= 


O 0.2 


Fig. 3—Theoretical curves showing the ratio of the ;th 
constituent concentration in the solid, C; (g), to the initial 
concentration, Ci, as a function of the fraction solidified, g. 


over this segment of the phase diagram can also be 
determined. 

The types of phase boundaries existing in the sys- 
tem can be readily determined by considering the 
k(x) as follows: 

(i) complete solid solubility—all the kj (x) are 
continuous in %, 

(ii) p-phase eutectic—p of the ko (x) suffer a dis- 
continuity at some x’ and become equal to unity at 
x > x’, the other + 1 — p do not (a binary eutectic 
gives p = 2), : 

(iii) p-phase peritectic—p of the ko(x) suffer a 
discontinuity at some x’ increasing to a value less 
than unity; (a binary peritectic gives p = 2). 

In addition to the foregoing chemical analysis, ad- 
ditional or confirmatory information may be gained 
from a) the interface temperature analysis and b) 

a metallographic analysis. The metallographic 
analysis will probably be very necessary for de- 
termining immiscibility gaps in the liquid phases. 


METHOD II 


By a careful synthesis of cooling curve data for 
an alloy undergoing the liquid-solid transformation, 
coupled with a knowledge of the solute redistribution 
in the two phases during freezing, an approximate 
liquidus surface plus tie-lines for a polycomponent 
alloy may be uniquely determined. 

Consider the cooling of a cylinder of liquid alloy 
of radius R as shown in Fig. 4. Place a thermo- 
couple in the center of the liquid as indicated and 
allow heat to be extracted at the rate of g cal per 
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Di penton Thermocouple Tube 


Freezing 


Fig. 4—Diagram- 
matic representa- 
tion of the radial 
solidification of 
cylinder of liquid 
utilized in Method 
Il. 


Cylinder 
of Liquid 


Volumetric cooling rate = q 


Sq cm per sec from the peripheral surface. Allow 
stirring to completely mix the liquid and let qg be 
Small enough that a negligible temperature gradient 
exists in the liquid. Fig. 5 represents a typical cool- 
ing curve for an alloy in which the solutes depress 
the liquidus. 

Since the rate of heat extraction is constant, the 
volumetric freezing rate will be approximately con- 
stant (provided the latent heat evolution is much 
larger than the specific heat release). The volu- 
metric freezing rate, dv/dt, is given by 


at to—t, Vis [4] 


where V is the initial volume of the liquid, v is 
volume of liquid at the time ?¢, ¢, is the time for 
start of freezing, t, the time for end of freezing, L 
the latent heat of fusion per unit volume of the 
alloy, and S the surface area of the cylinder in sq 
cm. 
The initial freezing temperature, T,, (liquidus 
point at the initial composition [Co,...Cj]) may be 
obtained from the cooling curve in the conventional 
manner. As freezing occurs, however, partitioning 
of solutes between the two phases will occur and the 
liquid composition will be altered. The concentration 
of the 7th constituent in the solid at the interface, 
Ci(0), as a funetion of the fraction solidified, g, is 
given to be 


Ci(0) 


ki-1 
—=ké(1-g)° [5] 
Gi ( 


where the concentrations are in units of solute per 
unit volume of solution.” The change in the equilib- 
rium temperature, AT ;, due to the change in the 
concentration of the 7 constituent in the liquid at 
the interface, Ci} (0) = Ci(0)/k4, with g is given by 


AT; = mj[C;{0) - Co] [6] 


where m i is the liquidus slope for the ith constitu- 
ent defined as (87/8Cd)cr.ce on the liquidus sur- 
face while holding all the other solute concentrations 
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Fig. 5—Typical time-temperature cooling curve for a 
liquid alloy. 


constant. This slope may be determined by finding 
the variation of T, due to a change of C$ (see below 
and Fig. 6). Due to the partitioning of all the n 
solutes at the interface, the change of interface tem- 
perature AT7, is 


n 


AT;(t) = 


z=1 


n 
AT}(t) mics 


[7] 


In general we may expect m} and k{ to be func- 
tions of Co; however, in order to simplify the an- 
alysis let us assume that (dmz/0C}), = (0k}/8Co),= 0. 
The parameter x which is held constant is [Cs Casr 
From this assumption, if cooling curves are run on 


Cooling Curve 


Temperature 


te 
Time 


Fig. 6—Cooling curves for liquid alloys of initial concen- 
trations C; and (Cj +AC)). 
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two alloys differing in initial concentration by only 
ACé such as illustrated in Fig. 6, the difference in 
AT at fixed ¢ for the two curves is due entirely to 
the partition of the excess ACi. The difference in 
the initial freezing temperature for the two alloys 

may be used to give m a Thus, 


AT, Ci) — + = ACE 
x 1] 


where mj} and ki are the average values over the 
range Ci to (Ci + ACj). From Eq. [8] we have 


[8] 


= In + = In (mj ACi) 
1)In (1 - g). 


The parameter 9‘ can be plotted against In (1-g) 
and ko may be determined from the slope of the 
line. From the intercept a check may be had on 
m:. Thus, without making a chemical analysis of 
the sample, both the m/, and the kj may be deter- 
mined. By making a chemical analysis of the solid 
cylinder as a function of radius, the technique de- 
scribed in ‘‘Method I’’ may be used to check the 


LIMITATIONS 


The main limitation to the methods described here 
lie in the ability to fulfill assumption (iii). The er- 
rors in the first two assumptions should be negligible 
in most cases and may be ignored. 

If the liquid is being well stirred but the mixing not 
quite complete, the concentration of the ith constit- 
uent will be independent of position at any specific 
time except for a very thin convectionless layer of 
thickness 6 adjacent to the solid-liquid interface, 


| 
| 


(x) 


C, (0) | 

i | x 

2 

| 

| 

f | -Convectionless 


| 
| 
Layer 


Distance, x 


Fig. 7—Diagrammatic representation of the ith constituent 
solute distribution in the solid and the partially mixed 
liquid. 
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Fig. 8—Diagrammatic representation of the degree of con- 
stitutional supercooling existing in the liquid ahead of the 
solid-liquid interface when the liquid is not completely 
mixed. 


see Fig. 7. During freezing there will be some ef- 
fective partition coefficient k’, for the ith solute 
between the two phases which may be different from 
the equilibrium partition coefficient, ké, for the i‘ 
solute. Referring to Fig. 7 these partition coef- 
ficients are defined as 


ki 10 
= GO) [0] 
where c*(0) is the concentration of the i constit- 


uent in the solid at the interface, C;(0) the concen- 
tration of the zth constituent in the liquid at the in- 
terface and Cj(#) the concentration of the 7‘ con- 
stituent in the bulk liquid. For the case of unidirec- 
tional freezing with a planar interface these coef- 
ficients are related by Eq. [11].* 


ki 
ko + (1 —k2) exp (—u5/D’) 


= [11] 
where uw is the rate of advance of the interface and 
D* the diffusion coefficient of the it* constituent in 
the liquid. In order for ho<k’ <1.01 ko, the value of 
u6/D* must be less than 107*. Burton, et al.,* have 
shown that for germanium crystals pulled by the 
Czochralski technique’ at rotation rates of about 100 


rpm, the value of 5/D‘ is about 100. Thus the growth 


velocity would need to be about 10°* cm per sec in 
order that the partition coefficient be in error by 
less than 1 pct. As the alloy concentration increases 
D* decreases; thus it is likely that 6/D‘ can be re- 
duced to 10 due to this effect and a greater rotation 
rate so that wu = 107° cm per sec will introduce a 
negligible error in the Ro measurement. Experi- 
ments carried out on the Bi, Te3., Sey system where 
0 <y <3, yield 1.01 when 107 
per sec and the melt is inductively stirred.°® 

For the cylindrical specimen described in Method 
II, the outer shell will freeze first and the interface 
will advance at a rate which increases with time. 
If freezing begins at ¢,, then at ¢, + At the inter- 
face will be at position 7 = (R? — At du/ndt)'/* 
where R is the radius of the initial liquid. Thus, the 
freezing esd at the radius 7 is given by 
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ay. 
dt [12] 
The ratio of the initial freezing velocity, u(0), to the 


freezing velocity, u(g), after a fraction g has solidi- 
fied is v(g)/R, and therefore 


After about 20 pct of the liquid has solidified u has 
increased by only 10 pct. Thus, if (0) is small 
enough to let the determined 6 be in error by only 
1 pet, the values of $' for g < 0.2 in Eq. [9] will in- 
troduce no additional error in kj. From Eq. [9] it 
is also obvious that only values of kj = 0.1 may be 
determined with any accuracy from the slope of the 
o’ vs In (1- g) plot. 

Eq. [11] may be rearranged and logarithms? taken 


to yield 

1 1 ud 
Plotting In (1/k’ — 1) determined from Eq. [2] or. 
Eq. [9] against u for several values of u, both Ro 
and 5/D‘ may be determined. 

A second limitation connected to the complete 
mixing assumption is that the solid-liquid interface 
must be planar rather than cellular. If the solute 
build-up at the interface is enough to cause appreci- 
able constitutional supercooling, the interface will 
adopt a cellular shape’ and solute will be segregated 
at the cell boundaries. This will cause the partition- 
ing of solute between the two phases to have k’ 
which are not related to k, by Eq. [14], and thus 


[13] 


[14] 


cannot be determined by finding the dependence on uw. 


When the error in R4 due to incomplete mixing is 
about 1 pct the difference in the concentration of the 
liquid at the interface and far from the interface is 
about 107? C}(0). Thus, since C7(0) is generally 


less than 50 pct, the solute build up at the interface 
will be less than 0.5 pct. If the liquidus slope 

m;, =5°C per pct, the equilibrium temperature of the 
interface will be ~ 2°C below that of the bulk liquid 
(AT = 2°C) and, for a normal temperature gradient 
(about 10°C per cm) in the liquid, a zone of con- 
Stitutional supercooling will exist in the liquid adja- 
cent to the interface as illustrated in Fig. 8. To 
determine whether a cellular interface will form is 
a problem of considerable magnitude and it will not 
be treated here; however, if AT, could be lowered 
to about 0.1°C by stirring, cell formation could 
probably be eliminated. In the Bi, Te 3-y Sey alloys, 
the cells were eliminated by inductive stirring. 


CONCLUSIONS 


Two methods have been described to yield the 
liquidus surface plus tie-lines for a polycomponent 
alloy. The first method yields this information ex- 
perimentally without any theoretical knowledge of 
solute redistribution during solidification while the 
second method utilizes a combination of both ex- 
periment and theory. These techniques employ the 
use of controlled solidification of the alloy, the ac- 
curacy being limited by the completeness of the 
mixing in the liquid phase due to stirring. New ex- 
perimental techniques for stirring the liquid must 
be devised before these two methods may be utilized 
to best advantage. 
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Self and Interdiffusion in Liquid Zinc Amalgams 


The applicability of Darken’s theoretical relation between 
self and interdiffusion coefficients to diffusion in binary liquid- 
metal systems is verified for dilute zinc amalgams. The capil- 
lary reservoir technique and standard tracer methods were used 
to measure the self-diffusion coefficients of mercury and zinc 
and the interdiffusion coefficients as a function of composition 


and temperature; and electromotive force techniques were used 
to determine the thermodynamic activity of zinc in dilute Zinc 
amalgams at 30°C. The experiments were interpreted using a 


ternary diagram of the Hg-Zn-Zn* system. 


DarkeEn" has established the theoretical relation 
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between the self-diffusion coefficients and the 
Boltzmann-Matano or interdiffusion coefficient: 


dln 
D~ = (N,D,* + N,D,*) + N, [1] 


D~ is the Boltzmann-Matano or interdiffusion coef- 
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ficient; D,* and D,* are the self-diffusion coeffi- 
cients of components 1 and 2 at mole fractions N, 
and N,; and y, is the activity coefficient of com- 
ponent 2. This relation has been verified experi- 
mentally for solid binary alloy systems, »” but 
insufficient data have prevented verification for any 
liquid alloy system. There is no reason to suspect 
that the above relation would not be applicable to 
liquid alloys; but direct verification would complete 
the generality of the theory. 

An experimental study of diffusion in dilute liquid- 
zinc amalgams has been completed. The capillary 
reservoir technique and standard tracer methods 
were used to measure the self-diffusion coefficients 
of mercury and zinc and the interdiffusion coeffi- 
cient as a function of amalgam composition and 
temperature. Radioactive and were used 
as tracers. The Emf produced by a concentration 
cell was used to determine the thermodynamic ac- 
tivity of zinc in dilute zinc amalgams and after 
suitable calibration to measure amalgam composi- 
tions. The experiments and the results are con- 
sistent with Darken’s theoretical relation and are 
interpreted on a ternary diagram of the Hg-Zn-Zn* 
system. 


EXPERIMENTAL 


in the capillary reservoir technique*** diffusion 
occurs into or out of a small bore capillary of 
finite length which is closed at one end and opens 
at the other into an effectively infinite bath. The 
small bore of the capillary minimizes thermal con- 
vection; and the large reservoir increases the 
thermal stability of the system and allows main- 
tenance of the necessary boundary conditions. For 
a system in which the diffusivity is independent of 
concentration, the rate of diffusion of any component 
can be determined from the amount of that compo- 
nent which has either entered or left the capillary 
in a known time. 

The solution to Fick’s Second Law for diffusion 


into or out of a capillary for the boundary conditions: 


C(x, t) = C, (a constant) for x > 0, t = 0 

-= C_(a- constant) for x =.0; 

XG = the distance measured along the axis of 
the capillary from the open end 


has been given by Carslaw and Jaeger’ as: 


s 


C= xP [2] 
n=0 


Cay 


the average concentration of the diffusing 

species in the capillary after diffusion 

time, 

Co the initial concentration in the capillary 

C, = the concentration of the bath at any time or of 
the capillary after infinite time 

D_ =the diffusivity in units of length squared per 

unit time 
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Fig. 1—Diffusion cell and assembly. 


t = the total time 
L =the length of the capillary 


Eq. [2] was used exclusively to determine the diffusivity. 
The diffusion cell and assembly are shown in 
Fig. 1. The cell was a 2-in. pyrex tube closed at 
the bottom and fitted with a 50/50 joint at the top. 
The packing indicated in Fig. 1 minimized heat 
losses. A hole in the top permitted the entry of the 
capillary support rod. The alloy in the diffusion 
cell, designated Hg(Zn) in Fig. 1, was 27/2 in. deep 
and was covered with /. in. of water. When a dif- 
fusion run was not in progress the bath alloy was 
maintained at a negative potential of 12 v with 
respect to a platinum electrode immersed in the 
water to prevent preferential oxidation of the zinc 
which occurred after extended periods of time. 
The entire assembly was immersed in a thermo- 
statically controlled oil bath whose temperature 
varied +0.02°F. The temperature of the alloy 


Table |. Composition of Saturated Liquid-Zinc Amalgams 
As a Function of Temperature 


Composition, 
Investigator Temperature, °C Wt Pct Zinc 

Iggena’ 0 1.63 

Iggena 25 2515 
Crenshaw’ 25 PENG 

N. J. Zinc Co. 25 2.147 +0.01 

N. J: Zinc Co. 25 2.147 + 0.01 

N. J. Zine Co. 25 2.157 + 0.01 

N. J. Zinc Co. 25 22157 20.01 

Iggena 56 3.20 

Iggena 64.5 3.49 

Iggena 99 4.73 
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Table II. Concentration Cell Potential, Activity, and Activity Coefficient of Zinc for Various Zinc Amalgams at 30°C 


Wt Pct 
n EMF, Mv Zinc, azy of Zinc, y7, 

2 305 0.0675 0.004 (0.00004) 1.0000 14.800** 
1.908 0.0563 2.1118 

i 0.8507 15.110 
1.136 0.0341 7.5800 
0.947 0.0285 9.5455 
0.759 0.0229 12.036 17,380 
0.567 0.0172 15.782 7372 

0.2988 17.372 
0.486 0.0148 17.251 

: : 0.2671 18.047 
0.437 0.0133 18,438 

0.2438 18.331 
0.394 0.0120 19.752 
0.361 0.0110 20.890 

: 0.2021 
0.309 0.00942 22.830 0.1742 fies 
0.269 0.00821 24.418 0.1543 18.794 
0.216 0.00660 27.262 0.1241 18,803 
0.1865 0.00569 29.336 0.1059 18.611 
0 0.00419 33.128 0.0792 18.902 
0.110 0.00337 36.079 0.0632 18.754 

092 0.00282 38.340 0.05315 18.848 


*Assumed reference state: az, = 1. 
**Activity coefficient defined as: 


was measured with a calibrated mercury ther- 
mometer. The capillaries, which were from 2 to 

4 cm long, were made from precision-bore pyrex 
capillary tubing which was closed at one end. The 
open throats of the capillaries were ground flat. 
During a run the capillaries were rotated ina 

1-in. circle at a speed of four revolutions per hour. 
Other isothermal runs made at zero, one, and six 
revolutions per hour in the temperature interval 
30° to 50°C yielded similar results to the runs made 
at four revolutions per hour. 

High-purity mercury and zinc were used. The 
mercury, supplied by Goldsmith Bros., was A.C.S. 
Reagent Grade; and the zinc, obtained in the form 
of cast rods from the New Jersey Zinc Co., ana- 
lyzed: Pb < 0.0002 pct, Cd < 0.00005 pct, and 
Fe < 0.0003 pct. Radioactive zinc® and mercury”? 
were obtained from the U.S. AEC, Isotope Divi- 
sion, Oak Ridge, Tenn. 

The alloys were prepared either by electrolysis 
or by dissolving solid zinc in mercury using a 
method described by Crenshaw.” Tracers were 
introduced by electrolysis of a 0.5M solution of 
either ZnCl, or Hg(NO;), to which the appropriate 
tracer had been added. 

The composition of the dilute zinc amalgams was 
determined by measuring the Emf produced at 30°C 
by the concentration cell: 
Hg(Zn) (Saturated) | Zn++ (0.1M) | Hg(Zn) (Dilute) 
The saturated amalgam was the reference electrode, 
and a 0.1M solution of ZnSO, was the electrolyte. 
The cell was calibrated using dilute amalgams of 
known composition which were prepared by diluting 
a known quantity of liquid amalgam, saturated at 
30°C, with a known quantity of pure mercury. The 
composition of the saturated amalgam was deter- 
mined graphically from the data of Crenshaw* and 
Iggena” and the New Jersey Zinc Co. who measured 
the composition of saturated liquid-zinc amalgams 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


in the temperature range 0° to 99°C. Their results 
are shown in Table I. The reversible electromotive 
force developed by the cell is given in Table II for 
various compositions of dilute amalgams. Also 
given in Table II are the thermodynamic activity of 
zinc, @zn, and the activity coefficient of zinc, yz,, 
as calculated from the equations: 


[3] 


az 
Y2n = = [4] 


where n is the number of equivalents per mole, two 
in this case; F is the Faraday; E is the reversible 

cell potential in volts; R is the gas constant; and T 

is absolute temperature. The saturated amalgam is 
taken to be the standard state, a7, = 1. 


RESULTS AND DISCUSSION 


Self-Diffusion— The rates of self-diffusion of zinc 
and mercury, D #®") and respectively, 
were determined as a function of temperature and 
the zinc content of various amalgams. Table III 
gives the temperatures and compositions used. 
The self-diffusion coefficients were measured by 
determining the amount of tracer which had dif- 
fused out of a capillary and into a large bath. The 
bath alloy and the capillary alloy were of the same 
chemical composition, but the bath contained little 
or no tracer. For each temperature and amalgam 
composition reported, from ten to twenty determi- 
nations were made to obtain maximum accuracy 
and to establish the reliability of the experimental 
method. The self-diffusion coefficients were as- 
sumed to obey the Arrhenius relation; and the data 
were fitted to the equation: 


[5] 
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Table II]. Summary of Self-Diffusion Data 


Standard 
Activati Standard Deviation of 
Number of Mole Energy Zn* or He e verag 
Determina- Fraction 10*Do, at 30°C, 10°Say’ 10°Say/Vn, 
tions, n Wt Pct Zinc Zinc Nzn Tracer per Mole Sq Cm per Sec Sq Cm per Sec §qCm per Sec Sq Cm per Sec 
39 0.103 0.0032 Zn®5 1000 mt 1.95 0.24 0.07 
68 0.488 0.0148 Zn® 1500 1.8 1.49 0.16 0.04 
52 1.630 0.0484 Za°> 1900 3.4 1.33 0.13 0.04 
52 0 0 He 2400 6.0 1.06 0.17 0.04 
64 0.104 0.0032 He?" 2500 7.8 1.20 0.18 0.03 
43 0.473 0.0144 Hg? 1900 yy, 1.18 0.17 0.04 
54 1.456 0.0434 He??* 1600 1.5 1.01 0.14 0.03 


using the least-squares method for a straight line. 

Figs. 2 through 4 survey the results. Fig. 2 
shows the effect of temperature on Dae for 
three amalgam compositions, and Figs. 3 and 4 
show the effect of temperature on Diss Zn) in pure 
mercury and in three amalgams. The dotted lines 
in Figs. 2 through 4, markedS,,, represent the 
average standard deviation of a single determina- 
tion; the solid vertical lines indicate the maximum 
and minimum experimental values of the diffusivity 
at the temperature shown; and the small numbers 
are the number of determinations made at that 
temperature. 


0.103% Zn 


LOL 
1.630% Zn 

ile it l i 

3.0 3.1 3.2 33 34 35 

109/T(°k) 


Fig. 2—The temperature dependence of the self-diffusion 


coefficient of zinc in 0.1, 0.5, and 1.6 wt pct Zn amalgams. 
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Table II gives the calculated values of the activa- 
tion energy, Q, and the frequency factor, Dy, as well 
as the values of the diffusivity at 30°C as calculated 
from the Arrhenius relation. Also included are S,, 
and values of the standard deviation of the average. 
The average estimated uncertainty at a confidence 
level of 90 pct is 400 cal per mole for Q and 
0.10 x 10-* sq cm per sec for Do. The measured 
diffusivities are independent of the time of the ex- 
periment, which indicates that the necessary bound- 
ary conditions were maintained. 

The values of D, D,, and Q depend on the compo- 
sition of the amalgam. For the self-diffusion of 
zinc, D, and Q increase with increasing zinc content 
of the amalgam while jaa ee decreases. With the 
exception of the self-diffusion of mercury in pure 
mercury the values of D, and Q for the self-diffu- 
sion of mercury decreases with increasing zinc 
content; and D fi#(4") decreases less sharply than 
The dependence of D#8(2*) on composition 
is described by the equation: 18 


pite(2a) = 10-° (-2.73 N, + 1.17) sq cm per sec [6] 
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Fig. 3—The temperature dependence of the self-diffusion 
coefficient of mercury, 
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Fig. 4—The temperature dependence of the self-diffusion 
coefficient of mercury in 0.1, 0.5, and 1.5 wt pct Zn 
amalgams. 


Two previous investigations of-the self-diffusion 
of mercury in pure mercury have been made; and 
the values of D, and Q obtained are given in Table IV 
along with the values determined from this investi- 
gation. Hoffman’ used the capillary reservoir tech- 
nique and stirred the bath rather rapidly, and 


Table IV. Comparison of Do and Q for the Self-Diffusion of Mercury 


Do, Q, Cal 
Investigator Technique Sq Cm per Sec __ per Mole 
Hoffman!° Capillary 1.26 x 1074 1160 
Reservoir 
Nachtrieb & Petit!! Shear Cell 8.5 x 1075 1005 
This investigation Capillary 6.0 x 1074 2400 
Reservoir 


Nachtrieb and Petit** used a shear cell for their 
measurements. 

Interdiffusion—The rate of diffusion of zinc in the 
presence of a gross chemical concentration gradient, 
Dz, , Was measured at 30°C in the concentration 
intervals given in Table V. The zinc was diffused 
from the reservoir into the capillary. The concen- 
trations, C,, C,, and C,, necessary to calculate the 
diffusivity, were measured by two independent meth- 
ods in every diffusion run. The capillary alloy was 
prepared by diluting the bath alloy, making the ratio 
of radioactive zinc (Zn*) to nonradioactive zinc the 
same in both alloys. Thus, it was possible to meas- 
ure the amount:of tracer which had entered the 
capillary, and also, to measure the zinc content of 
the capillary using the concentration cell. 

The determinations of the interdiffusion coeffi- 
cient, DZ, at 30°C are summarized in Table V. 
Table V includes the average values of the diffu- 
sivities calculated both from the measurements of 
the amount of zinc* present and the concentration 
of total zinc as determined from the Emf measure- 
ments; -the composition intervals in which the 
measurements were made; the values of S,,; and 
the standard deviation of the average. The compo- 
sition dependence of the interdiffusion coefficient 
is evident. As the zinc content of the amalgam 
increases the interdiffusion coefficient decreases. 
As will be shown, the experimental values of the 
interdiffusion coefficient and the values calculated 
using Darken’s equation are very similar; and thus, 
the applicability of Darken’s relation to diffusion in 


Table V. Summary of Interdiffusion Data at 30°C 


Composition 


Standard 


Average Values 
Deviation of 


Standard 


i f DZn x 10°, 
Mole Fraction Mole Fraction Sq Capes Sec Sq Cm per Sec 
Wt Pct Zinc Zinc Wt Pct Zinc Zinc a b c 10°S av 10°S av/Vn 

0.955 0.0287 1.445 0.0430 1.25 1.16 eet 0.29 0.08 
0.535 : 0.0162 0.877 0.0264 - 1.39 1.39 0.10 0.04 
0.468 0.0142 0.927 0.0279 1.26 1.36 1.31 0.14 0.05 
0 0 0.536 0.0163 1.78 1.61 1.70 0.20 0.08 
0 0 0.927 0.0279 1.62* 0.14 0.08 


a—Data from radioactivity measurements. 
b—Data from emf measurements. 
c—Combined data from radioactivity and emf measurements. 


*_These values are not included in Fig. 5 because the concentration interval is large. 
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Table VI. Experimental Data for Effect of Volume Changes during Diffusion 


Radioactivity, * 


inc? ~ b 
Wt Pct Zinc 10°DFn 


Capillary Counts per Minute ; 

Sq C Sec 

Run No. Length, Cm Time, Sec foe (on Es Ce rare ieee q Cm per se 
451 3.661 + 0.003 30,600 3129 3129 3169 0.535 0.877 0.605 1.44 
3.731 + 0.003 30,600 3078 3078 3072 0.535 0.877 0.598 122 
3.691 + 0.003 30,600 3410 3410 3457 0.535 0.877 0.602 1.35 
452 3.661 + 0.003 45,000 3129 3129 3146 0.535 0.877 0.620 1.44 
3.731 + 0.003 45,000 3078 3078 3057 0.535 0.877 0.617 1.40 
3.691 + 0.003 45,000 3410 3410 3447 0.535 0.877 0.621 ok 


*All values corrected for background and decay. 
aDetermined from electromotive force measurements. 
bCalculated from wt pct zinc data. 


liquid-zinc amalgams is verified. 

There are two effects which affect the accuracy 
of the interdiffusion measurements; the variation 
of the diffusivity with composition, and the volume 
changes associated with the changes in composition. 
Wells® and Wells, Batz, and Mehl,® have shown that 
the variation of the diffusivity with composition is 
small enough to be ignored if small composition 
increment couples of 1 or 2 at. pct are used. There- 
fore, the solution to Fick’s Second Law for constant 
diffusivity, given by Eq. [2], was used. The diffusiv- 
ity obtained is equivalent to that obtained from the 
Boltzmann-Matano solution. 

The volume changes associated with a change in 
composition during diffusion were shown to be neg- 
ligible. For a composition difference of 0.5 wt pct 
Zn between two alloys the mass difference, for equal 
volumes as calculated from Crenshaw’s density data, 
is 0.33 pet. This is less than experimental error. 


T 


Dy 
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| it 
0 0.01 0,02 0.03 0.04 0.05 


MOLE FRACTION ZINC 


Fig. 5—Summary of diffusion measurements at 30°C. 
A —Self-diffusion coefficient of zinc. A —Self-diffusion 
coefficient of mercury. O—Interdiffusion coefficient. 
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However, experiments were performed to appraise 
the effect. In these experiments the alloys in the 
capillary and the bath had the same concentration 
of zinc* but different concentrations of total zinc, 
such that the zinc content of the capillary increased 
during diffusion. Fig. 6, in Appendix A, shows that 
for low concentrations of tracer if there is no con- 
centration gradient of tracer then there is no gra- 
dient of chemical potential; and the driving force 
for diffusion of the tracer is negligible. Therefore, 
the tracer content of the capillary should not change 
unless the volume expansion of the amalgam in the 
capillary due to gross composition change accom- 
panying diffusion is appreciable. In that case the 
tracer content of the capillary should decrease. 
Table VI gives the results of six such experiments. 
The apparent increase or decrease in tracer con- 
tent was about equal to the expected counting error 
and cannot be considered significant. On the basis 
of these data and the previous calculation, the vol- 
ume changes associated with interdiffusion were 
considered negligible. 


SUMMARY 


Fig. 5 summarizes the results of the experimental 
study of diffusion in dilute zinc amalgams at 30°C 
and shows that diffusion in dilute zinc amalgams can 
be described by Eq. [1]. The experimental values of 
the various diffusivities are plotted as a function of 
the mole fraction of zinc in the amalgam. The self- 
diffusion coefficients of zinc are indicated by the 
open triangles connected by the solid line marked 
D He(2n); and the self-diffusion coefficients of mer- 
cury are indicated by the solid triangles. The solid 
line marked Dee represents Eq. [6]. The open 
circles show the results of the determinations of the 
interdiffusion coefficient as measured in small con- 
centration intervals. These values are assigned to 
the average mole fraction for the concentration 
intervals used. The dashed lines, marked 
D7Zn caLcuLatep,» indicate the theoretical values of 
the interdiffusion coefficient calculated from Eq. [1] 
using the measured self-diffusion coefficients and 


the values of (1+ In ¥z, In determined 
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Table Vil. Data Used for the Calculation of Interdiffusion Coefficients 


Dee 
q Cm per Sec Oln Nz, Cm per Sec 

0.003 1.16 1.96 1.96 0.985 iB} 
0.015 1.13 1.49 1.48 0.925 1.37 
0.025 iad 1.41 1.40 0.875 123 
0.035 1.07 1.38 137, 0.833 1.14 
0.045 1.05 1.34 


1.33 0.830 1.11 


from the Emf measurements. Table VII gives the 
calculated values of the interdiffusion coefficients 
plotted as the dashed line in Fig. 5 as well as the 
values of the self-diffusion coefficients and the 
thermodynamic factors which were used for the 
calculations. 

The relative magnitudes of the various diffusiv- 
ities at 30°C and the effect of concentration on the 
diffusivities are evident in Fig. 5. The experimental 
values of DZ, lie between D He(2") and and 
approach Die(Zn) at low zinc Concentrations as 
Darken’s equation predicts. The degree of agree- 
ment between the experimental and calculated inter- 
diffusion coefficients indicates that Darken’s the- 
oretical relation between self-diffusion coefficients 
and the interdiffusion coefficient is applicable to 
liquid zinc amalgams. 


CONC LUSIONS 


1) The self-diffusion coefficients of mercury and 
zine were determined in the temperature range 10° 
to 60°C as a function of amalgam compositions be- 
tween 0 and 1.6 wt pct Zn. The data show a Satis- 
factory correlation with the Arrhenius relation; and 


WEIGHT PERCENT ZINC 


Fig. 6—The mercury-rich region of the Hg-Zn-Zn* 
ternary system at 30°C. 
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D, and @ depend on amalgam composition. 

2) The interdiffusion coefficient for dilute zinc 
amalgams was measured at 30°C as a function of 
amalgam composition. Approximate values ob- 
tained using small increment couples indicate that 
Dz, decreases with increasing zinc content. The 
experimental values of D>, are consistent with the 
values calculated using the self-diffusion data and 
Darken’s theoretical relation. 

3) The data indicate the applicability of Darken’s 
relation between self-diffusion and interdiffusion 
coefficients to diffusion in dilute liquid-zinc amal- 
gams. 
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APPENDIX A 


The Ternary System Hg-Zn-Zn*—A two compo- 
nent system containing a radioactive species of the 
same atomic number as one of the components is 
really a ternary system. Unless the tracer is con- 
sidered as a third component, experiments per- 
formed using tracers may not give the anticipated 
results. 

The experiments just described can be indicated 
on a ternary diagram of the Hg-Zn-Zn* system. 
Fig. 6 shows only the mercury-rich portion of the 
ternary system, and it represents liquid, single- 
phase amalgams only. The isoactivity lines for 
mercury, ordinary mixtures of zinc isotopes, and 
radioactive zinc®’ are shown. The solvent, mer- 
cury, is assumed to obey Raoult’s Law so that the 
activity of mereun y is equal to its mole fraction. 
The zinc and zinc* isoactivity lines were calculated 
from az, obtained from the electromotive force 
measurements in the mercury-zinc binary system, 
and the fact that a7, /Nz, = A line, 
such as YY’, passing through the pure mercury 
corner represents amalgam compositions in which 
the ratio of Zn*/Zn is constant. Actually, for clar- 
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ity, the line YY’ was drawn to correspond to a 
Zn*/Zn ratio very much greater than was charac- 
teristic of the experimental work. 

The experiments performed to determine the self- 
diffusion coefficients of zinc are indicated by the 
line AB in Fig. 6. Line AB represents alloys having 
the same mercury content. During diffusion the 
amount of zinc* in the capillary changed along the 
line AB in the direction B to A. The self-diffusion 
coefficients of mercury could be represented on an 
analogous diagram of the Hg-Hg*-Zn system. 

The experiments performed to measure the in- 
terdiffusion coefficients are also indicated in Fig. 6. 
In these experiments, the ratio of zinc* to zinc 
content was kept constant; and any diffusion couple 
can be represented by two points such as B and C 
along line YY’, The point C represents a typical 
bath alloy and point B a typical capillary alloy 
composition. 

The experiments performed to determine the ef- 
fect of volume change due to change of composition 
during interdiffusion are represented by a line such 


as BE. Line BE represents amalgam compositions 
which contain the same weight zinc*; and since 

line BE is practically parallel to the zinc* isoac- 
tivity lines there should be a negligible driving force 
for diffusion. ; 
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Critical Particle Size for Precipitation Hardening 


The tensile yield stress of various copper-cobalt alloys aged 
at various temperatures has been correlated with the precipitate 
particle size, which has been determined magnetically. It is found 
that in all cases the peak yield stress ts attained at an average 
particle radius of approximately 70A. The results are interpreted 
in terms of the internal stresses resulting from the coherence be- 


tween matrix and precipitate. 


Tue hardening of alloys by the precipitation of a 
second phase has long been an important technologi- 
cal process. One approach towards improving our 
understanding of this phenomenon has been a corre- 
lation of mechanical properties with such parameters 
as particle size and interparticle spacing.’ Several 
reviews of such data have appeared.*"* A major limi- 
tation to this approach has been that for most alloys 
the particles are submicroscopic in size in the range 
of optimum hardness. Precipitation-hardening cop- 
per-cobalt alloys, therefore, are of interest, because 
the ferromagnetic properties of the precipitate make 
it possible to measure particle size, number of par- 
ticles, and so forth, from magnetic measurements 
alone.” 

Livingston and Becker’ have applied these tech- 
niques to a study of precipitation hardening in an 
alloy of 2 pct Co in copper. It was found from mag- 
netic measurements that nearly all the cobalt to be 
precipitated was out of solution within a few minutes 
at 600°C, whereas the peak in tensile yield stress 
was not attained until a much longer aging time. 
Thus during the first 1000 min of aging time at 600°C 
the yield stress was increasing while a constant 
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volume of precipitate was coarsening, z.e., while 
particle size and interparticle spacing were increas- 
ing. Peak yield stress was reached at an average 
particle radius of about 70A. 

The earlier study was confined to one alloy at one 
aging temperature, so that the volume fraction of 
precipitate was fixed and, therefore, particle size 
and interparticle spacing could not be independently 
varied. The work has now been extended to several 
alloys of varying percentage cobalt in copper, and to. 
aging at various temperatures. It was hoped that 
such a study might clarify the relative importance to 
precipitation hardening of particle size, interparticle 
spacing, and volume fraction of precipitate. 


EXPERIMENT 


The alloys studied contained 0.7, 1.3, 2.0, and 3.2 
wt pct Co in copper. They were prepared from elec- 
trolytic copper and electrolytic cobalt in a vacuum- 
induction furnace, worked to 3/8-in.-diam rod, and 
machined into tensile specimens with a gage section 
1 1/2 in. long and 3/16 in. in diam. All specimens 
were given a solution treatment consisting of a 30- 
min anneal in nitrogen at 1000°C followed by a 
quench into iced brine. Subsequent aging was done in 
nitrogen and followed by a water quench. Average 
grain diameter was approximately 0.01 in. 
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Fig. 1—Change in tensile yield stress (stress at 0.1 pct 
plastic strain) with aging time at.various temperatures 
for an alloy containing 2 wt pct Co, balance Cu. 


Stress-strain curves in tension were taken as a 
function of aging time. These tests were performed 
at room temperature in an Instron machine at a 
strain rate of approximately 0.01 min™. The yield 
stress was defined as the stress at 0.1 pct plastic 
strain. The effect of varying the aging temperature 
on the yield stress-aging time curve is shown in 
Fig. 1 for an alloy of 2 pct Co. With increasing tem- 
perature the maximum yield stress decreases 
slightly and occurs at much shorter aging times. 
Fig. 2 shows the yield stress-aging time results at 
one aging temperature for various percentages of 
cobalt. The maximum yield stress increases regu- 
larly with cobalt content, but variations in time for 
peak strength are not marked. 

Magnetization curves on specimens given similar 
heat treatments were also measured as a function 


of aging time, using techniques described by Becker.” 


The initial susceptibility was used to determine the 
average precipitate particle size. The data were al- 
so plotted against reciprocal magnetic field and then 
extrapolated to infinite field to find the saturation 
magnetization. The saturation magnetization gives 
the total volume of cobalt precipitated. 

Saturation magnetization values obtained for the 
various alloys after extended aging at various tem- 
peratures have been used to establish the solubility 
limits of cobalt in copper at these temperatures. 
This method of determination is a slight improve- 
ment over that employed earlier by Tammann and 
Oelsen® because they measured only the magnetiza- 
tion at 8300 oersteds. Their measurements, which 
neglect the difficulty of saturating small ferromag- 
netic particles, may underestimate the magnetic 
material precipitated, and hence may overestimate 
the solubility limits. The solubility limits obtained 
with saturation magnetization measurements, listed 
in Table I, are somewhat lower than those obtained 
by Tammann and Oelsen, and are in substantial 
agreement with recent resistometric determinations 
by Knappwost.° 

The specimens after solution treatment are essen- 
tially nonmagnetic. However, if the use of the initial 
susceptibility as a measure of average particle 
volume is extended and applied to the extremely 
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Fig. 2—Change in yield stress with aging time at 600°C 
for alloys containing varying percentages of cobalt. 


small magnetizations observed after quenching, an 
estimate can be made of how much clustering of 
cobalt atoms has occurred as a result of the quench 
from 1000°C. By far the greatest amount of cluster- 
ing occurred in the alloy containing 3.2 pct Co, where 
an average of about &0 atoms per cluster was in- 
ferred from the susceptibility observed. Similar 
calculations indicate perhaps 10 atoms per cluster in 
the 2 pct Co alloy after solution treatment and less 
than that in the other two alloys. Present uncertainty 
in the saturation magnetization of such small parti- 
cles makes these numbers only rough estimates. The 
greater clustering in the alloy containing 3.2 pct Co 
is presumably the major cause of the higher yield 
stress observed after solution treatment, which is 
shown in Fig. 2. 

With aging at the elevated temperatures employed, 
it was found that in very short times the particles 
grew large enough so that the saturation magnetiza- 
tion of the sample could be measured. In agreement 
with earlier results® ” *° the saturation magnetiza- 
tion after very short aging times was nearly equal to 
the ultimate value achieved during aging. The meas- 
ured value was within 5 pct of the ultimate value 
within 15 min at 650°C, within 30 min at 600°C, and 
within 100 min at 550°C. Since the smallest particles 
are the most difficult to saturate, the saturation 
magnetization measured at short times is almost 


Table |. Temperature Dependence of the Solubility Limit of Cobalt 
in Copper as Determined by Saturation Magnetization Measurements 


Temperature Solubility Limit (Wt Pct) 
850°C 1.80 
800°C 1.20 
750°C 0.95 
700°C 0.70 
650°C 0.50 
600°C 0.35 
550°C 0.25 
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Fig. 3—Change in average particle radius (determined 
magnetically) with aging time at various temperatures for 
an alloy containing 2 wt pct Co. 


certainly an underestimate. Thus it seems fair to 
state that throughout each aging curve reported here 
we are dealing with the coarsening of a nearly con- 
stant amount of precipitated cobalt. 

The measured kinetics of this coarsening are 
shown in Figs. 3 and 4. The particle radius deter- 
mined from the initial susceptibility is a specific 
average taken over what is believed to be a fairly 
broad distribution of particle sizes.” ** For com- 
parision to the estimates above of the number of 
atoms per cluster after solution treatment, it may be 
remarked that a particle of 20A radius contains 
approximately 3000 atoms. 

The data in Figs. 3 and 4 can be fitted fairly well 
to a coarsening equation of the form v*-— 7.°= a x 
(¢ Here vr, and are the average particle 
radius and the aging time corresponding to the first 
data point on each curve, vy and? refer to all later 
data points, and a is a constant dependent on tem- 
perature and cobalt concentration. Greenwood” 
has considered the kinetics of such a coarsening 
process, where a decrease in the total surface 
energy acts as the driving force, and has derived a 
result of this form. These data and unpublished data 
obtained by Westbrook” on the coarsening of Ni,Al 
particles in a Ni-Cr-Al alloy are to the author’s 
knowledge the first data to confirm Greenwood’s 
predictions. 

Since measurement of particle size by these mag- 
netic techniques is limited to particle radii below 
approximately 60A, an extrapolation method was 
necessary to estimate particle radii at later aging 
times. The extrapolation used was as indicated by 
the straight line extensions in Figs. 3 and 4. The 
conclusions reached below, however, are insensitive 
to the method of extrapolation used. 

The data shown in Figs. 1 to 4 make it possible to 
plot the yield stress as a function of particle size 
for the various alloys and the various aging tem- 
peratures. Fig. 5 shows such a plot, and shows that 
in all cases the yield stress rises with increasing 
particle size until a particle radius of about 70A 
(+ 10A) is reached. Beyond this radius the yield 
stress levels off in a broad maximum and eventually 
decreases. 

In view of the importance of planar interparticle 
spacing to some of the existing theories of precipi- 
tation hardening, the data are plotted against this 
parameter in Fig. 6. The spacing has been taken as 
A = vf-’*/?, where y is the average particle radius 
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Fig. 4—Change in average particle radius with aging time 

at 600°C for alloys containing varying percentages of 

cobalt. 


and f is the volume fraction of precipitate. (This is 
a rough measure of the average planar spacing be- 
tween particle centers. To understand the appear- 
ance of the inverse square root, it suffices to note 
that f is also the area fraction of precipitate on any 
given plane, in particular on the slip plane.) 

For each alloy at each aging temperature, a maxi- 
mum yield stress is reached when the particles 
reach an average radius of approximately 70A. In 
Fig. 7 this maximum yield stress achieved during 
aging is plotted against f, the volume fraction of 
precipitate for the corresponding alloy and aging 
temperature. Since we are dealing here with a con- 
stant particle size, Fig. 7 can also be described as 
showing the increase of yield stress with decreasing 
spacing between particles of a given size. For most 
of the range of f studied it is seen that the yield 
stress increases only slightly less than linearly with 
f (approximately as f°/*). At about f = 0.02, how- 
ever, the hardening levels off. Beyond this point the 
particles are apparently so close together that they 
begin to interfere with each other’s effectiveness. 
For a more specific explanation of this and of the 
other results, we must now turn to a discussion of 
some of the existing theories of precipitation harden- 
ing. 
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Fig. 5—Variation of yield stress with average particle 
radius. 
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Fig. 6—Variation of yield pees with average planar in- 
terparticle spacing (A = rf~*). 


DISCUSSION 


Mott and Nabarro™ have developed a theory of pre- 
cipitation hardening based on internal stresses within 
the matrix caused by the misfit between the matrix 
and precipitate lattices. In their model, for constant 
volume fraction of precipitate, both the peak and the 
average amplitude of this internal stress are inde- 
pendent of particle size. A variation of yield stress 
with the degree of dispersion then arises only 
through their consideration of the limited flexibility 
of a dislocation. When the interparticle spacing be- 

- comes less than the radius of curvature to which the 
dislocation can be bent by the internal stresses, the 
effect of internal stresses of opposite sign in neigh- 
boring regions will partly compensate each other. In 
this way Mott and Nabarro explain underaging, the 
period before the aging time for peak strength. They 
predict achievement of peak yield stress at a critical 
planar interparticle spacing, this spacing varying as 
the reciprocal of the volume fraction of precipitate. 
It appears from Fig. 6 that the critical spacing for 
copper-cobalt does decrease with increasing volume 
fraction, but not as rapidly as predicted by Mott and 
Nabarro. The best and simplest description of the 
data seems to be that of a critical particle size.. 

To explain overaging, Orowan”™ has pointed out that 
when precipitate particles are far enough apart, slip 
can proceed by the passage of dislocations between 
the particles. This process, which leaves the par- 
ticles undeformed but encircled by loops of disloca- 
tions, was shown to require a shear stress of 2Gb/A. 
Here G is the shear modulus, 0) is the Burgers vector 
of the dislocation, and Ais the interparticle spacing 
in the slip plane. For an interparticle spacing of 
500A, this process in a copper alloy requires a shear 
stress of 64,000 psi, or a tensile stress of roughly 
150,000 psi. It is, therefore, concluded that the yield 
stress of these copper-cobalt alloys in the vicinity of 
the peak yield stress is insufficient to force disloca- 
tions between the particles. This is in agreement 
with the conclusion reached earlier from magnetic 
measurements’ that the cobalt particles in these 
alloys deform with the matrix. This evidence for 
particle deformation also suggests that cross- -slip 
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Fig. 7—Maximum yield stress attained during aging as a 
function of volume fraction of precipitate for the corre- 
sponding alloy and aging temperature. (For this calcula- 
tion the precipitate is assumed to contain 10 pct Cu.) 


around the particles, as has recently been observed 
around incoherent precipitates in an aluminum alloy,* 
is not prevalent in these copper-cobalt alloys. 

Geisler” has emphasized the need for complete 
coherence between matrix and precipitate for the es- 
tablishment of large-scale internal stresses. He 
showed an example of two aluminum alloys which had 
approximately the same type of particle dispersion 
except that in one the precipitate was coherent and in 
the other it was not. Only the former alloy showed 
appreciable precipitation hardening. 

The importance of complete coherence for opti- 
mum precipitation hardening has also been demon- 
strated for Al-Cu alloys by Silcock, Heal, and Hardy. * 
They have shown that the optimum hardness of an 
Al-4 pet Cu alloy coincides with the presence of the 
fully coherent GP [2] particles. The alloy rapidly 
loses its hardening when the GP [2] particles are re- 
placed by 6’ particles, which are only partially 
coherent.* Nicholson and Nutting, employing elec- 


*A partially coherent particle is matched to the matrix by a set of 
widely spaced dislocations. A completely coherent particle has no 
dislocations in its interface. 


tron transmission through thin foils of Al-Cu, have 
obtained micrographs showing directly the presence 
of extensive internal stresses in the matrix sur- 
rounding GP [2] particles. Partially coherent 6’ par- 
ticles show no such strain field surrounding them. 
Geisler” suggested that the internal stresses as- 
sociated with complete coherence will increase as 
the particle grows until it reaches the size at which 
it loses complete coherence. In Mott and Nabarro’s 
model the internal stresses are independent of parti- 
cle sizé, where they have assumed that at all particle 
sizes the precipitate has its equilibrium composition 
and is unstrained, and hence has its equilibrium 
lattice parameter. However, if smaller particles are 
forced to conform more closely to the matrix spacing 
than are larger ones, then the internal stresses in 
the matrix will increase as the particles grow. 
Silcock, Heal, and Hardy” have evidence that the 
misfit between matrix and particle for GP [2] zones 
in Al-Cu does increase with increasing particle size. 
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The limit the internal stresses can attain is then 
reached at the size at which the particles begin to 
lose complete coherence. Geisler’ felt that this loss 
of coherence was the major cause of overaging. A 
particle will lose complete coherence when its 
smallest dimension becomes comparable with the 
spacing between dislocations adequate to join the un- 
strained lattices of matrix and precipitate.” 

This size can be estimated for cobalt particles in 
copper. It is known from magnetic measurements 
that the particles are equiaxed in shape™ and face- 
centered cubic in structure, with their crystal axes 
aligned with those of the copper-rich matrix.*” ™ 
The equilibrium room temperature lattice constants 
of copper and fcc cobalt are 3.615A and 3.552A, re- 
spectively. Allowing for about 10 pct Cu in the cobalt 
precipitate, the precipitate-matrix mismatch is ap- 
proximately 1.6 pct. These lattices can be brought 
together with a network of dislocations of Burgers 
vector b and spacing 62b. If we assume the disloca- 
tions to have [110] Burgers vectors, the dislocation 
spacing would then be 160A. The experimentally 
determined critical particle diameter is 140A. The 
closeness of these two dimensions may be in part 
fortuitous, but the fact that they are of the same or- 
der of magnitude is believed to be significant. ; 

It is felt that the data presented here support the 
viewpoint that internal coherence stresses are the 
major cause of precipitation hardening in copper- 
cobalt alloys. It is suggested that the critical par- 
ticle size observed corresponds to maximum internal 
coherence stresses. This is the size at which the 
particles begin to lose complete coherence, 7.é., 
when the first dislocation appears in the particle- 
matrix interface. 

The internal-stress model pictures each com- 
pletely coherent particle as surrounded by a region 
of highly stressed matrix. This internal stress in- 
creases as the particle is approached, and at the 
surface of a cobalt particle in copper the shear 
stress may reach as high as 1.6 pct of the shear 
modulus, or 100,000 psi. It may never actually 
achieve this value, but it is clear that with the 
internal stress model there are possibilities of 
considerable hardening even when the mismatch 
between matrix and precipitate is slight. 

As emphasized by Mott and Nabarro, the signs of 
these internal stresses are different on opposite 
sides of the particle. Perhaps the results of Fig. 7, 
Showing a leveling off of maximum yield stress with 
increasing volume fraction of precipitate, are an in- 
dication of the overlapping of the stress fields sur- 
rounding neighboring particles. 

An alternate explanation of the source of precipi- 
tation hardening is the chemical strengthening effect 
recently discussed by Kelly and Fine.” However, the 
experimental results reported here and the published 
results on Al-Cu alloys suggest that when internal 
coherence stresses are present, their contribution to 
the hardening is predominant. 

It should finally be pointed out that although the 
results reported here are new, and although some of 
the specific points of the discussion are new, the 
concept of a critical particle size for peak strength 
is as old as the classic paper on precipitation 
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hardening by Merica, Waltenberg, and Scott.” In this 
paper, presented in 1919, they wrote: 

“There is, therefore, a certain average size of 
particle...for which the hardness of the material is ~ 
a maximum; atomic dispersion of the solute...is not 
the dispersion that produces the maximum hardness, 
but some intermediate between it and that at which 
the particles become visible by ordinary means.” 


CONC LUSIONS 


1) For copper-cobalt alloys aged in the vicinity of 
600°C, saturation magnetization measurements indi- 
cate that after the first few minutes of aging we are 
dealing only with the coarsening of a nearly constant 
volume of precipitated cobalt. 

2) Magnetic measurements were used to determine 
particle size at various aging times, and the ob- 
served kinetics of the coarsening follow fairly well 


the form predicted by Greenwood” for such a process. 


3) During this coarsening, the tensile yield stress 
continues to rise for a considerable time. For the 
various percentages of cobalt and for the various ag- 
ing temperatures, it is found that the maximum yield 
stress is reached at approximately the same particle 
radius. This radius is about 70A (+ 10A). 

4) The observations are interpreted in terms of 
the internal stresses resulting from the coherence 
between matrix and precipitate. It is suggested that 
the critical particle size for peak yield stress is the 
size at which the particles begin to lose their com- 
plete coherence. A theoretical estimate of the size 
at which this should occur is in good agreement with 
that experimentally observed. 
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Evaluation of Properties Obtained from an 
Air-Induction and Vacuum-Arc Melted 


High-Temperature Alloy 


Two heats of laboratory-melted W-545 alloy, one air-induc- 
tion melted and the other vacuum-arc melted, and two heats of 
pilot-plant produced alloy, one air-induction melted and the other 
vacuum-arc melted were evaluated as follows: quadruplicate 
tensile tests at room temperature and 1200°F, and quadruplicate 
stress-rupture tests at 1200°F, 80,000 psi, and 1300°F, 65,000 


pst. A simple decision technique for quantitatively rating the 
melting methods from the properties obtained is presented. The 


J. Bulina 


results indicate that properties obtained from vacuum -arc 


melted material are 13 pct superior. 


Since the inception of vacuum cold-hearth arc 
melting of high-temperature alloys (about 4 years 
ago) it has been theoretically reasoned and qualita- 
tively found that better mechanical properties are 
often obtained from alloys which have been melted 
by this practice. Mechanical properties are 
emphasized in this evaluation because of their im- 
portance in design. Vacuum-arc melting has an 
intrinsic advantage in that it creates an ingot grain 
structure which is easier to forge and thus leads to 
greater yields for the finished product. The greater 
yield naturally gives the process an economic basis 
when the cost per pound of alloy is rather high. 
However, the question stressed here is, does the 
process create an alloy with inherently better 
properties ? There are several theoretical reasons 
' for suspecting that it does. One is the vacuum re- 
fining which should permit lowering the content of 
harmful residuals with high vapor pressures. A 
second is the vacuum process which should pre- 
clude the formation of harmful distribution of 
oxides, nitrides, or carbo-nitrides, by keeping the 
amount of such constituents formed to a minimum. 
A third is the vacuum-arc cold-hearth method 
which prevents the possibility of pick-up of harmful 
elements from a refractory crucible since none is 
used. Fourth, the rapid solidification rate, induced 
by having a cold mold and only small amounts of 
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molten metal at any one time, minimizes the segre- 
gation of elements like titanium, aluminum, and mo- 
lybdenum from the top to the bottom of the ingot. 
This rapid solidification rate also decreases the 
tendency of the above elements to form undesirable 
phases by segregating locally. Another less fre- 
quently considered vacuum-arc melting advantage is 
the inherently finer-grained ingot structure which 
can be produced. Finer initial grain size leads to 
better forgeability, and means that after relatively 
small reductions to billets or final forged products 
a finer-grained material is obtained, which, by vir- 
tue of its finer grain size, would usually have greater 
stress-rupture ductility. 


Table |. Percent by Weight Chemical Analysis of Four 
W-545 Heats Investigated 


Heat 
Desig- 2 
nation Si 


PA 0.035 0.41 1.73 26.3 13.7 1.35 0.055 2:80 Bal 
PC 0.024 0.32 1.50 26.4 13.9 1.68 0.058 2.83 Bal 
LA 0.026 0.32 1.54 25.1 12.3 1.57 0.054 2.79 Bal 


PA means pilot-plant air-induction melted. 
PC means pilot-plant vacuum-arc melted. 
LA means laboratory air-induction melted. 


LC means laboratory vacuum-arc melted. 
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Table Il. Tensile Properties of Laboratory Vacuum-Arc Melted and Air-Induction Heats* 


ASTM Hardness, 
Heat 0.2 Pct Yield Ultimate Elongation Grain R, at > 
Designation Test Temp. Strength Strength in 1 In. Red Area Size Room Temp. 
LA-1 Room temp. 126,600 psi 175,700 psi 21.0 pet 35.3 pet 7 37 
LA-2 Room temp. 122,500 171,900 20.5 34.2 - 35 
LA-3 Room temp. 129,500 176,300 21.0 36.1 _ 37 
LA-—4 Room temp. 125,000 173,700 - 35 
LA-5 1200°F 112,200 132,400 14.2 34.6 ~ 37 
LA-6 1200°F 114,900 138,100 Sed 42.3 - 37 
LA-7 1200°F 112,800 127,700 14.2 29.6 - 36 
LA-8 1200°F 107,000 125,600 14.7 26.1 ~ 35 
LC-1 Room temp. 125,300 174,600 22.0 36.0 7 36 
LC-—2 Room temp. 127,000 176,300 21.0 38.1 - 37 
LC-3 Room temp. 123,300 174,500 2T:5 36.8 - 36 
LC-—4 Room temp. 128,500 178,100 36.8 37 
LC—5 1200°F 110,700 131,400 16.3 39.2 - 37 
LC-6 1200°F 120,900 133,100 15.6 38.4 - S¥/ 
LC-7 1200°F 114,700 134,500 20.2 42.3 - 38 
LC-8 1200°F 114,200 134,300 19,1 42.2 - 38 
*Specimens obtained from forged %4-in.-round bar stock. 
LA refers to air-induction heat. 
LC refers to vacuum-arc heat. 
‘2 3" < 
3-16 
il iy. 
3" " 3" 


Fig. 1-A—Sketch of tensile specimen. 


Fig. 1-B—Sketch of combination bar stress-rupture Specimen. 


Thus the purpose of this investigation was to begin 
to quantitatively define the difference in mechanical 
properties obtained between air-induction melting 
practice and vacuum cold-hearth arc melting, for 
the class of materials commonly known as wrought 


high-temperature super-alloys. The alloy chosen to 
be evaluated was W-545 which is a new iron-base 
precipitation hardening version of alloys widely used 
today for such applications as jet engine turbine 
rotors and bolts. 


Table Ill. Tensile Properties of Pilot-Plant Vacuum-Arc Melted and Air-Induction Heats* 


ASTM Hardness, 
0.2 Pct Yield Ultimate Elongation Grain Re at 
Heat Designation Test Temp. Strength Strength in 1 In. Red Area Size Room Temp. 
PA-1 Room temp. 125,600 psi 165,400 psi 13.0 pet 17.9 pet 2 35 
PA-2 Room temp. 128,700 168,500 12.0 16.8 - 36 
PA-3 Room temp. 131,000 169,500 14.0 15.8 - 36 
PA-—4 Room temp. 128,500 170,000 15.5 19.4 ~ 37 
PA-5 1200°F 108,400 126,400 11.9 PA! - 35 
PA-6 1200°F 110,900 130,900 12.6 20.5 = 36 
PA-7 1200°F 115,800 127,700 10.4 22.0 = 36 
PA-8 1200°F 108,900 127,700 12.7 21.5 - 35 
PC-1 Room temp. 124,000 170,300 18.0 26.1 4 36 
PC-2 Room temp. 119,800 165,500 1725 D222 - 36 
PC-3 Room temp. 123,300 169,100 16.0 23.4 - 36 
PC—4 Room temp. 119,500 164,200 18.5 19.8 = 36 
PC-—5 1200°F 110,700 127,100 12.0 24.5 - 36 
PC-—6 1200°F 107,900 126,100 12.0 23.4 _ 36 
PC-—7 1200°F 106,600 122,500 16.4 28.5 = 36 
PC-8 1200°F 107,500 122,700 fer 25.4 - 36 


*Specimens obtained transverse to working direction from billets reduced approximately 70 pet. 


PA refers to air-induction heat. 
PC refers to cold-hearth heat. 
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Table IV. Stress-Rupture Properties of Laboratory Vacuum-Arc Melted and Air-Induction Heats* 


hone Plain-Bar Elonga- Notch ASTM Hardness, R** 
Heat Designation Stress Temp. Rupture Time tion Rupture Time /P Ratiot Grain Size Before/After 

LA-11 80,000 psi 1200°F 66 hr 10.8 

pet 80 hr 1.20 7 37/373 
Ler 80,000 1200 131 7.8 138 1.06 - He 
ae 80,000 1200 55 8.3 191 3.44 - 37/37—37 

A-14 80,000 1200 84 10.4 102 2k - 37/37—37 

LA-15 65,000 1300 29 8.6 30 1.03 7 

LA-16 65,000 1300 59 4.4 55 0.93 - auselae 
LA-17 65,000 1300 15 13.3 27 1.81 - 37/36—35 
LA-18 65,000 1300 26 6.8 49 1.91 - 37/37—35 
LC-11 80,000 1200 120 14.6 209 1.74 7 38/37-3 

’ ° —36 
LC-12 80,000 1200 128 14.5 145 1.14 - 38/38—37 
LC-13 80,000 1200 146 11.1 280 1.92 - 38/38—38 
LC-14 80,000 1200 142 12.8 161 1.13 - 38/38—36 
LC-15 65,000 1300 53 10.7 119 2.24 7 36/36—35 
LC-16 65,000 1300 97 8.6 305 3.15 - men 
LC-17 65,000 1300 83 7.8 160 1.93 - 36/36-36 
LC-18 65,000 1300 30 15.5 160 5.32 - 36/35—37 


*Specimens obtained from forged ¥%4-in.-round bar stock. 
LA refers to air-induction heat; LC refers to vacuum-arc heat. 
tNotch-bar rupture time to plain-bar rupture time ratio; notch sensitivity indicated by a ratio of less than one. 


caer number after is the hardness after the first fracture, second number refers to the hardness after the second fracture (room-temperature 
values). 


EXPERIMENTAL MATERIALS been reduced only 70 pct, and from a direction 


Four heats of W-545 alloy were obtained with 


Sie ; treatment at the same time: Solution treated at 
from laboratory heats weighing approxi- 2000° F for 3 hr and water for 20 hr 
; 
weve: production at 1375°F, furnace cooled to 1200°F, and held for an 
heats whose ingot weights were over 1500 lb. One d 


é additional 20 hr and air cooled. Tensile specimens 
heat each of the laboratory and pilot-plant alloys was 
air-induction melted and the others were consum- 


tion melted electrodes. 

Specimens from the laboratory prepared heats 
were obtained from forged 1/2-in. diam bar 
stock (98 pct reduction); specimens from the pilot- In order to obtain a good comparision of the two 
plant heats were cut from forged billets which had melting techniques, it is first necessary to obtain 


Table V. Stress-Rupture Properties of Pilot-Plant Vacuum-Arc Melted and Air-Induction Heats* 


Plain-Bar Elonga- Notch ASTM Hardness, Re* 
Heat Designation Stress Temp. Rupture Time tion Rupture Time N/P Ratiot Grain Size Before/After 
PA-11 80,000 psi 1200°F 55 hr Ssoipet 89 hr 1.61 2 37/36—36 
PA-12 80,000 1200 51 5.6 75 1.47 - 37/37—35 
PA-13 80,000 1200 ey 4.4 69 1.21 - 37/37—37 
PA-—14 80,000 1200 31 yi 86 2.80 - 37/38—35 
PA-15 65,000 1300 26 5.4 27 1.07 2 36/36—36 
PA-16 65,000 1300 45 2.8 29 0.65 - 36/36—35 
PA-17 65,000 1300 30 3.4 28 0.94 - 37/37—35 
PA-18 65,000 1300 23 3.9 15 0.67 - 38/37—35 
PC-11 80,000 1200 76 6.3 399 5.25 4 37/37-38 
PC-—12 80,000 1200 108 5.6 174 1.61 - 36/37—36 
PC—13 80,000 1200 105 Sa 107 1.02 - 38/ 37-36 
PC-—14 80,000 1200 137 5.9 148 1.08 - 36/38~—37 
PC—15 65,000 1300 35 5.2 59 1.69 4 36/36—35 
PC—16 65,000 1300 30 5.1 43 1.43 - 37/37-—38 
PC-17 65,000 1300 38 5.2 67 La77 - 36/35—35 
PC-18 65,000 1300 50 5.6 83 1.65 - 37/37—35 


*Specimens obtained transverse to working direction from billet reduced approximately 70 pct. 
PA refers to air-induction heat; PC refers to vacuum-arc heat. 
tNotch-bar rupture time to plain-bar rupture time ratio; notch sensitivity indicated by a ratio of less than one. 
**First number after is the hardness after the first fracture; second number refers to the hardness after the second fracture (room-temperature 


values). 
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Table VI. Comparison of Laboratory Vacuum-Arc Melted and 
Air-Induction Melted Material 


Table Vil. Comparison of Pilot-Plant Vacuum-Arc Melted and 
Air-Induction Melted Material 


Weighted 
Percent Percent 
Property Difference* Value Difference 

Room-temperature yield strength 0 .053 0.00 
Room-temperature elongation + 2 .052 + 0.10 
1200 yield strength + 3 .082 + 0.25 
1200 elongation + 22 .087 + 1.91 
12-80 rupture time +11 .126 + 1.39 
12-80 rupture time range + 16 .122 + 1.95 
12-80 elongation + 16 .122 + 1.95 
12-65 rupture time + 23 122 + 2.81 
13-65 rupture time range + 10 118 + 1.18 
13-65 elongation + 15 .116 + 1.74 
Total 


approx. +13% 


Weighted 
Percent Percent 

Property Difference* Value Difference 
Room-temperature yield strength - 6 .053 — 0.32 
Room-temperature elongation + 29 .052 + 1.51 
1200 yield strength - 3 .082 — 0.25 
1200 elongation + 21 .087 + 1.83 
12-80 rupture time +21 . 126 + 2.65 
12-80 rupture time range + 3 .122 + 0.37 
12-80 elongation +15 + 1.83 
13-65 rupture time +14 + 1.71 
13-65 raphe time range + 7 .118 + 0.83 
13-65 elongation + 25 .116 + 2.90 
Total 


approx. +13% 


*Plus means vacuum-arc heat was superior. 


heats of very similar chemical composition. Espe- 
cially critical in this respect is the element titanium 
which controls the amount of hardening during the 
aging treatment. Specimens with a different hardness 
could not be used to compare melting techniques as 
the effect of different hardnesses would cloud the 
issue. Table I shows that the compositions of all the 
heats were similar, and Tables II to V show that 
little variation in hardness existed between all speci- 
mens. 

It should be understood initially that a valid prop- 
erty comparison can only be drawn between the 
laboratory heats, or the pilot-plant heats, but not 
between laboratory and pilot-plant heats. The reason 
is that different properties are obtained from dif- 
ferent type forgings. Laboratory alloy specimens 
were obtained from the optimum conditions of a 
longitudinal specimen from heavily reduced bar 
stock. This working procedure imparted a fine grain 


& a } \ 


& 


Fig. 2—Microstructure of a tensile specimen from the 
laboratory air-induction melted heat. X500. Reduced 
approximately 28 pct for reproduction. 
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*Plus means vacuum-arc heat was superior; minus means air- 
induction heat was superior. 


size to the specimens. Pilot-plant alloy specimens 
were obtained by cutting blanks from a direction 
transverse to the working direction in billets which 
had only an intermediate amount (70 pct) of working. 
Consequently, these specimens had a larger grain 
size and less desirable distribution of second-phase 
particles. This variation in forgings from which the 
specimens were obtained was done to see if the com- 
parison of properties between the different melting 
practices would vary with different working or 
directional conditions. It is known from other in- 
vestigations that pilot-plant quality is on a par with 
laboratory quality when valid comparisons are made. 

It was decided that it was not necessary to con- 
sider all of the data obtained in order to make the 
evaluation of property differences. Four tensile 
properties were chosen: the 0.2 pct yield strength, 
and percent elongation at room temperature and 


Fig. 3—Microstructure of a tensile specimen from the 
laboratory vacuum-arc melted heated. X500. Reduced 
approximately 28 pct for reproduction. 
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Fig. 4—Microstructure of a tensile specimen from th 
pilot-plant air-induction melted heat. X500. Reduced 
approximately 28 pct for reproduction. 


1200° F, that is, one criterion of strength and 
ductility at low and high temperatures. Six stress- 
rupture properties were chosen: 1200°F —80,000 
psi and 1300°F —65,000 psi stress-rupture time, 
percent elongation, and rupture-time range between 
quadruplicate tests. These properties again repre- 
sent a criterion for strength, ductility, and also a 
measure of spread or reproducibility of properties. 

Thus, it was decided to make the comparison from 
these ten properties. The procedure for doing this 
is to calculate the difference in the properties for 
each melting method, then derive the value of each 
property with respect to all the others. Finally, 
multiply the calculated property difference times 
the value and obtain a weighted difference, which is 
then summed to obtain the total percent difference 
between the melting processes. 

The methods used for calculating the percent dif- 
ferences vary with the property being considered. 
Tensile property differences are obtained simply by 


Fig. 5—Microstructure of a tensile specimen from the 
pilot-plant vacuum-arc melted heat. X500. Reduced 
approximately 28 pct for reproduction. 


taking the arithmetic average of the four tests and 
obtaining the ratio of the averages. Stress-rupture 
properties are obtained by making a logarithmic 
transformation of the rupture time and elongation and 
taking the arithmetic average of the logarithms. The 
log transformation is based on the fact that the logs 
of the rupture times and elongations are distributed 
normally about the mean, and quality control is 
handled statistically in this manner (.e., plots of 
stress-rupture data on logarithmic probability 

paper are linear). Experiments have also been per- 
formed on this alloy which show a linear relation- 
ship between log-rupture time and log percent 
elongation, indicating again a log ductility ratio is the 
approximate evaluation factor. The spread in rupture 
time is calculated from the log range to log average 
time ratio (a statistical measure of deviation known 
as the coefficient of variation). The differences 
between the respective coefficients of variation is 
the percent difference in spread. Sample calculations 


APPENDIX I 


Calculation for the Tensile Property Evaluation of the Laboratory Heats 


LARTYS LART Pct E LA1200YS LA1200 Pct E 
126,600 21.0 112,200 14.2 
122,500 20.5 114,900 15.1 
129,500 21.0 112,800 14.2 
125,000 21.5 107,000 14.7 

4|503,600 4|84.0 4|446,900 4|58.2 
125,900 21.0 111,725 14.6 

LCRTYS LCRT Pct E LC1200YS LC1200 Pct E 
125,300 22.0 110,700 16.3 
127,000 21.0 120,900 15.6 
123,300 21.5 114,70¢ 20.2 
128,500 MES) 114,200 19.1 

4|504,100 4|86.0 4)460,500 4|71.2 
126,025 21.5 115,125 17.8 

LCRTYS 126.0 LCRT Pet E.. 21.5 LC1200YS_ 115.1 LC1200 Pct 17.8 1.22 


LARTYS 125.97 LaRT Pct E~ 21.0 ~ Lai200¥s ~ 111.7 


LA1200 PctE 14. 
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Calculations for the 1200°F, 80,000 Psi Stress-Rupture Property Evaluation of the Laboratory Heats 


LA12-80RT LA12-80 Pct E LA12-80 Pct R 
Hr Log Hr Pct Elong. Log Pct Elong. R= Range of rupture time 
66 4.19 10.8 2.38 R = 4.87 — 4.01 = 0.86 
7.8 2.05 
pet R= 0:86 19.6 pot 
55 4.01 8.3 Pid : 
84 4.43 10.4 2.34 
4]17.50 48.89 
4.38 = 80 Hr 2.22 = 9.2 Pct Elong. 
LC12-80RT LC12-80 Pct E LC12-80 Pct R 
Hr Log Hr Pct Elong. Log Pct Elong. 
120 4.78 14.6 2.68 R = Range of rupture time 
128 4.85 14.5 2.67 R = 4.98 = 4.78 =0.20 
146 4.98 122 2.42 Pct R= 0.20 x 100 _ Ter 
4.89 
142 4.95 12.8 2.55 
4119.56 4|10.32 
4.89 = 133 Hr 2.58 = 13.2 Pct Elong. 


LC12-80RT _ 4.89 _ 44 


LA12-80RT 4.38 


LC12-80 Pct E 2.58 _ 4¢ 
LA12-80 Pct E 2.22. 


LA12-80 Pct Pct R — LC12 Pct R = 19.6 — 4.1 = 15.5 


for these property differences are given in the 
Appendix. 

Arriving at the value of the individual properties 
was obtained by questioning five qualified people with 
a great deal of experience in the examination of 
properties of alloys for high-temperature applica- 
tions. The average of these opinions was then used as 
the value. The Appendix contains the summary of 
these opinions. Tables VI and VII list the results of 
the comparison of the properties for both laboratory 
and pilot-plant heats, wherein it is shown the vacuum- 
arc heat properties are 13 pct superior to the air- 
induction properties for this particular evaluation. 

One outstanding point which contributes to the 
overall superiority of vacuum-arc melted alloy is the 
tensile ductility. For example, the laboratory 
vacuum-arc heat 1200°F tensile elongation averages 
17.8 pct vs 14.6 pct for the air-induction heat (22 pct 
higher); the pilot-plant vacuum-arc heat 1200°F 
tensile elongation averages 14.4 pct vs 11.9 pct for 
the air induction (21 pct higher). Another important 
feature is the stress-rupture strength and ductility. 
The 1200°F, 80,000 psi properties of pilot-plant 
vacuum-arc heats averaged 105 hr vs 47 hr for the 
air-melted heat, an increase of 21 pct in strength; 
and 5.7 vs 4.5 pct elongation, which is 15 pct more 
ductility. The laboratory heats at these same test- 
ing conditions, and both laboratory and pilot-plant 
heats at 1300°F, 65,000 psi, showed a similar im- 
provement in strength and ductility, as is shown in 
Tables IV and V. An additional aspect of the ductility 
is illustrated by the fact that several of the air- 
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APPENDIX II 


Determination of the Value of Each of the 
Mechanical Properties 


Person Evaluating* 


Property Aver- 
Designation 1** 2 5) 4 5 age 
RTYS 0.083 0.025 0.083 0.024 0.048 0.053 


RT Pct 0.083 0.025 0.083 0.036 0.032 0.052 
1200YS 0.083 0.075 0.083 0.096 0.072 0.082 
1200Pct E 0.083 0.075 0.083 0.144 0.048 0.087 
12-80RT 0.111 0.175 O:11L 0.116 0.120 0.126 
12-80PctE 0.111 0.175 0.111 0.173 0.040 0.122 
12-80RTR 0.111 0.050 0.111 0.096 0.240 0.122 
13-65RT 0.111 0.175 0.111 0.095 0.120 0.122 
13-65PctE 0.111 0.175 0.111 0.142 0.040 0.116 
13-65RTR 0.111 0.050 0.111 0.078 0.240 0.118 


*1—Applied research and development engineer, high-temperature 

alloys. 

2—Pilot-plant development and production engineer, high-temper- 
ature alloys. 

3—Applied research and development engineer, high-temperature 
alloys. 

4—Research scientist in engineering mechanics specializing in 
high-temperature alloys. 

5—Manager of metallurgy jet-engine production plant. 

**Columns 1 to 5 are meant to add to unity. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 

| 

| 
| 

| 

| 

| 

| 


induction melted heat stress-rupture specimens were 
notch sensitive, while none of the vacuum-arc melted 
alloy specimens had shorter notch than plain bar 
rupture times. 

The reason for the property Superiority of the 
vacuum-arce melted heats is not obvious from the 
microstructure examined up to X500 magnification 
as can be appreciated from an examination of Figs. 

2 to 5. About the same distribution and amount of 
second phase are present in both vacuum-arc melted 
and air-induction heats. The only noticeable differ- 
ence is in grain size between the laboratory and 
pilot-plant heats. An investigation to determine what 
Structural differences may be responsible for 

the superior properties obtained in consumable- 
electrode vacuum-arc melted material is being 
planned. 


CONCLUSIONS 


1) From a weighted evaluation of ten tensile and 
stress-rupture properties, the laboratory consum- 
able-electrode vacuum-arc melted heat was 13 pct 
superior to the air-induction melted heat. 

2) From a weighted evaluation of ten tensile and 
stress-rupture properties, the pilot-plant consum- 
able-electrode vacuum-arc melted heat was 13 pct 
superior to the air-induction melted heat. 

3) Due to the relatively constant superiority of 
laboratory and pilot-plant consumable-electrode 
vacuum-arc melted heats (even though a large dif- 
ference in ingot size, amount of reduction, grain 
size, and specimen directionality was present) it is 
concluded the properties accruing from this melting 
practice are quantitatively superior. 


Edge-Nucleated, Growth Controlled 


Recrystallization in Aluminum 


The isothermal recrystallization of a polycrystalline alloy of 
0.008 wt pct Cu in zone-refined aluminum has been studied quanti- 
tatively by metallography. Interpretation of the data with the aid of 
equations relating the observations in two dimensions to the actual 
phenomena in three dimensions has shown that the recrystalliza- 
tion nuclei form colonies of grains strung along matrix grain edges, 
that only a small fraction of the total number of matrix edges pro- 
duce colonies, and that the colonies are all present at virtually 
zero annealing time, each extending along essentially the full length 
of its matrix edge. The isothermal kinetics of the recrystallization 
are controlled by the two-dimensional growth of the colonies in the 
directions orthogonal to the nucleating edges. There is a distribu- 


tion of growth rates from colony to colony but the rates are nota 
function of time over the transformation range studied (approxi- 


R. A. Vandermeer 


mately 0.01 to 10 pet recrystallization). The activation energy of 


the growth process has been found to be 35.4 + 1.0 kcal per mol. 


Tue study of recrystallization in cold-worked metals 
is complicated by the impossibility of making direct 
three-dimensional optical measurements. Metallo- 
graphically, the internal three-dimensional features of 
samples must be inferred from their intersections 
with the two-dimensional plane of polish. The inher- 
ent difficulties involved in this procedure have led— 
particularly during the last few years—to some in- 
stances of rather doubtful interpretations of experi- 
mental data in terms of nucleation and growth rates 
in recrystallization. In the present paper an analysis 
R. A. VANDERMEER is Research Associate and PAUL GORDON, 
Member AIME, is Professor in the Department of Metallurgical Engi- 
neering, Illi: ois Institute of Technology, Chicago, Ill. This paper is 
partly based on thesis research of R. A Vandermeer to be submitted to 
the Department of Metallurgical Engineering of the Illinois Institute of 
Technology in partial fulfillment of the requirements for the degree of 


Doctor of Philosophy in Metallurgy. 
Manuscript submitted July 14, 1958. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Paul Gordon 


is given of the recrystallization characteristics in a 
polycrystalline alloy containing 0.008 wt pct copper 
in zone-refined aluminum,* and an effort is made to 


*This dilute alloy of copper in high-purity aluminum was chosen for 
study as the first stage in a long-range research program aimed primar- 
ily at a quantitative evaluation of the profound influence exerted by 
essentially trace quantities of dissolved impurities on recrystallization. 


reemphasize the necessity in such studies for atten- 
tion to the proper statistical relationships between 
one- two- and three-dimensional features of opaque 


samples. 
It is shown that, in common with several recently 


described cases for other types of transformations, 
recrystallization in this alloy can best be rationalized 
on the basis that all nucleation took place essentially 

at time zero—7.eé., there is no significant time-depen- 
dent nucleation during annealing—and that the kinetics 
are controlled exclusively by the growth-rate param- 
eters. This is true despite the fact that the number of 
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Table |. Partial Analysis of Zone-Refined Aluminum 


Impurity Element Concentration, ppm 


Cu 0.15 + 0.01 
Mn 0.30 + 0.01 
Ga 0.22 + 0.03 


recrystallized regions per unit area of polished cross 
section increases with annealing time during recrys- 
tallization. The experimental data also reveal that: 

a) the recrystallized grains form in groups—col- 
onies—on matrix grain edges (the intersections of 
three matrix grain boundaries), 

b) each colony, composed of several grains strung 
out along an edge, has virtually its full length at zero 
time, 

c) only a small fraction of the matrix grain edges 
produce colonies, 

d) the fraction recrystallized increases by the two- 
dimensional growth of colonies orthogonally to the 
matrix grain edges, and 

e) growth rates are constant with time but differ 
within relatively narrow limits from colony to colony. 

Reactions such as this in which all the active nucle- 
ation sites are exhausted at an extremely early time 
have been called ‘‘site-saturated’’ reactions by 
Cahn.* ° Decker and Harker,’ in their studies of re- 
crystallization in heavily cold-worked copper, sug- 
gested such an explanation for the kinetics revealed 
by their X-ray measurements. To the knowledge of 
the writers, the present paper represents the first 
case of such a saturated recrystallization reaction 
substantiated by metallographic evidence. An ex- 
amination of other recrystallization studies in the 
literature, however, generates the suspicion that at 
least one or two of these might well have actually 
been saturated reactions but were not reported as 
such because of the absence of certain critical tests 
and the possible misinterpretation of two-dimensional 
metallographic data. 


EXPERIMENTAL DETAILS 


Aluminum of extremely high purity was prepared 
in the form of a bar 20 in. long and about 1 in. in 
diameter by zone refining and leveling under vacuum 
(107° mm of Hg) in a high-purity graphite boat.* 

*The graphite boat was obtained from the United Carbon Products 
Co., Inc. of Bay City, Mich. The graphite is stated by them to have an 
ash content of less than 10 ppm. 

Starting with a 30-in. bar of 99.99 pct Al, thirty uni- 
directional (refining) zone traverses at rates of about 
1 to 3 in. per hr were followed by twenty alternate 
direction (leveling) traverses on the purest 20 in. of 
the bar. Twice during the refining stage 6 in. of the 
impurity-laden leading end of the bar were cut off, 
discarded, and replaced with new starting material. 
The resulting 20-in. bar was sufficiently pure so that 
samples from it were found to recrystallize readily 
at room temperature after only 40 to 50 pct reduction 
in rolling. A partial analysis by radiation techniques 
made at the Atomic Energy Project of Canada, Ltd., 
Chalk River, Ontario through the cooperation of Dr. 
E. C. W. Perryman gave the results in Table I. Since 
the zone-refining process can be expected to have 
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removed other major metallic impurities, such as 

Si and Fe, about as efficiently as Cu, and since Mg, 
Zn, and gases were undoubtedly essentially elimin- 
ated by the long melting under high vacuum, it seems 
probable that the refined aluminum is of a purity 
better than 99.999 pct and perhaps as good as 99.9999 
pet. 

The 0.008 pct Cu alloy was prepared by melting 
OFHC copper wire with some of the refined alumi- 
num, the melting being carried out again under 
vacuum in the zone-refining apparatus. In order to 
insure homogeneity, the melt was stirred by a graph- 
ite paddle attached to an iron rod which could be 
moved magnetically from outside the vycor melting 
chamber. 

Fabrication of the alloy into strip form for use in 
the recrystallization studies was carried out with 
great care so that the penultimate grain structure 
could be reproduced in other alloys to be studied 
later. This was done by a series of 40 to 55 pct 
rolling reductions alternated with recrystallization 
anneals (in evacuated pyrex tubes) to avoid signifi- 
cant preferred orientation and grain elongation. The 
resulting strips were approximately 1.3 cm wide by 
0.53 cm thick. The grain structure produced after 
the penultimate anneal is shown in Fig. 1. The aver- 
age lineal traverse of these grains measured 0.050 
cm transverse to the rolling plane and 0.056 cm in 
the rolling plane. 

Final deformation for the recrystallization studies 
consisted of rolling at 0°C to 40 pct reduction in 
thickness. This was done in three passes of approxi- 
mately equal reduction, the strip being cooled by an 
ice-water mixture before and after each pass. The 
rolls were cooled with dry ice. Immediately follow- 
ing the final pass, the deformed strip was placed in 
a dry-ice refrigerator maintained at near —70°C. 

Samples 1 cm long were cut as needed from the 
rolled strips with a jeweler’s saw, each thus provid- 
ing an area of about 1.3 cm by 1 cm (parallel to the 
rolling plane) for the recrystallization studies. 

Prior to annealing, the saw-cut and the rolled edges 
were carefully polished mechanically and electrolyti- 
cally in an effort to eliminate interfering recrystal- 
lization from the heavily deformed regions at the 
sample edges. This procedure was generally effec- 
tive; the few samples showing evidence of recrys- 
tallization abnormally associated with the specimen 


Fig. 1—Penulti- 
mate grain struc- 
ture. Electrolytic 
polish and etch, 
polarized light. 
Magnification 
X50. Reduced 
approximately 28 
pet for reproduc- 
tion. 
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edges were discarded. At all times subsequent to the 
rolling at 0°C and prior to the recrystallization 
anneals the samples were refrigerated; the electro- 
lytic polishing was carried out at 0°C, and the sam- 
ples were otherwise kept in contact with dry ice. The 
recrystallization anneals were carried out by placing 
the samples in pyrex tubes containing high-purity 
silicone oil which were in turn immersed in boiling 
organic liquid baths. The annealing temperatures 
were in this way controlled to +0.3°C. Four differ- 
ent anneal temperatures were used; Table II lists the 
various organic liquids employed to attain these 
temperatures. (The temperatures listed are those 
measured with a 15-in. Hg thermometer having a 
range from 0° to 250°C and scale divisions of 1°C. 
The same thermometer was used throughout the 
work, but no attempt was made to determine its 
absolute error by calibration.) In order to avoid the 
possible effects of repeated heating and cooling, 
each sample was used for only one combination of 
time and temperature of anneal. 

After annealing, approximately one-fourth of the 
0.32-cm sample thickness was removed by mechani- 
cal grinding and polishing to get below any possible 
surface effects. The final preparation of the internal 
plane thus exposed for metallographic examination 
consisted of an electrolytic polish in a solution of 
2 parts methyl alcohol and 1 part nitric acid fol- 
lowed by an anodic oxidation treatment in a solution 
of 49 pct distilled water, 49 pct methyl alcohol and 
2 pct hydrofluoric acid by volume. This electrolytic 
preparation results in a micrographic appearance 
which, under polarized light, displays a clear-cut 
distinction between recrystallized and deformed 
material. 

Several types of metallographic measurements 
were made. In order to systematize and shorten the 
subsequent discussion of these, a list of definitions 


and symbols for the various quantities is given below: 


Recrystallized grain—a single, three-dimensional 
recrystallized grain. 

Patch—the two-dimensional intersection of a re- 
crystallized grain with the plane of polish. 

Colony—a group of contiguous recrystallized grains 
lying on a matrix grain edge. 

Cluster—the two-dimensional intersection of a 

__ colony with the plane of polish. 


X, = the volume fraction of recrystallized material = 
area fraction on plane of polish. 

X,- = the fraction of total matrix-grain edge length 
recrystallized = fraction of edge points within 
patches on plane of polish. 

X, = the fraction of total matrix-grain boundary 
surface recrystallized = fraction of boundary 

Table II. Boiling Points of Organic Liquid Baths 
Boiling 
Liquid Temperature, 1 Atmos 

Ethylene glycol 170°C 

Bromobenzene 155°C 

Xylene 139°C 

Octane 1252.C 
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Fig. 2—The fraction recrystallized, X,, vs annealing time. 
Circled points—lineal analysis; squared points—plani- 
metric technique. 


length in plane of polish covered by patches. 
annealing time. 

annealing temperature, absolute. 

number of colonies per unit volume. 

number of clusters per unit area of polish plane. 
number of patches per unit area of polish plane. 
linear measurement of a patch = square root of 
area of patch. 

measured growth rate = dpft. 

length of single matrix grain edge. 

The volume fraction recrystallized, X,, was meas- 
ured in two ways. For very low values of X,, the 
area of each patch on the plane of polish in a sample 
was determined by the use of a planimeter and a 
tracing of the patch made from its image projected at 
X50 on the ground glass of a metallograph. For 
higher values of X,, when this technique was pro- 
hibitively laborious, measurements were made by 
lineal analysis, 7.e., by determining the fraction re- 
crystallized along carefully randomized lines super- 
imposed on the image of the sample at X50. In a few 
instances, both techniques were used on the same 
samples and were found to give essentially identical 
results, as illustrated later in Figs. 2 and 3. 

Growth rates in recrystallization have usually been 
obtained by measuring the largest patch in each 
sample, making the assumption that with a large 
enough sample the largest patch will be a true dia- 
metrical cross section through a grain which started 
growing at the earliest time. In the present work 
this type of measurement has also been used, taking 
for the linear dimension of the largest recrystallized 
grain, p, the square root of the largest patch area. 

In view of the string-of-beads character of the col- 
onies and their two-dimensional growth, dp/dt derived 
from p thus determined can only be a good measure 
of the linear growth rate, G, of the grains if the 
diameter of the largest recrystallized grain perpen- 
dicular to the nucleating edge is considerably greater 
than the average length per recrystallized grain, Lp, 
along the edge. This condition was found to prevail 
for all but the very shortest experimental annealing 
times used, so that the slopes of the p vs ¢ curves 
could be taken as the linear growth rates. 

Of the other quantities listed above, X-, X,, N,, and 
Ny were measured directly by counting the appropri- 


p 
G 
L 
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Fig. 3—Log In 1/1-X,, vs. log annealing time. Circled 
points —lineal analysis, squared points—planimetric tech- 
nique. 


ate features at X50 and X250; the significance of the 
magnification used is discussed later. N, and L are 
derived quantities, also discussed in detail later. 

The interpretations and conclusions reported here 
require that the planes of metallographic observation 


be randomized in each sample. Since, however, check 


measurements in a few samples on three mutually 
orthogonal polish planes showed no significant dif- 
ferences, all subsequent measurements were limited 
for convenience to polish planes parallel to the roll- 
ing plane. 


EXPERIMENTAL RESULTS AND DISCUSSION 


Isothermal Kinetics of the Recrystallization— The 
experimentally determined values of X, are plotted 
vs log annealing time in Fig. 2. In the development 
of the phenomenological mathematics of isothermal 
recrystallization kinetics, it has generally been 
found that data of this kind should obey an equation 
of the form 


X, =1- exp [ -Bt* 
or X, = Bt" (at small values of X, ) 


where B and k are constants which depend on the 
nature of the model taken for nucleation and growth 
in recrystallization. That the data of Fig. 2 do follow 
such an equation is revealed by the straight line 
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curves in Fig. 3 resulting from plotting log In 1/(1- X,)} 


vs log ¢t. The values of k and B determined from 
these plots are listed in Table III. It may be seen 
that k is very nearly 2 over the whole range of an-. 
nealing times and temperatures studied—more than 
three cycles on the log In 1/(1- X,) scale. 

Burke and Turnbull’ have summarized several 
possible interpretations of the magnitude of k on the | 
basis of the theories of Avrami,’ Johnson and Mehl, ’ 
Krupkowski and Balicki,** and Cook and Richards.” 
More recently, J. W. Cahn® has presented equations 
for solid-state nucleation and growth processes in 
general which offer a more detailed and satisfactory 
interpretation both of k and of B in Eq. [1]. In keep- 
ing with the well-established fact that in many solid- 
state reactions nuclei tend to form on internal dis- 
continuities, Cahn has treated the cases of nucleation 
on surfaces, edges, and corners of the matrix grains 
as well as that of homogeneous nucleation. His equa- 
tions again have the form of Eq. [1]. In particular, 
however, he shows that in three-dimensional samples* 


*That is, where the grain size of the transformed material is consi- 
derably smaller than the smallest dimension of the samples. 


if k = 2 over an appreciable range of X, and if Gis 
not a function of time, then it can be concluded that 
the reaction is edge-nucleated and site-saturated. 
This means that the nuclei form only on matrix 
grain edges and that all nucleating edges are ex- 
hausted (covered with growing nuclei) at a stage so 
early in the reaction that no appreciable error is 
made in assuming all nuclei were present at zero 
time. Further, it implies that the transformation 
procedes by the sidewise (two-dimensional) growth 
of the nuclei outward from the matrix edges. Under 
these conditions his equation for X, vs ¢ is: 


[2] 
where D is the total length of nucleating edges per 
unit volume, the factor 7 is a shape factor arising 
from the assumption that the patches are circular, 
and G, is the radial rate of growth. 

In order for Eq. [2] and Cahn’s concept of satu- 
rated edge-nucleated behavior to hold, the slopes of 
the log In 1/(1-X,) vs log t curves must be 2, as has 
already been shown to be true in the present case, 
and the linear growth rate must be independent of 
time. This latter condition was also found to be true 
for recrystallization in this alloy; the data for p vs t 
at the four temperatures studied are given in Fig. 4. 


Table Constants in the Kinetic Equation X,= 1—exp [-Be*] 


Temper- 

ature, °C B k 
170 2.86 (+ 0.09) 10°8 sec"? 2.15 (+ 0.03) 
155 1.86 (+ 0.10) 10°? sec”? 2.02 (+ 0.03) 
139 3.74 (+ 0.30) 10°! sec”? 2.09 (+ 0.03) 
125 6.49 (+ 0.36) 10°12 sec? 1.92 (+ 0.02) 
Ave 2.01 (+ 0.05) 


[4] 


*These values of B and & and all other straight-line constants given 
throughout the paper were determined by the method of least squares; 
the errors are the statistically defined probable errors, but do not in- 
clude sampling errors; these latter undoubtedly account for the fact that 
the deviations of the individual & values from kay. in Table III are 
larger than the indicated errors of the separate k’s. 
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ANNEALING TIME IN KILOSECONDS 
Fig. 4—Square root of largest patch area, p, vs annealing 
time. ¢, is the time beyond which impingement between 
colonies become Significant. 


These curves are straight lines over most of the 
range studied, thus giving G independent of time with 
the values listed in Table IV. The tendency for bend- 
ing over at the longer times—as seen particularly in 
the 139° and 155°C curves— is undoubtedly due to the 
onset of impingement between recrystallizing col- 
onies, as discussed in more detail later. There ap- 
pears also to be some indication of higher growth 
rates at very early times. Speculatively, it may be 
said that these higher rates are possibly associated 
with the short period when the growing grains at any 
matrix grain edge are so small as to be still within 
the very narrow confines right at the edge where the 
deformation may be expected to be higher than that 
characteristic of the main body of the matrix grains 
surrounding the edge. 

Thus, the experimental values of k and the con- 
stancy of G with time may fairly be said to have es- 
tablished that the recrystallization is characterized 
by site-saturated edge nucleation with two-dimen- 
sional sidewise growth. A considerable amount of 
corroborating and self-consistent metallographic 
evidence of both a qualitative and quantitative nature 
has been obtained. This evidence is discussed in the 
remainder of this paper. 
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Table IV. Growth Rates 


Temperature, °C G = dp/dt in Cm perSec 


170 4.73 (+ 0.52) 1075 
155 7.65 (+ 0.65) 10°° 
139 1.98 (+ 0.14) 10°° 
125 3.18 (+ 0.23) 10°7 


Number of Clusters vs Annealing Time; Calcula- 
tion of B and L—The data for the number of clusters, 
N,, aS a function of annealing time are given in Fig. 5. 
In this figure the circled points represent data ob- 
tained by counting clusters at a magnification of X50. 
It is clear that if these were the only data obtained it 
would be concluded that the curves start essentially 
at the origin of coordinates, and that the number of 
clusters increases rapidly at first and more slowly 
later. Counts made on the same samples at X250, 
however, (the squared points in Fig. 5) reveal that at 
short annealing times there are an appreciable num- 
ber of clusters too small to be seen at X50, and that 
their number is the greater the shorter the annealing 
time. The differences, AN, , between the X250 and 
X50 counts for all four temperatures are plotted 
versus Gt in the insert of Fig. 5. AN, extrapolates 
to zero at Gt = 2.5x10°* cm. This means that at 
times shorter than t*ys9= 2.5 X sec/G_ the 
X50 data for numbers of clusters are too low. 
Furthermore, a similar but lower time limit exists 
for X250, and since the smallest visible size at a 
given magnification is approximately inversely pro- 
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Fig. 5—Number of clusters per unit area, NV,, vs anneal- 
ing time. Circled points—data at X50; squared points— 
data at X250. 
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portional to the numerical aperture of the objec- 
tive lens used, then in the present work: 


-2 
_ 0.75 x 10 aoe 


axed and of uniform size the approximation involved 
in the assumption of constant L is considered to be 
reasonable.) 

3) Each colony may be considered to be a cylinder 
of length L and of cross section determined by G;t. 

4) G; for each colony is not a function of time, but 
may be different from colony to colony. G may also 
be somewhat different within a colony from grain to 


The two critical times, t*ys59 and t*y:<9 are indicated in grain; it is assumed, however, that this latter effect 


Fig. 5 by vertical dash-dot lines. It may be seen that 
a few of the earliest points even at X250 must be con- 
sidered to be low by some undetermined amount. In 
addition, several of the latest points, particularly on 
the curve for 155°C which was carried to the highest 
X, (about 0.2), are slightly too low because of the 
onset of impingement between colonies. Qualitative 
metallographic observations indicate that the time 

at which such impingement becomes significant is 
approximately as indicated in Fig. 5 by the dash-dot 
vertical line marked ¢g. Thus, only those data points 
in Fig. 5 at f*xo50 < t <t, can be considered to be cor- 
rect other than for random experimental error. 
These points have been delineated in the figure by 

the large squares and circles. 

The actual trend of Ne vs t is now seen to be a 
relatively slow, essentially linear, rise with a posi- 
tive intercept at zero time, as indicated by the 
straight lines drawn through the enlarged points in 
Fig. 5. This increase in the number of clusters— 
which are the intersections of the polish plane with 
the colonies—may at first glance appear to repre- 
sent an increase in the number of nuclei with time, 
since each colony is considered to be one nucleus. 
However, as Fullman”™ has shown, for uniform cyl- 
inders embedded at random in a three-dimensional 
matrix, a plane cut through the array will intersect 
a number of cylinders given by 


Ny = (nr +h) 


[3] 
where 


nm, = intersections per unit area 
nm, = cylinders per unit volume 
Y radius of each cylinder 

h length of each cylinder 


It is apparent from Eq. [3] that if either 7 or h in- 
creases with time the number of intersections will 
increase even though 7, is constant. This concept 
applied to the data in Fig. 5 not only adequately ex- 
plains the increase in N, with time without reference 
to active nucleation but also allows a quantitative 
derivation of the dependence of N, on t which can be 
tested with the experimental data. The following 
postulates are made: 

1) Each cluster is derived from a colony on a 
matrix grain edge. 

2) Each nucleating edge has produced a colony 
along its entire length, L, at essentially zero time; 
the colony grows two dimensionally orthogonal to L 
at a rate, G;. The length, L, is assumed to be the 
same for all colonies. (This, of course, cannot be 
strictly true, but this constant L may be taken as the 
average of the actual L’s throughout the sample. 
Since the matrix grains are not far from being equi- 
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will simply result in the colony having a nonuniform 
cross-sectional area along its length and that this 
can be taken into account by a roughness factor, f, 
which will be of the order of unity. 

5) There is a distribution of effective growth rates 


(6) 
Fig. 6—Representation of the nucleation and two-dimen- 
sional growth of a recrystallized colony. ab, ac, ad, aj, bf, 
bg, and bh are matrix grain edges, ab being the nucleating 
edge. Fig. 6(a) is colony just after birth, 6(5) after con- 
siderable two-dimensional growth outward from edge ab. 
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from a maximum rate, G,,, to a minimum rate, Gn, 
such that the number of colonies having growth rates 
in the interval G; to G; + dG; is 
dN, = aG;” dG, [4] 
where a and y are constants. (The exact nature of 
this distribution of G; turns out to be relatively 
unimportant.) 

The manner in which the nucleation and growth of 
the colonies is visualized is illustrated in Fig. 6. 

The edge ab in Fig. 6 is a nucleating matrix grain 
edge formed by the intersections of matrix grain 
surfaces fbac, gbad, and hbaj. Fig. 6(@) represents 
the state of development of an eleven-grain recrys- 
tallized colony shortly after its birth—at a very early 
annealing time. Here all the individual grains in the 
colony have formed and have completed their almost 
instantaneous growth in the direction along the 
nucleating edge ab, but have barely begun their 
growth outward from the edge. It is this latter, two- 
dimensional growth that becomes manifest and is 
measured during the experimental annealing periods. 
Fig. 6(6) represents a subsequent stage in the de- 
velopment of the colony when considerable two-di- 
mensional growth of the grains normal to the nucleat- 
ing edge has taken place. The difference in growth 
rates from grain to grain within the colony which 
probably exists as a result of orientation differences 
is indicated by the nonuniform advancement of the 
various recrystallized grains into the matrix. 

On the basis of these postulates, the number of 
clusters, dN,, at any time, f, due to colonies having 
cross-sectional areas within a given range is, making 
use of Eqs. [3] and [4], 


aN, = dN, [wp 


dN, = [VrGt + 1] dG [5] 
where p is the same linear measure (the square 
root) of the cross-sectional area as that used in 
determining G, and w is a shape factor. w has been 
assumed to be equal to V7; this is equivalent to as- 
suming that the cross-sectional area of a colony is 
circular, and that, therefore, the radius, 7, of this 
area is 


T= 


in which case the term 77 in Eq. [3] can be replaced 
by Vrp as has been done in Eq. [5]. 
Integration* of Eq. [5] between the limits G,, and 
*Wherever y = 1 or 2 Eqs. [6] and [7] would, of course, have to be 


replaced by those resulting from the appropriate logarithmic solutions 
of Eqs. [4] and [5]. 


G, gives 
af Tt m a n i m n 6] 
Ne = [ 
2-y l-y 


Substituting the value of a which can be found by 
integration of Eq. [4] 


N. = Ket + [, 


[7] 
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where Ke = f ES Gly [8] 
m n 
5 


[9] 

Eq. [7] is that of a straight line having slope K,, 
and intercept /, at zero time, and expresses the 
dependence of N, on ¢ in the hypothetical situation 
where all clusters, no matter how small, are visible. 
In practice, however, the actual number of visible 
clusters at short annealing times will be smaller 
than that given by Eq. [7] for two reasons: first, 
because the effective number of colonies producing 
visible clusters at any time, ¢, is not N, but only 
those having G> b/t, where b = p of the smallest 
visible cluster at the experimental magnification 
employed; and second, because a fraction of the 
clusters produced by even the effective colonies 
are too small to be seen. This latter fraction may be 
considered to become negligible at about t > 3b/G. 
Thus, it should be anticipated that at times less than 
t* = 30/G,, the experiment values of N, will fall below 
those given by Eq. [7], and will in fact be zero at 

= b/G,. A schematic representation of the type of 
curves to be expected for magnifications of X50 and 
X250 is given in Fig. 7. Comparison of Figs.5 and 7 
reveals that the experimental data are at least quali- 
tatively quite well described by the theoretical curves. 

Eqs. [7], [8], and [9] in conjunction with Eq. [2] may 
now be used to obtain a more quantitative check 
against the experimental data. Recognizing that the 
term (1DG,° t”) in Eq. [2] is, for small X,, the 
volume of all recrystallized regions, this volume 
may be obtained in the present case as follows: the 
volume, dV, of recrystallized regions per unit 
volume due to colonies with growth rates between G; 
and G; + dG; is 


dV = dX,, = vdN, = fLp? aG; dG = fLat*G’? "dG 


where v is the volume of one colony, and it is as- 
sumed that approximately the same roughness factor, 


G 
50x 
Dsox Gp 


Fig. 7—Schematic illustration of nature of N, vs anneal- 
ing time curves. 
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Table V. Calculated and Measured /,, K,, B, and L 


170° 155° 139° 125° Ave 
1, (meas) 33 30 28 38 32 
K, (meas) 3.2 104 0.84 x 10°? 1.4 x 10°3 3.8 x 104 
B (meas) 2.86 x 10°° 1.86 x 10°? 3.74 x 10°}! 6.48 x 10°}? 
B (calc) 5.4 x 1.5x 10° 8.0 x 101! 2.8 x 10°!” 
L (calc) 3.2 x 1077 3.7 x 10°? 3.0 x 3.6 x 
L (meas)* 3.2 x 10 


*L (meas) is taken as the average length of intersections of grain boundary surfaces with the plane of polish. 


f, employed before is again applicable. Integration 
between the limits Gm and Gn, and substitution of the 
value of a given by integration of Eq. [4] gives 


C= 
Xy = fLN, 
Trial and error fitting of the experimental data to the 
various equations indicates that the value of the con- 
stant y is not critical and is best taken as zero. Sub- 
stituting y = 0, and designating the ratio G,, fC. O82; 
Eq. [10] produces 


3 


[10] 


f BY [11] 


Fig. 8—General view of microstructure in a partially re- 
crystallized sample. Electrolytic etch, polarized light. 
Magnification. X50. Reduced approximately 38 pct for 
reproduction. 
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From Eqs. [7], [8], [9] (with y = 0), and [11], then 


= 3 gy Ie Gn [12] 
G 


Of the quantities on the right of Eqs. [12] and [13], G,, 
may be taken to be the measured rate of growth, for 
the method of measurement used in this research 
without doubt gives the maximum growth rate in any 
distribution; z is given by 


Gn = Gt* 
G, 


in which Gt*ys9 = 2.5 cm, see Fig. 5, and 
has been found to be = 7 X 10 * cm, giving z = 12; and 
I, and K, are given by Fig. 5. 

Thus, B and L can be calculated. This has been. - 
done for each of the four temperatures studied; the 
calculated values of B and L, along with the meas- 
ured values of J, and K,, from Fig. 5, and B, Table 
Ill, are listed in Table V. Batic and Bneas agree to 
within a factor of about + 2, which is reasonable 
agreement in view of the assumptions which were 
made with regard to the shape and roughness factors 
in deriving Eqs. [12] and [13]. Although direct 
measurements of Laye would be prohibitively diffi- 
cult, a very good first approximation can be obtained 
by assuming it to be equal to the average length of 
intersection of matrix grain boundary surfaces, 

L,, with the plane of polish. Measurements of L, on 
both longitudinal and transverse planes through. 
several samples gave an average of 3.2 x 107? cm. 
This, is again, in good agreement with the calculated 
value of 3.6 X 107° cm. 

General Appearance of the Recrystallized Grains: 
Comparison of X,, X4,and Xe—A typical view of the 
microstructure in a partially recrystallized sample 
is given in the composite photomicrograph of Fig. 8. 
It is evident from a study of this microstructure that 
the recrystallized patches appear in clusters which 
are located preferentially on, or in the vicinity of, 
matrix grain boundaries.* That the colonies repre- 

*A minor part of the recrystallization—estimated to be well under 
1 pet of that in any specimen—took place by the phenomenon called 
by Beck and Sperry “strain-induced boundary migration.” This checks 


their observation that such recrystallization is important in aluminum 


only at deformations lower than about 40 pct reduction in thickness by 
rolling. 
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Fig. 9—Cluster from, colony lying on a matrix grain edge 
almost in plane of polish in a sample recrystallized 0.16 
pet. Electrolytic etch, polarized light. Magnification, 
X100. Reduced approximately 10 pct for reproduction. 


sented by these clusters are in fact even further re- 
stricted in location, 7.e., are on matrix grain edges, 
is illustrated by the photomicrographs of Figs. 9 and 
10 and demonstrated by the statistical data in Fig. 11. 
It should be noted first, however, that the location of 
some of the clusters in Fig. 8 on boundary lines and 
within matrix grains rather than on edge points does 


Fig. 10—Series of photomicrographs on 
same area but at successively lower 
levels in samples (a) through (h). Depth 
difference in sample, photo to photo— 
approximately 0.0048 cm. Electrolytic 
etch, polarized light. Magnification. 
X100, Reduced approximately 42 pct 
for reproduction, 
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not mean that the colonies which they represent are 
not on edges. The appreciable thickness and non- 
uniformity of the colony cross sections may be ex- 
pected to produce a high percentage of clusters re- 
moved from edge points even though all the colonies 
are on edges. This effect may be illustrated with 
reference to Fig. 6(b). If a random plane of polish 
cuts through the colony in this figure in such a way 
that the line AA, for example, represents its inter- 
section with the plane of the figure, two clusters will 
be produced. One will contain five patches from the 
grains 1, 2, 3, 4, and 5 respectively and will appear 
to be associated with edge fb as well as edge ab. The 
other will be a one-patch cluster from grain 7 and it 
will lie wholly within a matrix grain since grain 7 
lies between matrix grain surfaces gbad and hbaj 
where it is cut by the polish plane AA. If the polish 
plane has BB as its trace, again two clusters will be 
produced—a five-patch cluster from grains 7, 8, 9, 
10, and 11 with the patch from grain 9 containing the 
edge point from edge ab, and a one-patch cluster 
from grain 6 which will lie on the matrix grain 
boundary fbac and show no apparent connection with 
edge ab. Finally, if CC is the polish plane trace only 
one two-patch cluster will be produced and it will 
appear to represent a two-grain group located more 
or less symmetrically about the edge point of edge ab. 
Fig. 9 shows a cluster very early in the recrys- 
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tallization—in a sample for which the volume fraction 
transformed was only 0.16 pct. The colony from 
which this cluster arises lies on an edge which is 
nearly in the plane of polish; hence the colony is seen 
along a large part of its length. The matrix-grain 
configuration reveals that there is a matrix-grain 
corner almost in the polish plane near point A in 

Fig. 9 and that two edges running from this corner 
intersect the polish plane at B and C. The colony 
shown lies along the edge AB. It is significant not 
only that the colony lies along an edge, but also that 
the colony appears to be fully developed length-wise 
at this very early stage in the recrystallization. 

Fig. 10 presents a series of photomicrographs in 
which the nature of a cluster in three dimensions is 
shown even more clearly by a succession of views on 
the same region, each taken after electropolishing to 
a depth of about 0.0048 cm below the previous one. 
The approximate positions of the matrix-grain 
boundaries and edges are shown by the dashed lines 
and the lettered points, and several (but not all) of 
the recrystallized grains are identified by numbers. 
A careful examination of these photomicrographs 
reveals that the cluster actually is derived from 
three touching colonies, one lying along the edge 
marked C, the others along edges A and D. The two 
edges C and D meet edges A and B in a corner ata 
depth lying between the levels of Figs. 10(0) and 
10(c). Edge A then runs upward and to the left, con- 
taining one colony of which recrystallized grains 
12, 13, and 14 are a part. Edge D runs downward 
and to the right, and contains another, quite long, 
colony shown essentially in its entirety by the series 
of micrographs. This colony consists of sixteen 
grains beginning with grain 1 and ending with grain 
8. Edge C lies approximately perpendicular to the 
plane of polish and contains the third colony, a very 
short one, consisting of grains 1 and 15 only. 

Calculation of the length of the two edges C and D 
from the micrographs in Fig. 10 gives 2.4 x 10°? cm 
and 7.2 X 10°? cm, respectively, which are within 
reason of the average value of L, 3.6 X10~* cm cal- 
culated from the kinetics data and that, 3.2 x 107? cm, 
measured by assuming L equal to the average length 
of boundary intersection with the polish plane (see 
preceding section). 

A statistical analysis of the fractions of matrix- 
grain boundary surface and of matrix-grain edge 
length covered by recrystallized grains—X, and Xe, 
respectively—was carried out on several samples. 
The results are plotted against volume fraction re- 
crystallized, X,, in Fig. 11. The X; vs X, curve has 
a slope not much greater than unity and extrapolates 
to the origin. This means that boundary surfaces are 
little or no more preferred as sites for nucleation 
than the general volume of the matrix grains. The 
Xe vs X, curve.is of quite another nature. In inter- 
preting this curve, it must be kept in mind that the 
data at annealing times shorter than t+, see Fig. 5, 
will give values below the true X, because edges 
covered by colonies of cross section too small to 
produce visible clusters will be counted as unre- 
crystallized even though such edges are actually 
recrystallized along their entire length (see discus- 
sion in preceding section). This difficulty will, on 
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the other hand, have little effect on the X, curve, | 
for in this case the fraction of boundary area 
covered by these small colonies will be negligible 
compared to the fraction covered by the colonies ~ 
large enough to produce visible clusters. In addition, 
at longer annealing times there will be an appreci- 
able number of clusters covering more than one edge 
point per cluster simply because the growing colony 
has overlapped some nonnucleating edges, particu- 
larly at its ends. This effect will produce an increase | 
in X, even though the number of nucleating edges may 
be constant. The slow rise in the X, curve in Fig. 11 | 
can be attributed to this overlap, and thus the inter- | 
cept of the curve (neglecting the points att < #*) at 
zero time may be taken as the constant fraction of | 
edges acting as nuclei. This intercept is at xe | 
= 0.059; since this is obviously much greater than X, 
early in the reaction, there is little doubt that the 
edges are highly preferred regions of nucleation. 

It is interesting to compare the figure 0.059 for X* 
with that which can be calculated from other experi- 
mentally measured quantities. In particular 


no. of nucleating edges per unit volume 
total no. of edges per unit volume 


Ny | 
total edge length per unit volume/L 


| 


= 


where 7, = number of edge points per unit area on the 
plane of polish = one-half the total edge length per 
unit volume.” From Table V, the average I, = 32, and 
mn- measured on several samples gave an average 
value of 509. Thus 
32 

509 0.063 

Number of Patches vs Annealing Time: Calculation 
of L/Lp—In addition to the number of clusters, the 
number of individual patches was measured as a func- 
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Fig. 11—Fraction of matrix grain boundary surface, X,, 
and edge length, X,, recrystallized vs volume fraction 
recrystallized, X,. Crossed points —magnification not 
high enough to see all clusters; squared points—signi- 
ficant overlap of nonnucleating edges by growing colonies. | 
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tion of annealing time. The results are plotted in 
Fig. 12. 
Adopting the same reasoning as that used in the 
foregoing it may be shown that the number of patches 
should be 


+f 


N=K,t +1, [14] 


where L, is the average dimension of a recrystallized 
grain in the direction along the matrix edges. There- 
fore, the curves in Fig. 12 should again be straight 
lines between ¢* and f,, and these lines should have 
the same intercepts as those in Fig. 5 but slopes 
higher by the factor L/L,. The corrections to the 
data necessary att < ft*are less important here be- 
cause the absolute values of N, are so much higher 
than those of N, whereas the corrections have the 
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ANNEALING TIME IN KILOSECONDS 
Fig. 12—Number of patches per unit area, Np» VS anneal- 
ing time. 
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Table VI. Slopes, Kp, of Np vs t Curves 


Temperature, °C Kp 
170 2.42 (+ 0.14) x 10°! sec”! 
155 5.60 (+ 0.32) x 10°? sec} 
139 9.03 (+ 0.72) x 10°? sec"! 


125 2.37 (+ 0.16) x 10°? sec”? 


same magnitudes.* Also impingement may be ex- 


*Essentially all the clusters too small to be seen are one-patch 
clusters. 


pected to create a smaller fractional reduction in the 
observed number of patches than in the number of 
clusters. All the data in Fig. 12 can, thus, be used 
with confidence; the slopes, K,, obtained from the 
straight-line plots are listed in Table VI. ‘(The inter- 
cepts have not been included in Table VI because they 
are not determinable with any worthwhile degree of 
reliability from these plots, the values from the N, 
vs t plots being much the better ones. It may be 
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Fig. 13—Plots of the logarithm of the rate parameters vs 
the inverse absolute annealing temperature. 
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Table Vil. Activation Energies and Preexponential Constants 


Activation Preexponential 
Quantity Energy, Qy Constant, Yo 
37.3 (+ 1.2) kilocals/mol 1.03 x cm/sec 
1/tx, =0.05 36.4 (+ 0.7) kilocals/mol 8.12 x 10!° sec"! 
V/txy,=0.10 36.7 (+ 0.7) kilocals/mol 7.96 x 1015 sec"! 
K. 34.0 ( + 0.4) kilocals/mol 1.69 x 1027 sec"! 
Kp 36.3 (+ 0.7) kilocals/mol 1.83 x 10'7 sec"? 
B 67.1 (+ 2.0) kilocals/mol 3.31 x 1075 sec? 


noted by examining Fig. 12, however, that the inter- 
cepts are positive and of the right order of magni- 
tude.) 

The average ratio L/L, calculated from the Kp 
and K. data in Tables V and VI is 6.5. This is the 
average number of recrystallized grains in a colony. 
It may be compared with the figures of 2 and 16 ob- 
tained by actually counting the grains in the two 
clusters shown in Fig. 10. 

Temperature Dependence of the Recrystallization— 
On the basis of the previous discussion, all the rate 
quantities determined in this research Should be 
measures of the same basic process—the growth 
process. These include the cluster and patch slopes 
K, and K,, the reciprocal of the time, ty , for a given 
fraction of recrystallization, the rate constant B, and 
the measured growth rate, G, itself. They should all, 
therefore, have the same temperature dependence and 
the same activation energy—with the exception that B, 
being a measure of G* should have an activation 
energy twice that of the other quantities. 

K,, K,, 1/t, = 0.05, 1/ty = 0.10, G and B are plotted 
on semilog coordinates vs the reciprocal of the abso- 
lute temperature, 1/T°K,in Fig. 13. Since all the 
plots result in reasonable straight lines, the tempera- 
ture dependence of each may be represented by the 
usual exponential equation 


Y = Yo exp 

where Y is the quantity in question, R is the gas 
constant per mol, Y)is the action constant and Qy is 
the activation energy. The calculated values of Qy and 
Y, for the various rate quantities are listed in Table 
VII. The activation energies are seen to be identical 
within experimental error, as expected, with Q, 

= 2 Qy for the other quantities. The average value, 
which may now be called Q¢, iS 35.4 + 1.0 kcal per 
mol. 


CONCLUSIONS 


1) The kinetics of isothermal recrystallization in a 
polycrystalline alloy of 0.008 wt pct Cu in zone-refined 
aluminum cold-rolled 40 pct at 0°C have been shown 
to obey the equation 
xX, = 1 = ‘exp (—Bt*) 

2) The constant, k, has been found to be 2 for all 
annealing temperatures and times studied. 

3) Isothermal growth rates during recrystalliza- 
tion have been shown to be essentially independent of 
time. 

4) These facts together with all other experimental 


[15] 
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observations have been demonstrated to be quantita- 
tively consistent with the interpretation that 


a) The recrystallized regions are nucleated as colo- 


nies of grains growing along matrix grain edges. 

b) All colonies form at annealing times sufficiently 
short to be considered to be zero. No further isother- 
mal nucleation takes place during recrystallization. 

c) Only a small fraction—about 6 pct— of the total 
number of matrix grain edges produce colonies. 

d) Each colony has essentially its full length—the 
length of the nucleating edge—at birth. Growth there- 
after proceeds only two-dimensionally, normal to the 
nucleating edge. 

e) Growth rates differ from colony to colony. The 
maximum growth rate is about twelve times the min- 
imum rate. 

5) All the characteristic rates measured—the rates 
of appearance of clusters and patches, the linear rate 
of increase in size of the largest patch, and the times 
to produce a given fraction of recrystallization—have 
been found to vary with temperature in the usual ex- 
ponential fashion and all have been found to have the 
same activation energies. This has been interpreted 
to mean that these quantities are all measurements 
of essentially the same basic process—the growth 
process. In addition, the rate constant, B, in the 
kinetic equation has been shown to have twice the ac- 
tivation energy of the other rates—consistent with the 
interpretation that it is a measure of G*. The aver- 
age value of Q, determined from all the measured 
quantities is 35.4+1.0 kcal per mol. 
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Equilibrium Electrode Potentials of Some 
Metal-Chlorine Galvanic Cells and Activities 
of Some Metal Chlorides in LiCl-KC] Eutectic Melt 


Equilibrium electrode potentials of twelve metal-chlorine 
galvanic cells in LiCl-KCl eutectic melts containing various con- 
centrations of the corresponding metal chlorides have been meas- 
ured in the temperature range 760° to 860°K. The results indicate 


the order of the electrolytic decomposition of these metal chlo- 
rides in LiCl-KCl eutectic melt as a function of temperature and 
concentration. For those metal chlorides with known standard 
electrode potentials, their activities and activity coefficients are 
calculated from the observed potentials by using the Nernst equa- 
tion. It is found that AgCl shows positive deviation and PbCl,, 
CdCl,, ZnCl,, MgClz, and BeClz show negative deviation from 
Raoult’s law. The variation of the activity coefficients with tem- 


perature, concentration of the metal chloride, and size of the 
solute metal ion ave discussed on the basis of the effect of these 


L. Yang 


factors on the stability of the complex ions formed between the 


solute metal ions and the chloride ions. 


In electrochemical separation of metals, it is nec- 
essary to control the potential applied between the 
electrodes so that only the desired electrode re- 
actions can occur. A knowledge of the minimum 
potential needed for a given electrode reaction to 
take place continuously is therefore pertinent to the 
success of the process. In molten chloride systems 
at high temperatures, activation polarization is be- 
lieved to be small,” so the minimum potential 
needed for the electrolytic decomposition of a 
molten metal chloride MCl, (n = valence of the 
metal ion) is therefore essentially the equilibrium 
electrode potential E of the metal-chlorine galvanic 
cell in the solution. If the decomposition products 
are pure M and chlorine at a pressure of p atm, 


B= in [1] 
2 
Cl, 


Since E° (the standard electrode potential of MClz) 
is a constant at a given temperature and R (the gas 
constant), and F (the Faraday’s constant) are all 
constants, the variation of E with the electrolytic 
bath conditions is largely determined by the effect 
of the latter on the activity of the metal chloride 
ayci, (standard state = pure MCl,). Measurement 
of E and study of how ayq, varies with temperature 
and concentration, the nature of the solvent, and that 
of the coexisting solutes are therefore pertinent in 
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the selection of optimum operating conditions for the 
electrochemical separation of metals. 

Because of its low melting point, high decompo- 
sition potentials of its components, and the low solu- 
bility of heavier metals in it, the LiCl-KC1 eutectic 
melt is a useful solvent and has been used in the 
electrodeposition of Mo,* Ce,* and U* metals. 
Senderoff and Brenner® measured the potentials of 
Zn/Zn**, Fe/Fet+, Cu/Cut, Mo/Mot++, and Ag/Agt 
against an Ag/AgCl (pure) reference electrode at 
600°C and a concentration of 4.1 mole pct of each 
chloride and came to the conclusion that complex 
ion formation occurred in some of the melts. 
Laitinen and Liu® gave an electromotive force series 
at 450°C for a number of {Metal/Metal ions (unit 
activity)} electrodes in LiCl-KCl eutectic melt, the 


{Pt/Pt++ (unit activity)} electrode being chosen as 
the reference. Walker and Danly’ studied the ther- 
modynamic properties of NiCl, in LiCl-KCl eutectic 
melt over a wide range of temperatures and concen- 
trations by measuring the electrode potential be- 
tween a nickel electrode and a chlorine electrode in 
the melt. Since potential measurements made by 
using the chlorine reference electrode are of more 
direct significance both in the study of electro- 
chemical separation and in the evaluation of the 
thermodynamic properties of the melt, it is there- 
fore decided to measure the electrode potentials of 
cells of the type {M/MC1, (mole fraction = N) in 
LiC1-KCl eutectic melt/Cl,} over a range of N val- 
ues and temperature for a number of metal chlo- 
rides. The results should indicate the order by 
which the various metals plate out on the cathode 
and how this order is affected by temperature and 
the concentration of the metal chloride in the solu- 
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tion. For those metal chlorides whose E® values are 
accurately known, activities ayci, are calculated by 


using Eq. [1] and activity coefficients y MClp by using 
the equation: 
[2] 


Y 
Mcl, 


This should throw light on the interaction between 
the solute and the solvent ions and lead to a better 
understanding of the controlling factors of Avctn* 


EXPERIMENTAL 


Fig. 1 shows the arrangement of the pyrex glass 
cell used for measuring the electrode potential be- 
tween a metal electrode and a chlorine electrode 
in LiCl-KCl eutectic melt containing various con- 
centrations of the corresponding metal chloride. 
Twelve metal chlorides have been studied in the 
temperature range 760° to 860°K. The cell had a 
ground glass joint on top and a piece of 25-mil W 
wire sealed to its bottom. Through a side arm, the 
cell could be evacuated and filled with argon. The 
tungsten wire was exposed to the electrolyte in the 
cell for a length of about 2 mm on which the de- 
sired metal was deposited electrolytically to form 
the metal electrode. There were two openings with 
rubber seals on the top of the ground glass joint, 
one for the pyrex thermocouple well and the other 
for the chlorine electrode. The latter consisted of 
a /g-in. graphite rod dipped into the electrolyte for 
a depth of about 7/, in. and surrounded by chlorine 
gas bubbling through the electrolyte. Before being 
used, the graphite rod was heated in a gas-oxygen 
flame to remove its volatile contents and then sat- 
urated with chlorine in situ by electrolysis, while 
at the same time the desired metal was deposited 
on the tungsten wire. The chlorine electrode has 
been shown to behave satisfactorily by a number of 
authors.’-7* 

As shown in Fig. 1, the chlorine electrode was 
separated from the metal electrode and its sur- 
rounding electrolyte by a glass diaphragm, as in 
the arrangements used by Walker and Danly.” In 
many cases, however, a small hole (~1 mm diam) 
was made at the lower side of the glass diaphragm 
through which the electrolyte surrounding the metal 
electrode can communicate with that surrounding 
the chlorine electrode. No significant difference 
was found in the results obtained. Although the 
metal electrode shown in Fig. 1 was located at the 
bottom of the cell, for metals which attack glass, 
such as the rare-earth metals and yttrium, the 
tungsten wire had to be sealed onto the ground glass 
joint and inserted into the melt from the top of the 
cell. In this way the metal deposit was not in con- 
tact with any glass. While there was no difficulty 
in maintaining the catholyte and the anolyte at equal 
concentrations in the absence of a glass diaphragm, 
care must be taken in the presence of such a dia- 
phragm. In the latter case, when the metal was de- 
posited to form the metal electrode, the concentra- 
tion of metal chloride was depleted in the electrolyte 
surrounding the metal electrode but increased in the 
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Fig. 1—Cell arrangement of Cl, reference cell. 


electrolyte surrounding the chlorine electrode. 
However, since only 5 to 10 mg of metal was re- 
moved from the electrolyte, the change of concen- 
tration was negligible except for very dilute solu- 
tions. For such cases allowances were made for 
such changes in concentration by adding more metal 
chloride into the electrolyte surrounding the metal 
electrode at the beginning of the run. A Nichrome 
furnace which had a constant temperature zone 
(+1°C) of 2 in. and which was controlled to +1°C 
during each potential measurement was used for 
heating the cell. Temperature of the melt was 
measured with a calibrated chromel-alumel ther- 
mocouple. Potential measurements were made by 
means of a Brown recorder (0 to 100 mv range) 
connected to a K-2 type potentiometer and another 
potentiometer covering a range of 0 to 10 v. 

To insure that the cell arrangements and experi- 
mental procedures would not lead to erroneous re- 
sults, the electrode potentials between a silver elec- 
trode and a chlorine electrode in pure AgCl were 
measured in the temperature range 500° to 550°C 
and compared with values obtained by Salstrom.® The 
agreement was within + 1 mv. This indicates that the 
experimental methods were satisfactory and that the 
use of silver deposited on tungsten wire as the elec- 
trode did not introduce significant error to the elec- 
trode potentials obtained. For all the solid metals 
studied, visual inspection showed that the deposits 
covered the whole surface of the tungsten wire. Al- 
though the silver deposits finally grew as dendrites, 
the others remained as fine powder uniformly dis- 
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Fig. 2—Tungsten-graphite thermal electromotive force 
cold junction: 0°C. 


tributed over the tungsten surface. Consistent re- 
Sults were obtained even though different amounts of 
these metals were deposited, which varied from a 
few mg to about 10 mg when a glass diaphragm was 
present between the electrode compartments and 
from a few mg to 50 mg when the glass diaphragm 
was absent. 

1) Preparation of LiCl-KCl Eutectic Melt—The 
LiCl1-KCl1 eutectic melt was made by melting chem- 
ically pure grade LiCl and KCl (45 pct by wt LiCl 
and 55 pet by wt KCl) in HCl atmosphere after 
thorough drying in vacuum. The HCl in the melt 
was then removed by pumping. Detailed procedures 
for making pure LiCl-KCl eutectic melt has been 
given by Laitinen, Ferguson, and Osteryoung.” 

2) Preparation and Purification of the Electro- 
lyte—Twelve metal chlorides have been studied. 
The AgCl, PbCl,, CdCl,, ZnCl,, and MgCl, were 
chemically pure reagents obtained from Fisher 
Scientific Co., the first two dried in vacuum 


desiccator over P,O, and the rest dried ina 
stream of dry HCl at 400°C. The BeCl, was ob- 
tair ifrom Bios Laboratories, Inc. and purified 

by uistillation in hydrogen. The YCl,, LaCl,, NdCl,, 
and GdCl, were obtained from Lindsay Chemical Co. 
and dried in dry HCl at 400°C, their original purity 
being 99, 99.9, 99, and 98 pct, respectively. The 
ZrCl, was obtained from Carborundum Metals Co. 
and the HfCl, was supplied by the Bureau of Mines 
through the AEC. Both were purified by sublima- 
tion in an argon atmosphere. In all cases, the re- 
quired amount of the dry metal chloride and that of 
the LiCl-KCleutectic mixture were mixed thoroughly 
in a dry box and put into an arrangement similar to 
that shown in Fig. 1 but without the glass diaphragm. 
After evacuation at room temperature for about 

3 hr, argon was admitted and the mixture was 
melted and purified by electrolysis at a current 

of 20 to 50 ma for afew hours. The purified melt 
was then cooled quickly to room temperature and 
kept in sealed pyrex ampules. The purity of BeCl,, 
YCl,, LaCl;, GdCl,, and NdCl, in the purified melts 
has been determined spectroscopically. The metal- 
lic impurity content was found to be less than 

0.04 pct for BeCl,, less than 0.15 pct for GdCl,, 

and less than 0.09 pct for the others. The HfCl, 

and the ZrCl, used contained, respectively, 2 pct 
ZrCl, and 1 pct HfCl,, the other metallic impurities 
being less than 0.04 pct. Purification by electroly- 
sis under the above-mentioned conditions did not 
seem to reduce the ZrCl, concentration in the HfCl, 
melt or the HfCl, concentration in the ZrCl, melt 
significantly. The potentials reported in this work 
are therefore for these impure melts. 

3) Measurement of the Equilibrium Electrode 
Potential—The cell was first baked in vacuum at 
500°C and then loaded in a dry box with enough 
purified electrolyte to give a melt of about 1 in. 
depth. The cell was then evacuated at room tem- 


Tablel. AgCl 
Partial Molar Entropy 
of Mixing, e.u. 
Mole Fraction Temp., Pressure E Observed dE /dT, Activity, Activity AS Ex- AS 
of AgCl, N °K Clo, Atm Volts Volts per Deg a Coef., y perimental Regular 
0.0146 768 0.976 1.1474 +8.66 x 1075 0.028 1.91 8.74 8.40 
801 1.1493 0.027 1.84 
823 1.1524 0.025 1.74 
-5 
0.0367 775 0.979 1.0834 - 3.00 x 10 0.065 1.76 6.04 6.56 
796 1.0825 0.063 1.73 
804 1.0826 0.062 1.70 
825 1.0818 0.061 1.67 
-5 
0.0452 _ 769 0.968 1.0694 - 3.33 x 10 0.079 1.75 5.98 6.16 
798 1.0687 0.076 1.68 
824 1.0680 0.073 1.63 
3.24 
0.1966 767 0.975 0.9835 -1.55 x 10 0.291 1.48 3.16 
803 0.9771 0.283 1.44 
823 0.9743 0.275 1.40 
-4 
0.975 0.9388 - 2.33 x 10 0.572 1.14 1.36 1537; 
0.9346 0.597 1.19 
797 0.9294 0.577 1.15 
825 0.9203 0.587 1.17 


£°=(1.0461 — 0.000292 v® 
dE°/dT = —2.92 x 10°* v per deg 
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Table Il. 


Partial Molar Entropy 
of Mixing, e.u. 


Mole Fraction Temp., Pressure E Observed dE/dT, Activity, Activity AS Ex- AS 
of PbCl,N 2K Cly, Atm Volts Volts per Deg 102 a Coef., y perimental Regular 
0.0164 774 0.985 1.4379 - 3.08 x 104 0.682 0.416 9.59 7.95 
795 1.4290 0.697 0.425 
799 1.4270 0.697 0.425 
816 1.4193 0.714 0.435 
826 1.4154 0.714 0.435 
0.0223 775 0.968 1.4248 -4,.25 x 104 0.982 0.445 9.22 7.57 
791 1.4189 0.960 0.430 
811 1.4113 0.930 0.417 
813 1.4107 0.936 0.420 
0.0477 764 0.978 1.4034 —4,28 x 10% Dead 0.466 9.08 6.06 
787 1.3941 0.445 
793 1.3921 2.08 0.436 
807 1.3866 2.03 0.426 
829 1.3770 1.99 0.418 
0.1390 756 0.978 S577. -4.87 x 104 10.1 0.725 6.37 3.92 
775 1.3505 9.25 0.666 
809 1.3347 8.79 0.632 
829 1.3285 7.79 0.560 
0.5550 777 0.971 1.2955 -6.00 x 1074 46.1 0.830 1.15 SEAGy 
799 1.2844 43.7 0.787 
815 L275 43.5 0.784 


E® = 1.2730 — 0.000625 (¢°C — 500) v? 
dE°/dT =-6.25 x 10°* v per deg 


perature for a few hours, filled with argon, and through the melt until about 10 mg of metal was de- 
brought to the required temperature. Chlorine posited on the tungsten wire. For metals which are 
gas, dried by passing through P,O,, was then liquid at the temperature of investigation, such as 
bubbled through the melt around the graphite elec- Pb, Zn, and Cd, the length of the tungsten wire ex- 
trode. At the same time, current was passed posed to the electrolyte was reduced to less than 


Table Ill. 


Partial Molar Entropy 
of Mixing, e.u. 


Mole Fraction Temp., Pressure E Observed dE/dT, Activity, Activity AS Ex- AS 
of CdCly, NV °K Cl, Atm Volts Volts per Deg 103 a Coef., 102 y perimental Regular 
0.0067 778 0.975 1.6660 ~ $4250 0.364 5.43 13.24 9.97 
797 1.6591 0.381 5.69 
818 1.6517 0.400 5.96 
830 1.6480 0.400 5.96 
0.0087 774 0.972 1.6604 BS:70.< 10" 0.437 5.03 11.95 9.43 
781 1.6545 0.498 5.73 
797 1.6484 0.516 5.93 
823 1.6368 0.573 6.58 
0.0228 765 0.969 1.6243 ~4.37x 1074 1.41 6.19 8.86 
782 1.6193 1.39 6.07 
805 1.6083 1.50 6.59 
824 1.5983 1.66 7.28 
0.0470 773 0.965 1.5929 ~ 4.82 x 104 3.35 7.13 6 
783 1.5887 3.43 7.29 
828 1.5666 3.90 8.28 
0.0750 774 0.969 1.5699 -4.97 x 1074 | 
774 97 x 10 6.62 8.83 6.09 5.51 i] 
1.5619 6.85 9.14 | 
805 1.5553 7.01 9.35 i] 
826 1.5446 7.35 9.80 | 
0.1353 777 0.969 1.5391 =$.30.x 107 16.1 11.89 4.57 3.98 
790 1.5329 16.2 11.97 | 
805 1.5248 16.9 12.45 | 
822 1.5151 17.9 13.18 | 
| 


E® = 1.3421 — 0.000629 (¢°C —599) v1° 
dk°/dT = — 10 v per deg 
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Table ZnCl. 


Partial Molar Entropy 
of Mixing, e.u. 


Mole Fraction Temp. Pressure E Observed dE /dT Activi ivi 5 5 
vity, Activity AS Ex- AS 
of ath: N ai Clo, Atm Volts Volts per Deg 103 a Coef., 102 y perimental Regular 
0.0161 778 0.978 1.8875 -4,33 x 1074 0.074 0.460 12.1 8.22 
793 1.8799 0.081 0.503 
811 1.8724 0.085 0.528 
833 1.8570 0.111 0.690 
0.0266 773 0.970 1.8695 -4.35 x 1074 0.130 0.489 12.0 TQ 
786 1.8632 0.141 0.530 
802 1.8558 0.152 0.572 
823 1.8463 0.162 0.610 
0.0452 777 0.975 1.8439 -4.42 x 104 0.271 0.599 1Dy/ 6.17 
793 1.8364 0.280 0.620 
821 1.8247 0.312 0.690 
0.0774 772 0.980 1.8129 -5.00 x 1074 0.271 0.940 8.99 5.10 
797 1.8006 0.781 1.01 
810 1.7951 0.797 1.03 
825 1.7848 0.905 17 
0.2048 771 0.966 1.7601 -5.30 x 107 3.57 1.74 7.61 3.15 
778 1.7555 3.71 1.81 
788 1.7523 3.55 1.73 
812 1.7425 3.50 
824 1.7359 3.59 1.75 


E° = 1.5725 — 0.000695 (¢°C —500) 


dE°/dT = —6.95 x 10 v per deg 


7/2 mam and enough metal was deposited to cover it. 
For such cases, it is preferable to use the cell ar- 
rangement without the glass diaphragm in order to 
avoid the build up of a difference between the com- 


position of the electrolyte around the metal and that 
around the graphite by long periods of electrolysis. 

After enough metal was deposited on the tungsten 
wire, the current was switched off and the potential 


Table V. MgClo 
Partial Molar Entropy 
of Mixing, e.u. 
Mole Fraction Temp., Pressure E Observed, dE /dT, Activity, Activity AS Ex- AS 
of MgCly, N °K Cly, Atm Volts Volts per Deg 103 a Coef., 102 y perimental Regular 
0.0138 775 0.974 2.9560 = 0.084 0.614 13.4 8.50 
792 2.9512 0.086 0.621 
805 2.9441 0.095 0.689 
813 2.9405 0.102 0.736 
° 819 2.9380 0.104 0.746 
0.0300 thes 0.974 2.9022 -4.18 x 107+ 0.426 1.42 11.8 6.98 
795 2.8943 0.447 1.49 
812 2.8878 0.456 152 
824 2.8811 0.495 1.65 
0.0315 770 0.974 2.9006 0.488 11.6 6.89 
774 2.9007 0.461 1.48 
795 2.8913 0.494 1.57 
808 2.8870 0.554 1.76 
820 2.8794 0.541 1072 
0.0571 769 0.975 2.8677 =5.45 1.28 225 6.04 5.70 
776 2.8638 1.31 2.30 
789 2.8551 2.64 
794 2.8543 1.39 2.44 
“811 2.8462 2.64 
812 2.8430 1.47 2.58 
0.1080 775 0.974 2.8474 -6.57 x 10° 2.20 2.04 0.739 4.43 
792 2.8389 2.34 QT 
802 2.8345 2.34 2.16 
830 2.8158 2.84 2.63 


E° 2.5112 — 0.000673 (°C — 700) v?° 


dE°/dT = —6.73 x per deg 
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Table VI. 


Partial Molar Entropy 
of Mixing, e.u. 


Activity 


AS 
0.0021 761 0.967 2.4726 8:87 3% 10 1.75 x 10°77 0.832 24.1 12.3 
789 2.4537 1.92 x 10°” 0.911 
817 2.4524 2.30 x 10°” 1.10 
0.0259 765 0.972 2.3650 - 4.00 x 104 4.66 x 10° 1.80 21.2 7.26 
782 2.3594 4.48 x 10°° 1.73 
793 2.3547 4.58 x 10°° 1.77 
800 2.3509 4.69 x 10°° 1.81 
817 2.3434 5.19 x 10°° 2.01 
0.0416 768 0.966 2.3330 - 4.66 x 10-4 1.16 x 10° 2.79 18.2 6.32 
781 2.3280 1.19 x 10° 2.85 
801 2.3185 1.24 x 10° 2.99 
817 2.3109 1.30 x 10° 3.13 
0.1514 771 0.975 2.2456 -5.88 x 10°4 1.60 x 1074 10.6 12.5 3.76 
778 2.2410 1.67 x 104 11.0 
781 2.2394 1.61 x 104 10.7 
808 2.2237 1.90 x 104 12.5 
816 2.2186 1.83 x 104 1274 
818 2.2175 1.81 x 107 12.0 


The E° values below are from our experimental values: 


713°K 2.0074 v 
728°K 1.9926 v dE° /dT =-8.60 x 10°* v per deg 
734°K 1.9888 v 


between the metal electrode and the chlorine elec- 
trode was followed to 0.1 mv on a Brown recorder 
connected in series with a K-type potentiometer and 
another potentiometer covering a range of 0 to 10 v 
until a steady value was reached. The temperature 
of the melt was then changed to different values and 
the corresponding steady potentials recorded. Fi- 
nally, the melt was brought back to the original tem- 
perature and the steady potential reached was com- 
pared with that obtained before. The agreement 

was usually within a few millivolts. In addition, the 
reversibility of the electrode reactions was estab- 
lished by the close agreement (within 1 mv) between 
the steady potential obtained in the above manner 
and that obtained after a few milliamperes have been 


When the measurements were completed, the 
chlorine electrode and the thermocouple well were 
raised out of the melt and the melt was cooled 
quickly and analyzed for its metal chloride content. 


EXPERIMENTAL RESULTS 


The observed equilibrium electrode potentials, 
corrected for the thermal electromotive force of 
the graphite-tungsten couple determined experi- 
mentally with materials used in this work (Fig. 2, 
graphite —, tungsten +), are shown in Tables I to 
XII, together with the temperature (°K) and the con- 
centrations of the melts (in mole fraction Nyc, of 


drawn from the cell for about 2 min. Table Vill. YCI3 
E 
Table VII. GdCl3 Mole Fraction emp., Pressure Observed, dE/dT, 
: of YCl3, NV °K Cl 5, Atm Volts Volts per Deg 
Mole Fraction Temp., Pressure Observed, dE/dT, 0.0044 0 ni ie 
of GdCl3, NV °K Atm Volts Volts per Deg 
814 3.1683 
0.00684 764 0.985 3.1199 -5.35 x 1074 
793 3.1057 0.0101 764 0.977 3.1825 -6.65 x 1074 
817 3.0917 776 3.1738 
820 3.1449 
0.0152 767 0.972 3.1025 -5.47 x 1074 
769 2.1006 0.0125 773 0.983 3.1722 -7.25 x 1074 
787 3.0911 786 3.1611 
814 3.0768 813 3.1423 
0.0200 762 0.979 3.0997 -5.67 x 1074 0.0207 782 0.976 3.1384 -7.83 x 1074 
787 3.0854 801 3.1237 
819 3.0672 825 3.1050 
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Table IX. ZrCly 


E 
Mole Fraction Temp., Pressure Observed, dE/dT, 
of ZrCl4, N SK Clo, Atm Volts Volts per Deg 
0.0049 777 0.972 2.1518 - 1.07 x 1073 
778 2.1548 
791 2.1362 
803 2.1235 
824 2.1046 
0.0133 774 0.983 2.0834 - 1.15 x 1073 
787 2.0698 
807 2.0448 
823 2.0278 
0.0152 777 0.982 2.0713 - 1.20 x 1073 
781 2.0649 
789 2.0546 
801 2.0407 
820 2.0172 
0.0277 773 0.977 2.0100 - 1.27 x 1073 
795 1.9835 
796 1.9825 
819 1.9537 


the solute). For AgCl, PbCl,, CdCl,, ZnCl,, and 
MgCl,, whose standard electrode potentials E° have 
been measured previously (shown at the bottom of 
the tables), and for BeCl,, whose E° values have been 
measured in this work and extrapolated to the tem- 
peratures used in the potential measurements, 
Table XIV, the tables also contain 

1) the activities ayq, and activity coefficients 
Yuci, calculated by using Eqs. [1] and [2], the 


standard states being liquid (for AgCl, PbCl,, ZnCl,, 


BeCl,) or supercooled liquid (for CdCl,, MgCl,) 
metal chloride; liquid (for Pb, Cd, Zn), supercooled 
liquid (for Mg), or solid (for Ag, Be) metal; and 
gaseous chlorine at 1 atm 

2) the partial molar entropy of mixing 


(3] 


AS uct, dT ~ aT 


3) the partial molar entropy of mixing if the 
melts behave like ideal or regular solutions 


AS, cin -R In Ntcin [4] 


Table XI. LaCl, 


Mole Fraction Temp., Pressure E Observed, dE/dT, 
of LaCl3, V °K Clo, Atm Volts Volts per Deg 
0.0058 774 0.971 3.2067 -5.48 x 10°4 
774 3.2055 
794 3.1948 
811 3.1857 
0.0106 764 0.975 3.1959 ~6.12 x 10°* 
769 3.1932 
791 3.1780 
819 3.1625 
0.0167 777 0.973 3.1788 -6.28 x 10°4 
798 3.1664 
811 3.1562 
0.0253 765 0.980 3.1713 -6.65 x 104 
769 3.1687 
784 3.1615 
817 3.1394 


Table X. HCl, 
E 
Mole Fraction Temp., Pressure Observed, dE/dT, 
of HfCl,4, N °K Clo, Atm Volts Volts per Deg 
0.0034 807 0.982 2.2060 -3.64 x 10°4 
817 2.2029 
823 2.2014 
830 2.1963 
845 2.1922 
0.0057 793 0.970 2.2012 - 3.74 x 1074 
819 2.1920 
826 2.1881 
848 2.1830 
0.0071 827 0.973 2.1825 - 4.92 x 1074 
839 2.1762 
842 2.1746 
850 2.1718 
852 2.1701 
861 2.1656 
0.0211 804 0.982 2.1641 10s 
809 2.1617 
815 2.1589 
829 2.1462 


In the calculation of ayci, by using Eq. [1] it is 
assumed that = 1 for AgCl, and m = 2 for PbCl,, 
CdCl,, MgCl,, and BeCl,. Usually is determined 
from the slope of the isothermal E vs log N yci, 
plot, provided the concentrations are low enough so 
that Henry’s law is obeyed, 7.e. y Mcl, = Constant. 
Although the concentrations of these chlorides used 
in this work are not low enough to meet this re- 
quirement, nevertheless, for AgCl, PbCl,, CdCl,, 
and ZnCl,, the relationship 


RT N, 
By cin N, [5] 
seems to hold between the most dilute melt studied 
and the one immediately above it in concentration, 
if m is taken as “‘unity’’ for AgCl and ‘‘two’’ for 
PbCl,, CdCl,, and ZnCl,. Laitinen and Liu® showed 
that in very dilute solutions of these metal chlorides 
in LiC1l-KCl eutectic melts the slopes of the Nernst 
equation plots correspond to z = 1 for AgCl, and 
n= 2 for PbCl,, CdCl,, ZnCl,, and MgCl,. More- 


Table XII. NdCl3 


Mole Fraction Temp., Pressure E Observed dE/dT, 
of NdCl3, NV °K Cl2, Atm Volts Volts per Deg 
0.0021 780 0.977 3.1689 = 4.57 
785 3.1660 
790 3.1642 
799 3.1597 
815 3.1529 
0.0046 © 774 0.982 3.1567 -4.83 x 1074 
801 3.1430 
817 3.1370 
0.0087 776 0.974 3.1418 -6.07 x 1074 
789 3.1346 
797 3.1297 
803 3.1267 
821 3.1143 
0.0308 770 0.978 3.1081 -9.58 x 1074 
787 3.0931 
817 3.0637 
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Table XIII. Comparison of the Experimental Values E° of AgCl, 
PbCly, CdClo, ZnCl2, MgCl2, and BeCl2 with the 
Calculated Values. T = 800°K 


Com- E° Calculated by 
pound Experimental E°, Volt Hamer et al.11 
AgCl Salstrom® 0.892 0.889 
PbClz Lorenze and Velde!® 1.262 1.256 
Wachter and Hilderbrand® 1.256 
Platenev and Rozov?* 1.254 
Lantratov and Alabyshev?* 1.260 
CdCly Lorenz and Velde! 1.387 1.382 
Lantratov and Alabyshev!3 1.380 
ZnCl2 Lorenz and Velde!® 1.558 1.589 
Wachter and Hilderbrand? 1.553 
Lantratov and Alabyshev!? 1.550 
MgCl, Lorenz and Velde?° 2,597 2.616 
BeCl, This work 1.930 1.915 (calculated 


by using the 
data of Brewer 
et al,24) 


over, the experimental E° values for AgCl,°® 
MgCl,*° agree reasonably well with those calcu- 
lated by Hamer et al." from their standard free 
energies of formation evaluated from thermal data, 
Table XIII, This indicates that both in the pure 
chlorides and in the very dilute solutions, the elec- 
trode reactions for the AgCl melts and the PbCl,, 
CdCl,, ZnCl,, MgCl, melts involve one and two 
electrons respectively. This is probably also true 
in the concentration ranges used in this work. On 
the basis of the data obtained for HfCl,, LaCl,, 
NdCl,, GdCl,, and YC1; melts the slopes of the 
isothermal Nernst plots yield m = 4 for HfCl, and 
nm = 3 for the rest, indicating that the potentials ob- 
tained for the HfCl,, rare earth and the YCl, melts 
correspond to ‘‘four-’’ and ‘‘three-electron’’ reac- 
tions, respectively. For the ZrCl, melts, a rea- 
sonable value of m cannot be obtained in this way, 
because Henry’s law is not obeyed in the concentra- 
tion range studied in this work. The valence state 
of Zr ions in equilibrium with Zr metal in LiCl-KCl 
eutectic melt is being investigated by other methods. 
The BeCl, melt presents a specific problem. The 
calculated E° values by Hamer et al. are about 0.2 v 
higher than those evaluated on the basis of the ther- 
mal data given by Brewer et al.** Our experimental 
values agree with the latter within 35 mv, see 
Table XIV. The experimental values may involve a 
small error because the high vapor pressure of BeCl, 
makes it impossible to know exactly the chlorine 
pressure at the graphite-electrolyte interface. The 
error, however, cannot be serious, because doubling 
the flow rate of the chlorine gas around the graphite 
electrode did not seem to change the potential read- 
ing, provided the chlorine gas was preheated suffi- 
ciently to the temperature of the melt. Although the 
value of m for BeCl, melts cannot be evaluated from 
the isothermal Nernst plot because of the noncom- 
pliance of Henry’s law in the concentration range 
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used in this work, the agreement between our ex- 
perimental E°® values with those calculated by using 
the standard free-energy change of the reaction _ 
Be + Cl, ~ BeCl, given by Brewer et al.,“ seems 
to indicate that a ‘‘two-electron’’ reaction is in- 
volved in pure BeCl, and probably also in these 
melts used in this work. 

The results are also shown graphically as follows. 
In Fig. 3, the observed potentials are plotted as a 
function of temperature for various concentrations 
of each metal chloride studied. It indicates clearly 
the order by which different metal chlorides de- 
compose electrolytically in LiCl-KCl eutectic melts 
asa function of temperature, concentration, and the 
nature of the metal chloride. Fig. 4 shows the vari- 
ation of the activities of various metal chlorides 
with temperature and concentration and Fig. 5 shows 
their isothermal (800°K) ‘‘activity vs concentration’’ 
plot. The relative sizes of the ions of the solvent 
and that of the solutes are also included in Fig. 5 
for comparison. 

The results can be summarized as follows: 


1) The observed potentials differ from those 
calculated from the E° values and the concentrations 
of the metal chlorides, indicating that all these 
melts are not ideal solutions. 


2) The AgCl melts show positive deviation (Z.e., 


-y > 1) and the other melts show negative deviation 


(i.e., y < 1) from Raoult’s law. 


3) The higher the temperature of the melt, the 
less is the deviation from ideal behavior. The only 
exceptions are the PbCl, melts. 


4) The higher the concentration of the melts, the 
less is the deviation from ideal behavior. 


5) Starting from the AgCl melts which possess 
the biggest solute metal ion and deviate positively, 
the melts show increasingly negative deviation from 
the ideal behavior as the size of the solute metal 
ions become smaller, ZnCl, being the only one out 
of place, see Fig. 5. 


6) The AgCl melts behave like a regular solution 
(ASagci = AS, agci ), all the cations (Li*, Kt, 
Agt) are randomly distributed among the cation 
sites. For most of the other melts, AS is greater 
than AS,, probably because of the formation of 
complex ions between the solute metal ions and the 
chloride ions. The smaller the activity coefficients, 
i.e., the more stable are the complex ions, the 
bigger is AS over AS,. The only case where AS” 
is smaller than AS, is found in the most concen- 
trated MgCl, melt studied (N ygci, = 0.1080). The 
reason for this, however, is not clear. 


Table XIV. Comparison of Eee Obtained with Basen 


Calculated from Thermal Data 


E° Calc. from Data 
of Brewer et al, 


E°Cale. by 


Temp.,°K £° This Work Hamer et 


713 2.0074 1,973 
728 1.9926 1.964 2.166 
734 1.9888 1.959 2.163 
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Fig. 3—Observed voltage vs tempera- 
ture, solute concentration in mole frac- 
tion. 
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DISCUSSION 


The present work not only establishes the order 
for the electrolytic decomposition of a number of 
metal chlorides in LiCl-KCl eutectic melt as a 
function of temperature and concentration, but also 
demonstrates clearly the effect of the interaction 
between the solute ions and the solvent ions on this 
order. Previous investigations of the decomposi- 
tion potential, the equilibrium potential, and the 
electromotive force series of metal ions have been 
made by various authors in other metal halide sol- 
vents.”-*° Although some of these results are only 
of qualitative value, they all illustrate the impor- 
tance of the interaction between the solute ions and 
the solvent ions in determining the potential at 
which the electrolytic decomposition of the solute 
can occur continuously. Thermodynamically, the 
degree of the interaction is proportional to the de- 
viation of the activity coefficient y of the metal 
- halide from unity; y is related to the other ther- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Age. 208 


| 
192 .0277 
100 


740160 760 00 B20 B40 G60 B90 700 


K elvin 
modynamical quantities by the equation: 


RT Ina = RT InNy = AH - TAS [6] 


where AH, the partial molar heat of solution of the 
metal halide solute, is related to the difference be- 
tween the binding energies of its ions in the solu- 
tion and that in the pure compound; and AS, the 
partial molar entropy of solution of the metal halide 
solute, is determined by the mode of distribution of 
its ions in the solution. If AH and AS for any given 
case can be evaluated by some means, then the ac- 
tivity coefficient of the metal halide and thus its 
decomposition potential for any given concentration 
and temperature T can be calculated from its 
standard electrode potential E° and the tempera- 
ture T by using the Nernst relationship. The selec- 
tion of the optimum solvent systems and operating 
conditions for the electrochemical separation of 
metals in thus greatly simplified. 
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Fig. 4—Activity vs temperature at var- 
ious mole fractions of solute. 


“Kelvin 


Although this is in general very difficult, if not 
impossible, it is of interest to examine a few 
special cases. 

1) If the solution of the metal halide in the sol- 


vent behaves ideally, then AH = 0 and AS = -R InN. 


Therefore y = 1 anda=WN. Cases like this are 
rather rare. 

2) If AH + 0 but the ions of similar sign are 
randomly distributed among themselves according 
to the Temkin model® then the solution is regular 
but nonideal and AS = -R InN, In y = AH/RT. To 
calculate y it is therefore necessary to know Ad. 
Equations . have been derived by Hildebrand and 
Salstrom,* Forland, *° and Flood, Forland, and 
Grjotheim*® to correlate y with concentration and 
other thermodynamic properties of the melt. Using 
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their equation, Flood et al. calculated in 


molten slags containing Fet+, Catt, Mg*t, SiOz 
O~, and so forth. The same equation was used by 
Flood, Fykse, and Urnes® in their evaluation of the 
activity data of the systems NaF-KCl, NaCl-KF, 
LiF-KCl, and LiCl-KF, and by Flood and Urnes™ | 
for calculating the activities of RCl (R = Na, K, Rb) | 
and MgCl, in the systems RC1-MgCl,. | 

3) In general, AH + 0 and AS +-RInN. To 
calculate y, it is necessary to know not only what 
ionic species are present but also how they are 
distributed in the solution.®»*? Since these infor- 
mations are not always available, the evaluation of 
activity data is far from being an easy task. 

In spite of these difficulties, the interaction be- | 
tween the ions in a solution can be judged qualita- 
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Fig. 5—Isothermal activity vs mole frac- 
tion at 800°K. OWE 
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tively from the magnitude of their polarizability and 
polarizing power. For metal halides, the halogen 
ions usually have higher polarizability and smaller 
polarizing power than the metal ions with the ex- 
ception of a few cases like CsF. When two metal 
halides M,X and M,X are brought together to form 
a solution, the environment around the ions is 
changed. If the polarizing power of M, and that of 
M, do not differ too much, then there is no signifi- 
cant deformation of the electron cloud surrounding 
the halogen ions toward M, or M,. No stable com- 
plex ions can therefore form and the melt may be- 
have like an ideal solution or a regular solution 
with y values not too far from unity. y may be 
bigger (positive deviation) or smaller (negative 
deviation) than unity, depending on the relative mag- 
nitude of the repulsive energies between M, and M,, 
M, and M,, and M, and M,. The case of AgBr in 
LiBr, KBr, and RbBr, studied by Hildebrand and 
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Salstrom*’ is a typical example for this case. The 
melts are all regular solutions, with y AgBr bigger 
than unity in LiBr and NaBr and smaller than unity 
in KBr and RbBr. The solution of AgCl in LiCl-KCl 
eutectic melt in the present work, is another ex- 
ample. For all these melts the deviation of y A 

gBr 
from unity is small. 

On the other hand, if the polarizing power of M, 
and that of M, differ greatly, the halogen ion X 
would be deformed towards the one with the greater 
polarizing power. This may lead to the formation of 
stable complex ions and y values much smaller than 
unity. The existance of complex ions in molten 
halides has been demonstrated by conductivity 
measurements,” ** cryoscopic studies,” spec- 
troscopic means, ** °° and solubility methods.” 
Relevant literature has been reviewed by Janz” and 
Gardner and Janz.°* Since the polarizing power is 
determined primarily by the charge, the size, and 
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the electron configuration of the ion, the tendency 
for the formation of complex ions should also de- 
pend on these factors. In electrochemical separa- 
tion of metals in molten salt systems, the solvents 
are usually alkali or alkaline earth halides with 
cations of inert gas structure and low polarizing 
power and the solutes are usually metal halides 
with cations of relatively high polarizing power.™ 
It would therefore be expected, as pointed out by 
Lantratov and Alabyshev,** that for the same sol- 
vent the smaller the size and the higher the charge 
of the solute cation, the higher is their polarizing 
power and the smaller is the y values of the solute. 

The effect of the size of the cation of the solute 
on y values is clearly borne out by the gradual de- 
crease of the y value of the solute MCl, observed 
in this work and illustrated in Fig. 5 for T= S00- K, 
as M passes from Pbt+ (7 = 1. 21 A), Cdtt (7 =0. 97A), 
(7 = 0.65A) to Bet+ = 0.31A). The ZnCl, 
melts seem to be out of place in this series, since 
according to the size of Zn** (7 = 0.74A), ¥ zact, 
should be bigger than y MgCl, at the same tempera- 
ture. The observed y znci, , however, is much 
smaller than y mgci, .Nit+ (r= 0. 69A) is of about 
the same size as Mg++ (vy = 0.65A). The values of 
Ynici,, reported by Walker and Danly,” are close to 
that of the y meci, found in this work. Thus the 
order is also upset when yznci, is compared with 
Y nicl; The same abnormality has been found in 
the chloro- -complexes of Zn, Cd, and Hg. Although 
the size of Hg** (r= 1. 10A) is bigger than that of 
Catt (7 = 0.97A), the force constant of the Cd com- 
plex is smaller than that of the Hg complex.*® 
Bredig and Van Artsdalen® pointed out that this is 
because the mutual polarization of the metal ions 
and the chloride ions in-the series Zn, Cd, and Hg 
is at a minimum in the Cd complex. Znt+, because 
of its smaller size, is more polarizing than Cdt*, 
and Hgtt+ which is bigger than Cd++ is more po- 
larizable than Cdt+, The same explanation may 
apply to the present case. The Znt+ being bigger 
than Mgt+t, is more polarizable; and the Bet+, being 
smaller than Mgt+, is more polarizing. Thus the 
stability of the Mg complex is lower than that of the 
Be and the Zn complexes, although the size of Mg++ 
lies in between that of Be*+ and.Zn*++, It is inter- 
esting to see that higher stability of the chloro- 
complex occurs at the top, the bottom, and the 
middle of the series Be, Mg, Zn, Cd, and Hg, a fact 
corroborated by the low electric conductivity of 
BeCl,, ZnCl,, and HgCl,, as compared with that of 
MgCl, and CdCl,, All these indicate that in pre- 
dicting the magnitude of the interaction of the cat- 
ions and the anions in a mixture, both their polar- 
izing power and their polarizability have to be taken 
into account. 

Higher temperature reduces the stability of the 
complex ions and higher solute concentration means 
a closer resemblance between the environment 
around the solute ions in the solution and that in the 
pure solute. In either case, the solution should be 
expected to behave more ideally and the y values of 
the solute should be nearer to unity. All these seem 
to agree well with experimental observations. 

The effect of incorporating a third component 


600—-VOLUME 215, AUGUST 1959 


LiCl-KCI Eutectic Mixture and KCI. 570°C, Nsolute = 9-6 


| 
Table XV. Activity Coefficients of AgCl and PbCl2 in LiCl, | 

| 


Solute Solvent Activity Coefficient y 
| 

AgCl LiCl 1.35}2 | 
LiC1-KCl 1.03* i| 
KCl 0.9817 | 
PbCl, LiCl 1.0473 
LiCl-KCl 0.78* 
KCl 0.5815 | 


* Extrapolated from results of this work 


upon the activity coefficient of a given solute in a 
certain solvent can be seen from Table XV. It seems 
that LiCl tends to lead to y values bigger than unity 
(positive deviation) and KCl tends to lead to y values 
smaller than unity (negative deviation). By using a | 
mixture of them as the solvent, intermediate y values 
are obtained. Much bigger effects would be observed 
if the cation of the third component added has a 
stronger tendency to form complex ions with the sol- 
vent anions than the solute cations. For such cases, 
the y values of the solute would increase with the | 
addition of the third component. 

The opposing influences of LiCl and KCl on Y ppc, | 
may explain why the observed (dy /dT) peci, in 
LiC1-KCl eutectic melt is negative instead of 
positive as would be expected. As shown in 
Table XV, y ppci, is bigger than unity in LiCl and 
smaller than unity in KCl. It follows, therefore, that 
(dy /aT) ppc, should be negative in LiCl and positive 
in KCl, because higher temperature should make the 
melt more ideal. In LiCl-KCl eutectic melt, if the 
negative contribution by LiCl outweighs the positive 
contribution by KCl, the observed (dy 
becomes negative. 

Although in all of the above treatments it is as- 
sumed that only one kind of anion is present in the 
solution, the same general principles should govern 
cases involving different anions or different cations 
and anions. 
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Observations on the Structure and Sintering 
Mechanism of Cemented Carbides 


An experimental investigation of the structure of sintered 
WC-Co and TiC-Co alloys was carried out by means of dilatometric 
and metallographic methods. It was concluded that the sintering of 
cemented carbides takes place by transport of particles through the 
liquid binder, followed by grain growth and coalescence of carbide 
grains. The structure changes during sintering by the formation of 
contacts between carbide grains. The degree of continuity of the 


carbide phase varies with composition, sintering temperature and 


time, and grain size. 


Tue microstructure of sintered carbides consists of 
particles of metal carbides, such as WC and TiC, 
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embedded in a metallic binder which is usually a 
cobalt—or nickel-rich solid solution. One of the im- 
portant factors influencing the strength of the alloys 
is the degree of dispersion of the carbide particles 
in the binder matrix. While it is generally accepted 
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that the binder phase is continuous, there exists 
some controversy about the degree of continuity of 
the carbide phase. Dawihl and Hinnueber’* proposed 
the existence of a continuous carbide skeleton in 
WC-Co alloys with cobalt contents up to approxi- 
mately 16 pct by volume. They showed experiment- 
ally that a sintered compact with 10 pct of Co main- 
tained its shape and part of its strength after the 
binder had been removed by leaching with boiling 
hydrochloric acid. A different conclusion was 
reached by Gurland and Norton” whose experimental 
results indicated that a continuous network of car- 
bide is not formed in WC-Co alloys. Their theory 
was based on the observed disintegration of sintered 
compacts by electrolytic leaching, also on the shape 
of dilatometric sintering and cooling curves. The 
electrolytic leaching experiments were recently 
criticized by Bernard® who attributed the reported 
break-up of the WC network to the oxidizing action 
of the electrolyte, although he also noted a marked 
difference in the rate of attack between compacts 
with and without cobalt. 

Not only the structure, but also the role of cobalt 
during sintering and the sintering mechanism itself 
are obscured by conflicting theories. The greater 
part of densification takes place above the solidus 
temperature of approximately 1300°C. According to 
Dawihl and Hinnueber,’* the function of the cobalt is 
to facilitate the growing together of WC crystals into 
a skeleton which is already present at temperatures 
below 1000°C. A later theory of Dawihl assumes the 
presence of a cobalt-rich layer on the WC grains 
which, being plastic, allows a certain amount of 
relative motion of the grains while maintaining, how- 
ever, a skeleton-like formation.*~° Gurland and 
Norton? looked to the liquid cobalt to directly supply 
the driving force of densification, namely its surface 
tension, which achieves a denser packing ofathe 
mobile carbide particles. A two-stage sintering 
process has also been suggested® ® which would 
reconcile some of the contradictory experimental 
results on which the first theories were based. Ac- 
cording to this view, densification by rearrangement 
of disconnected carbide particles is followed by 
adherence of carbide crystals to each other. 
Coalescence of adjacent WC grains has been men- 
tioned in connection with the occasional appearance 
of very large grains in the microstructure and the 
existence of small areas of cobalt entirely sur- 
rounded by a carbide grain.® Parikh and Humenik’® 
discussed the influence of surface-tension char- 
acteristics on the microstructure of sintered car- 
bides and concluded that coalescence is a possible 
mechanism of grain growth in this type of alloy. 
They pointed out that grain growth in a completely 
dispersed system must occur by solution and repre- 
cipitation, whereas coalescence would take place in 
systems with incomplete wetting. The authors cite 
the WC-Co system as an illustration of the former, 
and the WC-Cu and TiC-Ni systems as examples of 
the latter mechanism of grain growth. 

The distribution of liquid and solid phases in alloys 
is governed by the relative magnitudes of the grain 
boundary and interphase boundary energies. The 
theory has been presented by Smith,*’ but quantita- 
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tive information on the interfacial energies in WC-Co 
and TiC-Co alloys is limited. The contact angle of 
liquid cobalt on a polycrystalline surface of TiC has 
been found to be 36 deg in hydrogen.*° It has also 
been reported that liquid cobalt spreads completely 
over a polycrystalline surface of WC, so that the 
angle of contact is very small.* Livey and Murray™ 
showed that TiC is wetted readily by copper and 
silver above 1200°C and they concluded that WC is 
the most readily wetted of all carbides. The ten- 
dency towards coalescence is a function of the 
dihedral angle or the ratio of the energies of the 
liquid-solid interface and the solid-solid grain 
boundaries, on which no data is available for the 
carbide-binder systems. In general, the phenomena 
of coalescence of crystals in a saturated solution 
has attracted relatively little attention from 
metallurgists. It is known that crystals in liquid 
solutions tend to agglomerate, ** for instance by 
coalescence of existing grains of parallel or twinned 
orientations, “* or by the growth of crystals of 
twinned orientations from a common seed.” 
Tamman’* mentioned the welding of individual crys- 
tals in metallic melts and concluded that the phe- 
nomenon is brought about by temperature fluctua- 
tions. More recent work related to this problem has 
been undertaken in connection with the variation of 
grain boundary energies with orientation of adjacent 
grains. Of special interest are the publications of 
Erdman-Jesnitzer and coworkers*’ who showed that 
crystals sinter together most readily if their con- 
tact planes have the same indices and same orienta- 
tion, but that different crystallographic planes 
adhere to each other if they contain a common crys- 
tallographic direction. 


EXPERIMENTAL PROCEDURES AND RESULTS 


It is the purpose of this work to reexamine the 
densification mechanism of sintered carbides with 
particular attention to the state of aggregation of 
the carbide phase. The experiments consisted of 
measurements of phase continuity and grain contact 
angles, also of additional observations of the change 
of strength and dimensions during and after sinter- 
ing. The carbide and cobalt powders were of in- 
dustrial quality of the following specifications: TiC: 
total carbon 19.50 pct, free carbon 0.40 pct, iron 
< 0.1 pet, average particle diameter: 3 y; WC: 
nominal average particle diameters of three lots 
used: 5, 7, and 15 uw; Co: 99+ pct Co, minus 200 
mesh. Sintering was carried out in graphite boats, 
alundum packing, in a hydrogen atmosphere. 
Metallographic surfaces were prepared by polishing 
with diamond powders and etching with a 10 pct 
solution of alkaline potassium ferricyanide. All 
compositions are given in volume percent. 

1) Deformation of Compacts at Sintering Tem- 
perature—A qualitative indication of the presence 
and extent of a carbide skeleton is provided by the 
strength of the alloys at elevated temperatures. At 
the sintering temperature the binder is liquid and 
the resistance to deformation of the compacts is 
due mainly to the cohesion of the carbide aggregate. 
For the purposes of this investigation, time-de- 
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Fig. 1—Deflection under constant load at 1400°C, WC-Co. 
Effect of binder content and sintering time. 


formation curves at constant load were recorded for 
a number of WC-Co and TiC-Co alloys sintered 
under varied conditions of temperature and time. 
The specimens, 1 by 1/4 by 1/4 in., were loaded 
vertically in a dilatometer furnace, similar to one 
previously described.” A compressive load of 200 g 
(about 10 psi) was applied at constant temperature 
of 1400°C and the changes of length of the samples 
with time were followed by means of a dial gage. 

The sintering conditions of the samples and the 
results of the loading tests are graphically shown 
in Figs. 1, 2, and 3. The deflections of sintered 
compacts at 1400°C decrease with increasing sin- 
tering temperatures and times. The effects of time 
and composition are more pronounced in the TiC 
base alloys. The more significant results are: 

1) the marked decrease of deformation under load 
as a result of increasing the sintering time from 
1/2 to 7 hr, 2) the marked difference between the 
deformation of the partially sintered compacts con- 
taining no binder and that of the compacts contain- 
ing cobalt. The latter deform appreciable more, 
even with only 10 pct by volume of binder phase. 

2) Dilatometric Cooling Curves—It has been ob- 
served that the length of sintered WC-Co compacts 
changes abruptly during cooling near the solidifica- 
tion temperature of the binder.” The type of dimen- 
sional change depends on the composition, varying 
from a contraction at high cobalt contents to an ex- 
pansion in low-cobalt alloys. These phenomena were 
attributed to a structure of dispersed carbide grains: 
with a large amount of binder the sample contracts 
as the liquid freezes, but if the binder content is 
small the specimen expands as the precipitation from 
the solution forces the growing grains apart. It 
should be mentioned that such discontinuities were 
not observed on cooling from the sintering tempera- 
ture of a binderless WC sample or a copper infil- 
trated WC compact which presumably maintained a 
skeleton. 

The experiments were repeated, considering, in 
addition, another variable, namely the time of 
sintering. The cooling curves of two compositions 
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Fig. 2—Deflection under constant load at 1400°C. TiC-Co. 
Effect of binder content and sintering time. 


with respectively 10 and 24 pct of Co are shown in 
Figs. 4 and 5 for sintering times of 1 and 4 hr. The 
specimens were 1 in. long as pressed, and were 
sintered for the indicated times before being placed 
in the dilatometer. The curves of the samples 
sintered for 1 hr show the effects previously noted: 
the high-binder sample undergoes a pronounced 
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z 
1475°C 
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Fig. 3—Deflection under constant load at 1400°C of sin- 
tered WC-Co and TiC-Co compacts as a function of sin- 
tering temperature. 
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Fig. 4—Discontinuous change of length on cooling of sin- 
tered alloy, 90 pet WC-10 pct Co. 


contraction and the low-binder sample first contracts 
and then expands between 1360° and 1310°C. The 
same compositions sintered for 4 hr still undergo 
the contractions but the change is more gradual and 
the expansion of the 10 pct Co alloys does not take 
place. Longer times at sintering temperature ap- 
pear to decrease the magnitude of the effects as- 
sociated with a discontinuous structure. 


3) Contact between Carbide Grains— The experi- 
mental data presented in the preceding sections may 
be interpreted to show indirectly that the contact 
between carbide grains increases during sintering. 
It would be desirable to obtain confirmation of this 
conclusion by direct measurement of the degree of 
continuity of the carbide phase as a function of the 
sintering variables. Unfortunately, continuity as a 
concept lacks quantitative definition and cannot be 
measured as yet by experimental methods. However, 
Since the theory and methods of measurement of 
internal boundaries were presented by Smith and 
Guttman” and by Fullman,” it is possible to deter- 
mine some of the parameters of phase continuity, 
namely contiguity, number of contacts, and areas of 
contact between grains of one phase.” Contiguity is 
defined as the average fraction of surface area 
shared by one grain of a phase with all neighboring 
grains of the same phase. In an alloy of two phases, 
A and B, the contiguity may be determined by 
measurement of the number of intersections of 
random lines on a metallographic surface with the 
grain interfaces by the relation: 


2 


where C, is the contiguity of phase B, N,, is the 
number of interfaces between grains of phase B 
intersected per unit length of random line, and 

Nag is the number of interfaces between grains of 
phase B and grains of phase A intersected per unit 
length of random line. The calculations of contiguity 
do not require any assumptions as to volume frac- 
tion, particle size, and particle shape. 

It is possible to determine by similar methods the 
average number of contacts of one grain with con- 
tiguous grains of the same phase and the average 
area per contact,”° although it is necessary here to 
assume uniform spherical grains and uniform cir- 
cular contacts. It is believed, nevertheless, that 
the concepts are useful for the comparison of con- 
tact numbers and areas of nonspherical grains as 
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Fig. 5—Discontinuous change of length on cooling of sin- 
tered alloy, 76 pct WC-24 pct Co. 


0.04 - 
1250 


long as their shapes remain similar in the various 
compositions studied. 


Measurements of structural variables were under- 
taken on a number of carbide-binder alloys. The re- 


sults have been plotted as functions of composition 


and sintering time in Figs. 6 to 9. The overall effect 


of increasing binder content, Figs. 6 and 8, is to de- 
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Fig. 6—Contiguity of WC phase as function of composition 
and grain size. Dotted line: Small grain size, 1.7-3.5 [Pre 
Solid line: Large grain size, 4.0-7.4 p. 
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crease the contiguity and numbers and areas of con- 
tact. As seen in Fig. 6, there is a large difference 
between the contiguities of WC of large and small 
grain size in low-cobalt alloys. This is probably 
associated with the difficulty usually experienced of 
obtaining dense compacts with WC powders of large 
particle size as indicated below: 


Density of WC-Co Alloys, g per cm® 


10 pet Co 24pctCo 36 pct Co 
WC, 1.7-2.4 uw 14.8 13.9 13.1 
WC, 4.0-7.4 pu 14.2 13.7 13.0 


The relation between grain size and contiguity is of 
interest for another reason. It has been shown” that 
the transverse rupture strength of low-binder alloys 
increases with increasing particle size of WC. This 
behavior is surprising since the strength of most 
metals, including high-binder WC-Co alloys, varies 
inversely with particle size. However, failure of 
low-binder carbides takes place by fracture through 
the carbide phase. The higher degree of contiguity of 
fine-grained WC compositions indicates easier 
propagation of cracks from one carbide grain to the 
next and is therefore associated with lower strength. 
The effect of sintering time is shown in Figs. 7 and 
9. The contiguity of WC increases quite markedly 
with time, especially in the early stages. The area 
of each contact grows, but the number of contacts per 
grain decreases somewhat. The data points at 0 
time of sintering, Fig. 7, were determined on a 
specimen which was heated to 1200°C and infiltrated 
with bronze, so that the matrix after cooling con- 
sisted of cobalt and bronze. This attempt was made 
to obtain an idea of the structure below the melting 
temperature of the binder. As can be seen, there is 
a marked increase in the number of contacts with the 
onset of sintering at 1400°C. 

4) Dihedral Angles of Contact between Carbide 
Grains— Measurements of dihedral angles (binder vs 
carbide/carbide) in WC-Co and TiC-Co alloys were 
-earried out. Approximately 500 angles were mea- 
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sured for each sintering treatment. The resulting 
frequency distributions of the angles as a function of 
sintering time are shown in Figs. 10 and 13. Al- 
though a given angle may appear as any value between 
0 and 180 deg ona random metallographic section, 
it has been shown that the angle most frequently ob- 
served is the true dihedral angle.” 

In the case of WC the angular values cluster about 
40, 60, and 90 deg after prolonged sintering, Fig. 10. 
The corresponding changes of the microstructure, 
after sintering 1/2 and 5 hr, are illustrated in Fig. 
11. Apparently, the values of the dihedral angles are 
dependent upon the crystallographic orientations of 
the crystal faces as the grains develop their habit 
shapes. It has been reported that hexagonal crystals 
often form faces parallel to the (0001), (1010), and 
(1011) planes when growing from supersaturated 
vapor under equilibrium conditions.” Assuming 
similar behavior for WC (cf = 0.976) in the presence 
of a saturated solution, the expected angles include 
values of 41.6, 60, and 90 deg. Thus, there is a 
close correspondence between the observed dihedral 
angles and the calculated face angles. It had been 
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noted”* that WC grains develop preferred face 

angles of 90 deg after 100 hr at 1400°C. The present 
experiments did not include such long sintering 
periods, and it is not known whether the dihedral 
angles also would tend towards 90 deg. 

Similar measurements on TiC-Co alloys were less 
conclusive. Titanium carbide, although a cubic 
crystal, undergoes changes of shape which indicate 
that the interfacial tensions are not always indepen- 
dent of crystal orientation. The phenomenon has been 
investigated by Skolnick™ on infiltrated TiC-Ni 
alloys; he found that the TiC grains change from an 
idiomorphic cubic or rectangular shape to a 


Fig. 12—64 pct 
TiC-36 pet Co sin- 
tered at 1450°C. 
Top picture: 2 hr. 
X1500. Reduced 
approximately 28 
pet for reproduc- 
tion. Bottom pic- 
ture: hr. 
Reduced approxi- 
mately 45 pet for 
reproduction. 
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Fig. 11—76 pet 
WC-24 pct Co sin- 
tered at 1400°C. 
Top picture: 1/2 
hr. Bottom pic- 
ture: 5 hr. X1500. 
Reduced approxi- 
mately 54 pct for 
reproduction. 


elevated temperatures. The present work on TiC-Co 
alloys, based on longer holding times, indicates just 
the opposite change, namely from rounded to angular | 
grains. No measurements of shape parameters were 
carried out, but the particle shapes are illustrated in 
Fig. 12 after sintering for two different periods. The 
frequency distributions of the dihedral angles are 
shown in Fig. 13.. Whereas a shorter time resulted 
in a distribution curve with two peaks, at the longer 
time the angles tend toward a single value. There is 
no clear correspondence between the measured 
dihedral angles and calculated crystallographic 
angles. 


DISCUSSION 


The experimental results allow two inferences: 
first, that the structure of the carbide phase is 
discontinuous at the sintering temperature during 
the early stages of densification; second, that the 
contact between carbide grains increases during 
the sintering process. 

The first conclusion is supported by the low re- 
sistance to deformation of the carbide-binder com- | 
pacts and by the low contiguity and sudden increase 
of number of contacts between carbide grains at the | 
beginning of sintering. Another related experiment | 
has been previously described,” namely the dilato- 
metric behavior of a tungsten-carbide skeleton dur- 
ing infiltration with cobalt. As the liquid cobalt 
infiltrated the compact it was observed that the com- | 
pact first expanded and then collapsed. The liquid 
metal attacked the skeleton at the grain boundaries 
and separated the carbide grains. During the 
Sintering of pressed WC-Co aggregates, the liquid 
binder wets the solid particles and the solution of 
carbide in the liquid leads to the disruption of any 
carbide to carbide bonds which may have formed 
during pressing and heating. The compacts are 
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quite plastic at this stage and are held together only 
by the surface tension of the liquid. 

The gradual build-up of contact points between 
carbide grains during sintering is demonstrated 
directly by the contiguity measurements and more 
indirectly by the smaller deflections under load 
and changing shapes of the dilatometric cooling 
curves after longer periods at the sintering tem- 
perature. Other phenomena take place as the con- 
tact areas develop, namely the average grain size 
increases, the particles take on characteristic 
angular shapes, and the dihedral angles of contact 
approach crystallographically determined values. 

The present work supports the view that sintering 
takes place in two stages: 1) rearrangement of the 
packing of carbide particles by transport through 
the liquid, 2) grain growth and coalescence, i.e., 
the growing together of neighboring grains. The 
process is similar to the ‘‘liquid phase sintering’’ 
or ‘‘heavy alloy mechanism’’ encountered with 
other metal powder mixtures sintered between 
liquidus and solidus. For instance, Cannon and 
Lenel® described the densification of aggregates of 
W-Cu and Ag-Pb in terms of liquid flow, solution 
and reprecipitation, and solid-phase sintering. The 
driving force for densification during the first 
stage is the surface tension of the liquid binder which 
attempts to minimize the liquid-vapor interfacial 
area. It is necessary during this stage that the liquid 
wets the particles and that the latter are mobile. The 
driving force for the second stage is the reduction of 
interfacial free energy at the boundaries of the car- 
bide particles by formation of crystal boundaries and 
phase interfaces of lowest total free-energy. The 
lowest free-energy is not necessarily associated with 
a single crystal of equilibrium shape. Fullman” has 
calculated that polycrystalline configurations may 
have lower free-energy than single crystals for suf- 
ficiently large anisotropy of interface free-energy 
and sufficiently small grain boundary free-energy. 

Whereas the increasing contiguity and grain growth 
may be accounted for by the resulting lowering of 
free-energy, it is not clear by what mechanism they 
take place. A number of possibilities are suggested: 
a) solution and precipitation in and from the liquid; 
b) coalescence of adjacent grains, followed by pref- 
erential growth of one of the grains of the agglomer- 
ate at the expense of the others; c) contact of grains, 
followed by recrystallization in order to provide 
grain boundaries and interfaces of the observed 
values of the dihedral angles; d) adhesion of grains 
with already developed habit faces, in which case a 
reorientation of crystals is not required since the 
dihedral angles could be formed simply by cohesion 
of plane crystal faces. 

The present data do not allow a definite conclu- 
sion, but it is conceivable that all four mechanisms 
may occur simultaneously. 

The degree of continuity of the carbide phase 
varies with composition, sintering time and tem- 
perature, and grain size. The evidence of the dilato- 
metric cooling curves is interpreted to indicate that 
a complete skeleton is not found in WC-Co compacts 
with as little as 10 pct by volume of cobalt. However, 
in all alloys an interconnected carbide structure is 
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formed with time, the extent of which changes gradu- 
ally from a fully developed skeleton in binderless 
carbides to a structure of more dispersed carbide 
particles in high binder compositions. 


CONCLUSIONS 


1) The sintering of cemented carbides takes place 
in two stages: a) transport of particles through the 
liquid binder and b) grain growth and coalescence of 
carbide grains. 

2) The structure of sintered carbides changes 
during sintering by the formation of contacts between 
carbide grains subject to interfacial energy relations. 
The degree of continuity of the carbide phases varies 
with composition, sintering temperature and time, 
and grain size. 
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Comparison of the Thermal Stability of Some 
Precipitation-Hardened and Dispersion-Hardened 


Nickel-Base Alloys 


A number of nickel-base alloys containing a few weight percent 
of various hardeners was prepared. It was found that nickel alloy 
matrices hardened by precipitates of Ni,Al, Ni, Ti, or TiC overage 
rapidly at temperatures of 1340°F (727°C) and above. Nickel-base 
alloys hardened by finely dispersed particles of aluminum oxide 


retain their high hardness of 250 to 400 Dph for very long times at 
1340°F (727°C). They do not appreciably overage within 16 hr at 
temperatures as high as 2000°F (1093°C). These findings are in 
agreement with previous theoretical considerations. 


Tue success of the sintered aluminum powder ma- 
terial (SAP)* in raising the maximum useful tem- 
perature of aluminum alloys has. stimulated effort in 
investigating similar systems in which the metallic 
matrixes have higher melting points. Examples of 
such systems which have been studied are nickel- 
alumina,” *copper-silica,* copper-alumina, * 


titanium-cerium oxide,° and 80/20 nickel-chromium, ° 


cobalt,° and molybdenum’ matrixes with various 
hardeners. 

Conventional precipitation-hardened high-tempera- 
ture alloys are often thermally unstable in service. 
The original fine particles that are responsible for 
good strength properties grow in size at elevated 
operating temperatures, a process termed ‘‘over- 
aging.’’ This growth of precipitated particles causes 
a gradual loss in strength properties. 

A previous paper® describes the factors that 
govern the process of overaging, and estimates the 
time required for overaging of a nickel-alloy matrix 
dispersion-hardened by various precipitates such 
as are found in current high-temperature alloys, and 
by alumina. These calculations indicate that nickel- 
base alloys hardened with Ni; Al, TiC, or TiN are 
quite unstable at 1340° F (727°F). Such alloys should 
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overage within a few hours at that temperature. A 
nickel-base alloy hardened with alumina, on the other 
hand, should behave differently. It should not overage 
appreciably within a thousand years. It was further 
shown*® that the thermal stability of the oxide- 
hardened alloy is mainly due to the low solubility of 
oxygen in equilibrium with alumina in the nickel-base 
matrix. Since the oxygen solubility is small, little 
oxygen can diffuse, and structural changes require 
very long times. 

This paper illustrates the effects of time and tem- 
perature on the structural stability of nickel alloy 
matrixes hardened by dispersions of Ni,Al, Ni;Ti, 
TiC, and alumina, and of nickel-chromium matrixes 
hardened by alumina. Hardness measurements and 
metallography have been used as a measure of 
structural stability. 


EXPERIMENTAL PROCEDURE 


Using the best information from published phase 
diagrams,” “* compositions of the Ni- Al, Ni-Ti, and 
Ni-Ti-C alloys were determined so as to have 5 


vol pct of precipitate at 1350° F (732°C), the tempera- : 


ture selected to illustrate the effect.of time on 
structural stability. Table I lists the chemical com- 
positions of these alloys. Standard laboratory melt- 
ing and alloying techniques were used in preparing 
ingots of the F-Series of alloys. The cast ingots, 

1 3/4 in. in diam, were forged to 3/8-in. diam rods. 
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Table 1. Chemical Composition of the Alloys in Wt Pct 


Identi- 
fication PctAl PctTi PctC PetCr PctALO, Pct Ni 
7.31 = = balance 
5F 8.75 0.11 balance 
H44 = — 5.81 balance 
H42 3.31 - 4.40 balance 
H47 3.35 ~_ ~ 16.35 3.94 balance 


The forging operations were carried out with the 
materials at a temperature of 2100° F (1149°C). 
Specimens cut from the forged rods were solution 
heat treated for 24 hr at 2100° F (1149°C) in an 
atmosphere of argon and water quenched. 

The H-Series of alloys, Table I, containing alumina 
particles in a dispersed form were prepared by vari- 
ous techniques.” These techniques, as well as others 
utilized for preparing dispersion-hardened alloys, 
will not be discussed here, but will be the subject of 
a future paper. Specimens of these materials were 
cut from extruded rods. 

Aging treatments were carried out in an air 
atmosphere at temperatures which were controlled 
within + 5°F. 

Hardness measurements were made on polished 
specimens at room temperature with Vickers-hard- 
ness testing equipment. The hardness values re- 
ported are the averages of three to five impressions 
on each specimen. 

Standard metallographic methods were employed 
for microstructural examination. 


EXPERIMENTAL RESULTS AND DISCUSSION 


The effect of time at 1350°F on the hardness is 
shown in Fig. 1. The behavior of the Ni-Al (6F), 
Ni-Ti (3F), and Ni-Ti-C (5F) alloys is typical of that 
of precipitation-hardened alloys in general in that the 
hardness initially increases rapidly with time due to 
precipitation from the supersaturated solid solu- 
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Fig. 1—Effect of time at 1350° F on the hardness. 
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tion, reaches a maximum, then decreases with time 
as the process of overaging occurs. The hardness 
numbers of these alloys are lower than those re- 
ported on similarly hardened alloys.” This is be- 
lieved to be due to the lower hardener content and the 
higher purity of the alloys used here. 

The alumina dispersion-hardened materials (H44, 
H42, H47) behave differently than the precipitation- 
hardened alloys. No significant change in hardness 
from that of the as-extruded value occurs within 
012 hr. This indicates that the factors contributing 
to the high hardness of these materials, mainly the 
alumina dispersions but possibly also the extremely 
fine grain sizes, are not greatly affected by time at 
this temperature. These results are in qualitative 
agreement with the theoretical predictions of 
Cochardt.® 

The effect of temperature for a constant annealing 
time of 16 hr on the hardness of these materials is 
shown by Fig. 2. After 16 hr at 1350°F, the precipi- 
tation-hardened alloys are well overaged, and at 
higher temperatures, therefore, do not show much 
change in hardness. The alumina dispersion- 
hardened materials, in contrast, do not lose signifi- 
cantly in hardness with 16 hr at temperature until a 
temperature of approximately 2000°F (1093°C) is 
reached. 

These data are compared with those obtained on 
Inconel 700, one of the most stable wrought nickel- 
base high-temperature alloys. It is seen that Inconel 
700 is overaged after 16 hr at 1600°F (871°C). This 
means that, by using a dispersion of a few percent 
alumina in nickel, alloys are obtained that are con- 
siderably more thermally stable than conventional 
precipitation-hardened alloys. 

After aging 1/2 hr at 1350°F (732°C), the pre- 
cipitation-hardened alloys have large grain sizes 
and extremely small precipitated particles. The 
microstructures of the representative alumina dis- 
persion-hardened materials in the as-extruded con- 
dition are shown in Fig. 3. To be noted is the quite 
uniform dispersion of the very small alumina par- 
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Fig. 2—Effect of 16 hr at temperature on the hardness. 
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Fig. 3—Dispersion-hardened alloys in the as-extruded condition. X500. Enlarged approximately 8 pet for reproduction, 


ticles in the respective matrixes. The grain sizes ever, after 16 hr at 2150°F (1177°C) the microstruc- 
of these alloys, not readily apparent in the photo- tures of the oxide-hardened alloys show very slight 
micrographs, are estimated to be smaller than but definite enlargement of the alumina particles. 
ASTM No. 16 (less than 1 » diam). The differences There appears to be no effect of time or tempera- 
in microstructure are due in part, no doubt, to the ture, within the limits investigated, on the extremely 
different methods initially employed to prepare fine grain sizes of the dispersion-hardened alloys. 
these materials. Thus, the loss in hardness at 2150°F (1177°C) is con- 
Microstructures of the precipitation-hardening sidered to result from the growth of the dispersed 
alloys after 24 hr time at 1350°F (732°C) show alumina phase. 


many large precipitate particles that were not seen 
after 1/2 hr at that temperature. Optical examina- ACKNOWLEDGEMENTS 
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Influence of Thermal History on Preferred Orientations 


in the Recrystallization of Commercially Pure Aluminum 


Technical Note 
R. E, Green Jr., B. G. Liebmann, and H. Yoshida 


In recent years considerable work has been under- lization textures in face-centered-cubic metals. Two 
taken in order to gain an understanding of the mech- theories have been proposed, that of oriented growth’ 
anisms responsible for the generation of recrystal- and that of oriented nucleation,’ and several attempts 

ROBERT E. GREEN, JR. and HIDEHIKO YOSHIDA are Research have been made to check these theories directly by 
Assistants, Department of Physics and Metals Research Laboratory, recrystallizing deformed single crystals.*° Two 
Brown University, Providence, R.1. BERNHARD G. LIEBMANN is Assist- groups, Graham-Cahn and Liebmann-Liicke- -Masing 

oe - ee bs eee of Physics and Metals Research Laboratory, studied the orientation of recrystallized grains and 

This research was supported by the U.S. Air Force through the their rate of growth, both using strained aluminum 
Office of Scientific Research of the Air Research Development Com- single crystals of commercial purity (Graham et al., 


mand, AF Report No. AFOSRTN 58-1014, AD162 279. 


Manuscript submitted November 3, 1958. IMD eee pet, Liebmann ef al., 99.8 pct). Surprisingly, the 


results obtained by the two groups were completely 
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different despite the close similarity of materials 
and experimental methods. Graham and Cahn did not 
obtain a clear orientation dependence of the rate of 
growth nor any preferred orientations among the 
newly grown crystals while Liebmann, Liicke, and 
Masing found that approximately 75 pct of the new 
grains were characterized by 40-deg<111> rota- 
tions relative to the deformed matrix and that new 
crystals showing this orientation had the fastest 
growth rate. These differences were discussed in 
some detail® and provided incentive for further work 
by Yoshida, Liebmann, and Liicke’ which reconfirmed 
and supplemented the original work by Liebmann, 
Liicke, and Masing. Kohara, Parthasarathi, and Beck® 
provided further evidence in favor of the theory of 
growth selection. Recent experiments by the authors 
on the influence of the state of impurities (precipi- 
tated or in solid solution) on recrystallization of 


strained aluminum single crystals offer an explana- 
tion for the deviations of Graham and Cahn’s results 
which were not understood before. 

Commercial aluminum wire containing 99.79 pct 
Al, 0.09 pct Fe, 0.09 pct Si, and 0.03 pct Zn was used 
for the experiments. Single crystals with constant 
orientation grown from this material were subjected 
to different heating cycles in order to produce dif- 
ferent states (distributions) of the impurities. Two 
heatings were usually applied. First, all the crystals 
of a series were annealed for several hours at 620°C 
and rapidly cooled (from 620°C to room temperature 
in 2 min.) Then each one of the crystals was again 
annealed, the reannealing temperature or time being 
varied from crystal to crystal. After this double 
heating each crystal was extended 20 pct while a 
stress-strain curve was taken to determine its yield 
point. The extended crystals were artificially nucle- 
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ated by cutting them with pliers and subjecting the 
cut end to recrystallization heating while cooling the 
rest of the crystal.* Recrystallization always started 

*For a more detailed description of the experimental procedure see 
Ref. 7. 
at the cut end with many fine grains but after ap- 
proximately 5 min usually only one new crystal oc- 
cupied the full diameter of the wire. After deter- 
mining its orientation the new crystal was cut off 
and the nucleation experiment repeated until the 
orientations of approximately twelve new crystals 
were determined. By this method it was possible to 
determine the influence of the state of impurities on 
the distribution of the orientations of the new crys- 
tals and on their growth rates. 

In Fig. 1 the results of a series of tests with vary- 
ing reannealing temperature are plotted. After all 
crystals had been annealed for 2 hr at 620°C, a 2-hr 
reanneal was applied at a temperature which was 
varied from crystal to crystal. As a function of the 
reannealing temperature Fig. 1(@) shows the yield 
point and Fig. 1(6) the percentage of new crystals 
characterized by a 40-deg<111> rotation. The in- 
crease in yield point between 450° and 550°C seems 
to indicate the presence of an impurity, which starts 
to precipitate in this temperature range. Fig. 1(0) 
shows that this is accompanied by a pronounced in- 
crease in the percentage of new crystals character- 
ized by 40-deg <111> rotations. 

This result was reconfirmed by a second test 
series. In these experiments the crystals were an- 
nealed for 5 hr at 620°C, then the reannealing time 
was varied from crystal to crystal while the temper- 
ature was kept constant at 500°C. Fig. 2(a) shows the 
relation between yield point and reannealing time. 
With increasing reannealing time the yield point of 
the crystals increased, reached a maximum, and 
finally decreased, which is a typical behavior cor- 
related to the precipitation of a second phase. After 
10 hr equilibrium was reached and no further 
changes occurred. Recrystallization produced 100 
pet preferred orientations (characterized by 40-deg 
<111> rotations) in samples which were reheated 
until the maximum yield point was reached or ex- 
ceeded, Fig. 2(0). 

In the present investigation the iron is the only im- 
purity which can precipitate since all others are well 
within their solubility range even at room tempera- 
ture. The solid solubility of iron in aluminum is 0.52 
pet at 655°C and decreases to practically zero at 
400° to 450°C. ° The aluminum used by Graham and 
Cahn contained 0.19 pct iron compared to 0.09 pct in 
the material used by Liebmann, Liicke, and Masing 
and in the present work. The simultaneous occurrence 
of the increase of yield point and the increase of pre- 
ferred orientations in both experiments described in 
Figs. 1 and 2 suggests that iron in supersaturated 
solid solution prevents preferred orientations while 
it does not have this effect when precipitated. 

Annealing at 620°C prior to deformation does not 
diminish the preferred orientations of recrystallized 
grains in high-purity aluminum crystals (99.99 pct). 

In Fig. 2(¢) the initial growth rate of 40-deg [111] 
rotated new crystals is plotted as a function of rean- 
nealing time. The rate was determined by heating a 
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deformed crystal with nucleus for 5 min at 600°C 
and then cooling and etching it to determine how far 
the new crystal had grown. The term initial growth 
rate is used since on further heat-cool-etch cycling 
the rate of growth usually decreased as a result of 
the recovery of the deformed crystal. 


As Fig. 2(c) shows the initial growth rate increased | 


with increasing reannealing time, 7.e., with progress- 
ing precipitation of the iron. The decrease of the 
growth rate with increasing amounts of dissolved 
iron (shorter reannealing times) suggest a possible 
explanation for the suppression of preferred orien- 
tations by dissolved iron. As shown previously,’ the 
preferred orientations of artificially nucleated new 
crystals originate in growth selection. In order to 
make growth selection possible, the growth rates of 
the nuclei must be controlled by their orientation, 
i.e., crystals with preferred orientations have the 
fastest growth rates. According to Lticke and Detert, 
interaction forces between a moving grain boundary 
and foreign atoms in solid solution can hold back the 
boundary, the speed of the boundary being determined 
by foreign atoms diffusing behind it. In the present 
case, this may mean if enough iron is in solid solu- 
tion, the speed of a boundary is not controlled by the 
orientation of the new crystals (which would allow a 
higher speed), but by the speed of the iron atoms dif- 
fusing behind the boundary. This equalizes the 
growth rates of crystals with different orientations 
and thus eliminates the requirements for growth 
selection. An investigation to check this explanation 
is in progress. At 600°C the other impurities have 
no such effect since their diffusion speed is much 
higher. 

The apparent contradictions between the results 
of Graham and Cahn and Liebmann et al were 
probably caused by a difference in the amount of dis- 
solved iron. This difference was most likely a re- 
sult of the different techniques used by the two 
groups in growing their single crystals. Both groups 
used the strain-anneal method; however, while 
Graham and Cahn grew their crystals by lowering 
aluminum strips into a salt bath, Liebmann, ef al., 
passed aluminum wire through a short air furnace. 
Graham and Cahn’s salt-bath furnace automatically 
involved a longer heating of the crystals at tempera- 
tures near the melting point. In the short air furnace 
used by Liebmann et al. each point of the crystal 
reached 620°C for only a few minutes and then cooled 
slowly. During the long heating time in the salt-bath 
furnace the iron was dissolved in solid solution and 
this seems to be responsible for the lack of pre- 
ferred orientations in Graham and Cahn’s experiments. 

It was also found that annealing of the crystals at 
620°C prior to extension diminishes the recovery of 
the growth rate in recrystallization which explains 
another difference in the results of Graham and Cahn, 
and Liebmann ef al. The latter group observed a 
strong decrease of growth rate with annealing time 
while in Graham and Cahn’s experiments the growth 
rate remained constant. 
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Solubility and Diffusion of Titanium in Iron 


An investigation of the solid solubility of titanium in y iron 
was carried out employing incremental multiphase diffusion 
couples. Resulting concentration gradients were analyzed by a 
linear X-ray absorption technique. The maximum solubility of 
titanium in y iron was found to be 0.65 wt pct at 1100°C. Inter- 
diffusion coefficients for the a phase were determined from ob- 


servations of the vate of movement of the a-y interface. A Sheldon H. Moll 
Matano analysis of the concentration gradients yielded reasonable 
values for the interdiffusion coefficients of the y phase. Robert E. Ogilvie 


Tue investigation of solid-state diffusion phenom- 
ena may lead to much information concerning bi- 
nary alloys. In particular, a study of the concentra- 
tion gradients present in multiphase diffusion 
couples can lead to the determination of the solu- 
bility limits of the single-phase fields in the phase 
diagram. The specific concentration gradient which 
results from the heat treatment of a diffusion couple 
depends not only upon the time and temperature of 
diffusion, but also upon the number of phases exist- 
ing in equilibrium at the diffusion temperature. Such 
concentration gradients possess sharp discontinu- 
ities whose terminal points correspond to the solu- 
bilities existing at the limits of the two-phase field 
in the phase diagram at the diffusion temperature. 
In general, there will be a discontinuity in the con- 
centration curve for each two-phase field which 
exists in the phase diagram between the concentra- 
tion limits of the couple. A number of investigators 
have analyzed the gradients present in multiphase 
diffusion couples.” 

The iron-titanium phase diagram exhibits a y loop 
in the temperature range from 900° to 1400°C, and 
the limit of the a + y field lies at some composition 
which is less than 1 wt pct Ti for any temperature. 
It was felt that a diffusion study could yield values 
not only for the diffusion coefficients involved, but 
also for the chemical solubilities in the phase 
diagram. 

The concentration gradients were analyzed by an 
X-ray absorption technique developed by Ogilvie.® 
The absorption of a monochromatic X-ray beam is 
measured in steps parallel to the diffusion direction 
and the resulting intensity gradients are transformed 
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into concentration gradients by applying the laws of 
X-ray absorption in a binary system. This tech- 
nique has been applied by Ogilvie® to the systems 
Ni-Au, Cu-Au, Fe-Cr, and Ni-Cr; by Gelles” to the 
systems Be-Fe, and Be-Ni and by Hilliard® to the 
system Al-Zn. 

Linear X-Ray Absorption Analysis—The use of 
X-ray absorption analysis as a tool for determining 
concentration gradients arises from the fact that 
the beam is absorbed according to the quantity and 
species of elements present in the sample and not 
according to their state of aggregation. This method 
is more advantageous than the chemical analysis of 
machined layers since it is less time consuming and 
less expensive and can analyze a very small area. 

If a homogeneous binary alloy (A + B) is analyzed 
with two different monochromatic X-ray beams I ,1 
and Jo,,,, the following relation between the trans- 
mitted intensities, the intrinsic absorption coeffi- 
cients of A and B for the two different radiations 
and the weight fraction of each element may be 
derived.® 


A+B 
In acy + (14/0 [1] 

2) 


Eq. [1] is independent of specimen thickness and 
density, but requires that either element A or B 
possess an absorption edge between the wavelength 
limits of the two monochromatic beams. I) is eval- 
uated for each radiation by measuring the trans- 
mitted intensity through a varying number of foils 
of a suitable absorber. A plot of the natural loga- 
rithm of the transmitted intensity as a function of 
the number of foils, when extrapolated to zero foils, 
yields the value of Jp. 

If a plot of the ratio in Kq. [1] is calculated as a 
function of x4, then a master curve results. From 
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any measured value of the left-hand side of Eq.[1] 
the corresponding value of x, may be determined. 
The absorption constants found in the literature may 
be substituted but they may also be evaluated from 
the end points of the diffusion couple. A thin slice 
of the diffusion couple cut parallel to the diffusion 
direction is irradiated by a finely collimated mono- 
chromatic X-ray beam. The intensity ratio is 
esperimentally determined, for two different 
ratiations, along the diffusion path. Thus, the 
concentration gradient along any couple may be 
determined. 

Multiphase Diffusion Theory—The particular type 
of diffusion couple to be considered here is that of 
diffusion from one phase into another, with the re- 
sulting transformation of the second into the first 
and a corresponding displacement of the phase 
interface. The concentration gradients at ¢ = 0 and 
t > 0 are illustrated in Fig. 1(a) and 1(d). 

In the following we introduce the initial y phase 
and a@ phase of composition Cj and Cg, respectively, 
in wt pct, the interdiffusion coefficients D, and D,, 
the concentration in y coexisting with a; Tiy., 
and that in @ coexisting with y: Tia,y . The distance 
& designates the distance moved by the phase inter- 
face away from the original bond interface. 

There is no need to consider the derivation in de- 
tail. The development of basic diffusion theory and 
the assumptions involved for this special case have 
been extensively treated by Wagner,° Jost,’° and 
Biickle.”* 

The phase interface is assumed to follow the 
parabolic law: 


= 2y VDat 


where y is a constant for a given set of boundary 
conditions. The following relationship between y 
and the boundary values of the concentration is 
derived: 


[2] 


Co Tiay 
ye” (1+ erf y) 


Tiy,e — Co 
Vay Vo eY?(1—erf 


[3] 


where ¢$ = D,/Dy 
If the term e”¢ (1 - evf y V¢) in [3] is ex- 
amined, it becomes evident that this expression 
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Fig. 1—Diffusion gradients, t=0 and¢t >0. 
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must approach a limit since eY? increases with 
increasing yV¢, while (1 - erf yV¢) approaches ce 
zero as yV@ increases. Application of L’ Hospitals 
rule gives: : 


1 


[4] 
yvo 


limit e”? (1 - erf yVo) = 
yVo 


It can be shown that yV@ need only be of the order 
of 4 or greater for expression [4] to hold. Since in 
the Fe-Ti system @ may range from 100 to 300°° and 
y was found experimentally to be 0.5 or greater, the 
substitution of the limiting expression in [4] into [3] 
to replace the general expression is justified. If this 
is done [3] reduces to: 


Co 
(1+erf vy) 


[5] 


The solubility limit Tia,y may be determined di- 
rectly from the concentration gradients. Therefore 
the expression ye’ (1+ erf y) may be determined 
from [5]. ,from a previously constructed plot of 
y vs ye” (1+ erf y) the value of y may be found. 
If the locus of the interface movement is measured, 
substitution of y into [2] will yield D, directly. 

Jost’* has shown that the application of the Matano 
analysis to multiphase diffusion curves involves no 
special considerations. This may be done to de- 
termine Dy. 


EXPERIMENTAL PROCEDURE 


Materials—Incremental diffusion couples were 
prepared from pure iron for one component and iron 
with 2.0 and 2.5 wt pct Ti for the other. Ferro-Vac 
‘‘K’’ iron, prepared by the National Research Corp., 
was procurred as a 7-in.-diam rod and cold swaged 
to 0.450 in. 

Two different Fe-Ti alloys were used extensively. 
The first, 2.13 wt pct in Ti, was also obtained from 
the National Research Corp. in the form of a */,-in. 
rod and was cold swaged to 0.450 in. The second 
Fe-Ti alloy, 2.45 wt pct in Ti, was prepared from 
electrolytic iron and sponge titanium. The charge 
was melted in a water-cooled, copper-arc, argon- 
atmosphere furnace and then remelted in a vacuum- 
induction furnace at a pressure of 107* mm of Hg. 
The melt was drawn up into a */,-in. quartz tube and 
later cold swaged to 0.250 in. 

A third alloy, used only for one run, was pre- 
pared in a manner similar to that above and was 
found to contain 2.47 wt pct Ti. 

Fabrication of Diffusion Couples—The alloy and 
pure iron rods were sliced into ‘/,-in. thick discs 
and polished through No. 0000 metallographic 
polishing paper. An alloy disc was sandwiched 
between two pure iron discs and a specially de- 
signed welding unit was used to bond the sandwich. 
Welding is accomplished in 1 to 2 sec at a current 
of 12,000 amps under a slight positive pressure of 
helium gas. The pure iron rod was machined to 
0.250 in. to accommodate the 2.45 pct Ti alloy. The 
couples were then sliced along their cylindrical 
axes to yield two couples, each with two possible 
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Table 1. Temperature and Times of Diffusion Anneals 


Temperature, °C Time, Hr 
1075 9, 36, 87, 132 
1150 9, 36, 85, 130 
1216 114, (2.47 pct Ti only) 
1225 9, 36, 87, 132 


diffusion zones, for every bonded sandwich. All the 
specimens were then sealed in quartz or vycor tubes 
under a vacuum of 107° to 107° mm of Hg. 

Diffusion Treatment—The diffusion anneals were 
carried out in a resistance wound furnace in which 
the absolute temperature was known to +5°C. 
Fluctuations never exceeded +1.3°C.. For each 
temperature and time of diffusion listed in Table I, 
sealed tubes of the 2.13 and 2.45 pct Ti series were 
bound together and treated as a single sample. 

Analysis of the Couples—A thin slice was cut from 
each diffusion couple parallel to the diffusion direc- 
tion. Since the intensity transmitted through the 
specimen should never be less than about 50 counts 
per sec, the slices were polished down to thicknesses 
of the order of 0.005 to 0.008 in. The choice of the 
monochromatic radiation is fairly critical. A strong 
characteristic line is used such that its wavelength 
lies between the wavelengths of the absorption edges 
of the two elements. In this case, CoK, radiation 
was chosen. To use Eq. [6] with the maximum sen- 
sitivity, a second radiation is desired whose wave- 
length is much shorter than either absorption edge 
of the two elements. For this, MoK, radiation was 
chosen. Therefore, the absorption coefficient will 
be greater for the lower atomic number element for 
the Co radiation and greater for the higher atomic 
number element for the Mo radiation. Upon scanning 
the diffusion couple, the intensity gradient will in- 
crease in one case and decrease in the other. 

A Norelco recording X-ray spectrometer was used 
for this work. The goniometer was set at the proper 
angle to reflect the particular characteristic line 
from a silicon single crystal cut parallel to a (111) 
plane. The specimen to be examined was mounted 
on a holder in front of the X-ray receiving slit and 
attached to a micrometer drive. The holder could 
be moved in steps as small as 0.0005 in. and the 
intensity counted with a scaler; or, the specimen 
could be driven through the beam by means of a 
synchronous motor and the transmitted intensity 
recorded automatically on a chart. 

The beam was collimated to a width of 0.002 in. 
The beam length, adjusted according to the uni- 
formity of the diffusion zone, was usually about 
¥,, in. The intensity transmitted was finely colli- 
mated so that no scattered rays entered the scin- 
tillation counter. The counter and scaling circuits 
possess a linearity range up to 20,000 counts per 
sec or better. In general, the intensity readings 
taken by point counting were accurate within a prob- 
able error of 1 pct or less. A chart record was 
usually taken first to check the alignment of the 
collimating slits. 
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Intensity measurements were taken with each ra- 
diation across the two diffusion zones which existed 
in each slice from the couple. Background intensity 
was subtracted from all readings. The transmitted 
intensity was then recorded for a varying number of 
Ni foils with the specimen removed, and J, was cal- 
culated by the method of least squares. By use of 
Eq. [1] the experimental intensity ratios were con- 
verted into concentration gradients. 

The diffusion couples were also mounted in bake- 
lite, and polished and etched to bring out the growth 
of the a phase from the original weld interface. The 
position of the a-y interface was measured with a 
Filar eyepiece on a metallographic microscope. 
Once the solubility limits were known, the value of 
y could be found by use of Eq. [5]. Hence D, could 
be found by use of Eq. [2] since y and the locus & 
of the interface movement are now known. 

The values of Dy were obtained by applying the 
Matano analysis to the concentration gradients 
within the y phase. 


EXPERIMENTAL RESULTS 


Solubility Determination—In order to convert the 
experimental intensity measurements into concen- 
tration values, it was desired to calculate a master 
curve from Eq. [1]. In the pure iron ends of the 
couple, fairly distant from the diffusion zone, a con- 
stant value of the intensity function was found. A 
different constant value for the function was also 
found in the constant titanium content region. Using 
these end points to determine the constants in 
Eq. [1] a master curve was constructed. 

A typical diffusion gradient observed is shown in 
Fig. 2. A procedure adopted in most diffusion in- 
vestigations is to plot the concentration data first 
on probability graph paper. If the diffusion coeffi- 
cient is independent of concentration, a straight line 
should result. The best straight line on probability 
paper represents the most probably curve for the 
concentration gradient.’° If the diffusion coefficient 
is not independent of composition, a slight curve on 
probability paper results. In general, if it is diffi- 
cult to construct a concentration curve from the 
original data, probability plots of the same data will 
usually indicate the best curve. Another advantage 
of using probability paper for the multiphase diffu- 
sion analysis soon becomes evident. 


2.5 T T 
T =1225°C 
Re 
RO) 
4 


8 12 16 20 24 28 32 36 40 
Distance Along Diffusion Direction (.001") 


Fig. 2—Concentration gradient, 1225°C. 
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Fig. 3—Probability plot of concentration gradient, 1225°C. 


Ideally, the concentration curves should approach 
the phase interface where an abrupt discontinuity 
should occur. Due to the steepness of the curves on 
each side of the break, it may be difficult to read 
these intercepts from the curves. However, since 
there is a different diffusion coefficient for each 
phase, the plots on probability paper should yield 
straight-line extrapolations to the phase interface. 

The probability curve obtained for the gradient 


plotted in Fig. 2 is shown in Fig. 3. For comparison, 


the original data has also been plotted with the de- 
termined concentration gradient in Fig. 2. 
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Fig. 4—Iron-titanium y loop. 
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Although the composition Tiy,a was easily read 
from the probability plots, the composition Tiay 
was not. This is due to the fact that Da, seems to be 
slightly dependent upon concentration and no sharp 
extrapolation was possible. On the other hand, Dy 


seems to be completely independent of concentration. 


A specimen run at 1216°C for 114 hr was also in- 
vestigated by X-ray analysis. Since the specimen 
was ground to a constant thickness only CoK, radi- 
ation was necessary. For this case it can be shown 
that a plot of the logarithm of the transmitted in- 
tensity is approximately a linear function of the ti- 
tanium content for these dilute solutions. 

Values of Tiy,a obtained, which represent the 
maximum solubility of titanium in y iron, are 
plotted in Fig. 4. Accepted curves for the y loop 
as determined by Roe and Fishel’ using dilatomet- 
ric measurements are also shown. 

Bakalar,*” in 1950, investigated the self-diffusion 
coefficients of iron in y and @ iron as a function of 
titanium content. From some of his diffusion 
curves, he was able to make a rough extrapolation 
to determine the composition Ti,,,. The values he 
found did not agree well with any previously re- 
ported data. Replotting his curves on probability 
paper, values for Ti,y,, were obtained which are also 
given in Fig. 4. 

Inter-Diffusion Coefficients—D,—Values for D, 
may be calculated from observations of the rate of 
movement of the a-y interface if the composition 
Tia,y is known. However, as discussed in the pre- 
ceding section, it was difficult to experimentally 
determine this composition. Since the experimental 
values of Tiy,, showed such good agreement with 
those reported by Roe and Fishel,*® it was decided 
to apply their values of Tia, for the purposes of 
this calculation. For the 2.13 pct alloy series, 

Eq. [5] reduces to: 


ye” (l+erfy) = 
Va Tiay 


[6] 


Similar equations may be written for the 2.45 and 
2.47 pct alloy series. 

Values found for y from a plot of ye” (1+ erf y) 
vs y are listed in Table II for both alloy series and 
for the run taken at 1216°C for the 2.47 pct Ti alloy. 

A photomicrograph of the 1150°C, 2.13 pct Ti, 
9-hr couple is shown in Fig. 5. It is interesting to 
note that the growth from the original weld inter- 
face is the typical columnar type. Moreover, this 


Table Il. y Determined from Solubility Limit and 
Plot of yeY? (14 erfy) Vs y 


y 
pet Li 2.45 pet Ti 
1075 0.735 0.525 0.588 
1150 0.735 0.525 0.588 
1216* 0.730 0.595* 
1225 0.650 0.580 0.628 


*For 2.47 pet Ti and CoKg only. 
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Fig. 5—Micrograph of diffusion zone, 1150°C, 2.13 pet Ti 
on left, pure iron on right, after 9 hr etched with 12 pct 


Nital. X75. Reduced approximately 14 pct for reproduc- 
tion. 


growth appears to be epitaxial. X-ray diffraction 
shows that the (110) planes of the growing a@ phase 


are parallel to the (110) planes of the highly oriented 


alloy end of the couple. They are also parallel to 
the (111) planes of the highly oriented fcc y phase 
at the diffusion temperature. When quenching to 
room temperature, the close-packed (111) planes 

of the y iron transform to close-packed (110) planes 
of a iron. Further study is necessary to determine 
whether the columnar growth is matching the ori- 


entation of the a phase or if it is matching its close- 


packed (110) planes with the close-packed (111) 
planes of the y phase. 

In Table III values of the slopes obtained from a 
plot of the interface movements as a function of the 
square root of time, Fig. 6, and the corresponding 
values of D, are listed. The fact that the curves 
are linear is a sign that the reaction at the inter- 
face is completely diffusion controlled and the ten- 
tative assumption of the parabolic law in Eq. [2] is 
justified. For comparison, the self-diffusion rates 
for iron in @ iron are also listed from the work of 


Table III. De Determined from Interface Movements Compared to De 


Da Dy 


e,a 


Fe,a 

Cm per Sq Cm per Sec Sq Cm per Sec 
Ti 
1075 3.29 x 10°° 9:80 x 10°29 12.8 x 102° 
1150 5.00 x 107° 2.27 x 10°? 4.23 x 107° 
1225 10.55 x 10° 8.28 x 10°? 12:2 107? 
2.45 pet Ti 
1075 3.51 x 10° 8.80x (same as above) 
1150 2.09 x 10°? 
1225 11.16 x 10° 7.92 x 10°? 
2.47 pet Ti 
1216 9.52 x 10° 6.40 x 10°? 
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Fig. 6—Movement of a-y interface. 


Buffington, Bakalar, and Cohen’® according to the 
formula: 


* 59,700 
Since the interdiffusion coefficient is given by: 
Da = Deeg + Xpe [8] 


for low concentrations of the solute titanium, the 
interdiffusion coefficient should be essentially the 
same as the intrinsic diffusion coefficient of tita- 
nium in @ iron. Johnson*® proposed to account for 
the fact that activation energies for low concentra- 
tion diffusion are less than the self-diffusion activa- 


Ng = 
Vs 
n 
4.0;— 
“7 


2.13% Ti Series 
O 2.45% Ti Series 
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Dg — Centimeters Squared Per Second X10 
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Fig. 7—Inter-diffusion coefficient of q phase. 
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tion energies. He assumed that the work necessary 
to form a vacancy adjacent to a solute atom is less 
than that for solvent atoms only. In fcc lattices once 
a vacancy becomes a nearest neighbor to a solute 
atom it will change places with the solute atom and 
with the adjacent atoms many times before diffusing 
away into the solvent. However, Zener’® says that 
in bcc lattices, the solute atom and vacancy pair 
have no nearest neighbor lattice site in common. 
Therefore, solute atoms and vacancies will not dif- 
fuse together and low concentration chemical dif- 
fusion rates will be controlled by the diffusion of va- 
cancies to the solute atom. This means that the 
self-diffusion coefficients and low concentration 
interdiffusion coefficient should be essentially the 
same in bcc lattices. 

The agreement is fairly good and lies within the 
usual deviation of most diffusion data. However, 
the rates are lower in all cases and seem to de- 
crease with increasing titanium content. 

If the above coefficients are fitted to the usual 
Arrhenius equation it is found that: 


Dy = 3.15 exp [9] 


This data has been plotted in Fig. 7. 

Although the diffusion rates are lower than those 
for the self-diffusion of iron at all temperatures, 
the activation energy is about the same. This re- 
sult supports the theory of Zener described above. 
Therefore, the lower values may be due to changes 
in the entropy term included in the factor D,. The 
effects of solute atoms on the activation entropy are 
not well enough understood to attempt to explain the 
observed deviations on this basis. 

Dy—Values of Dy were calculated by applying a 
Matano analysis to the concentration curves within 
the y-phase region. The rate equation obtained was: 


Dy = (0.15 exp 


[10] 

For comparison, the equation obtained by Buffing- 
ton, Bakalar; and Cohen’** for the self-diffusion of 
iron in y iron is: 


The result would seem to suggest that the activa- 
tion energy for chemical diffusion of titanium in the 
fcc alloy is lower than that for self-diffusion of iron 
in y iron, and would support the theory of Johnson. 
as previously discussed. 


CONC LUSIONS 


It is concluded that the values obtained from the 
maximum solubility of titanium in y iron by means 
of an X-ray analysis of multiphase diffusion couples 
are quite reasonable. This method should prove ap- 
plicable in any case where the movement of the 
phase interface is strictly diffusion controlled; 7.e., 
where the movement of the interface is parabolic 
with time. Care in choosing the analyzing radiation 
should lead to a fair degree of sensitivity in most 
cases. It is suggested that plotting concentration 
gradient data on probability graph paper will facili- 
tate the determination of the solubilities. 

It is concluded that the activation energy for the 
interdiffusion coefficient of titanium in @ iron, at 
low titanium concentrations, is essentially the same 
as the activation energy for the self-diffusion co- 
efficient of iron in a iron. This result correlates 
with the theory of Zener for diffusion in bcc alloys 
of low solute concentrations. Actual diffusion rates 
decrease with increasing titanium concentration. If 
the effect is significant, it may be explained on the 
basis of entropy changes upon alloying. 

The activation energy for chemical diffusion of ti- 
tanium in y iron seems to be much lower than the 
activation energy for the self-diffusion of iron in y 
iron. This result would seem to support the theory 
of Johnson for diffusion in fec alloys of low solute 
concentrations. However, it is felt that the experi- 
mental inaccuracy of the determination of the ex- 
tremely low titanium concentrations is too great to 
consider this effect to be significant. 
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Order-Disorder Transformations 


in lron-Aluminum Alloys 


The portion of the equilibrium diagram between 20 and 30 at. 
pet Al in iron was revised on the basis of dilatometric data. Alloys 
below 23 at. pct Al transform from disordered solution to ordered 
Fe;Al structure; whereas those above 23 at. pct Al transform first 


to FeAl structure, and then to FeAl structure. 


The isothermal ordering rates for the 25 at. pct Al alloy, 
quenched from the disordered region and from the FeAl region, 
were measured at temperatures between 200° and 500°C. The ve- 
sults are approximately the same for each disordering tempera- H. J. McQueen 
ture and indicate that the transformation is one of nucleation and 


growth. 


Tue useful properties of k6-Alfenol and the 
thermenol alloys (Summarized by J. E. Nachman 
and W. J. Buehler’) have encouraged research into 
those alloys which, having compositions near 25 

at. pct Al, 75 at. pct Fe, undergo an ordering trans- 
formation between 500° and 550°C. 

The equilibrium diagram of the iron-rich iron- 
aluminum alloys was first determined by Bradley and 
Jay.” * They distinguished three structures: the dis- 
ordered, which is bcc; FeAl, which is simple cubic 
with one Fe atom and one Al atom per lattice site; 
and Fe,Al, which is fcc with three Fe atoms and one 
Al atom per lattice site. This last structure may be 
conceived as eight body-centered cubes with Al 
atoms at the centers of alternate ones, so that Al 
atoms have only Fe as first and second nearest 
neighbors. 

Later, Osawa and Murata* determined the bound- 
aries of the different superlattice regions in the 
iron-rich Fe-Al solid solution by dilatometric and 
X-ray methods. Two of the six phases, which they 
found between 0 and 50 at. pct Al, were never identi- 
fied by other workers. A. Taylor and R. M. Jones,” 
concurrently with and independently of this research, 
redetermined this diagram by measuring lattice 
parameters at temperature. Further reference will 
be made to their results. 


EQUILIBRIUM DIAGRAM 


A) Experimental Procedure—The alloys were pre- 
pared from NRC gas-free iron (99.9 pct Fe) and 
99.99 pct Al. They were melted in alumina crucubles 
under vacuum in an induction furnace. If the ingots 
were unsound or showed more than a 3 pct weight 
loss, they were rejected. The ingots were homogen- 
ized at 1100°C for 24 hr before hot-rolling at 700° to 
900°C from 1 in. to 0.25 in. thick. It is interesting to 
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note that alloys containing more than 28 at. pct Al 
were able to take an 80 pct reduction of area in the 
ordered FeAl region. The dilatometer specimens 
and specimens for chemical analysis were cut from 
these plates. 

A Leitz dilatometer was used to measure the co- 
efficient of linear expansion as a function of temper- 
ature. The specimens were slowly cooled from 900° 
to 300°C where they were annealed for 10 hr before 
slowly cooling to room temperature. The expansion 
was recorded photographically as the alloys were 
heated and cooled at 1.5°C per min between 100° and 
1000°C. 

The magnetic measurements determining the Curie 
points were performed on the dilatometer specimens 
in the dilatometer, by using direct current in the 
furnace windings both to heat the specimen at 1.5°C 
per min and to serve as the primary coil. The 
regular specimen holder was replaced by a thin 
alundum tube on which was wound, as a secondary, a> 
closely spaced coil of fine copper wire. A reversal 
of current in the furnace windings produced, in the 
secondary, an emf which was proportional to the 
induction in the specimen, and which could be de- 
tected on a galvanometer. In this way, it was pos- 
sible to determine the Curie points of alloys to 
within + 5°C. 

B) Results and Discussion—The coefficients of 
linear expansion, as obtained from the dilatometer 
curves, are plotted as a function of temperature and 
composition in Fig. 1. Since in many cases the heat- 
ing and cooling curves were superimposed, it was 
decided to measure slopes of heating curves only. 
Definite high peaks, due to the transformations, 
were observed on each curve between 400° and 
520°C, and, for alloys containing more than 23 at. 
pet Al, a second set of smaller peaks at tempera- 
tures above 660°C. The sharpness of the peaks in- 
dicates that ordering to Fe, Al is a first-order re- 
action. 

The compositions and the temperatures of these 
peaks are listed in Table I. When these tempera- 
tures are plotted as a function of the composition, 
the result is the constitution diagram presented in 
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Fig. 1—Variation of linear-expansion coefficient of Fe-Al 
alloys with temperature. 


Fig. 2. The Curie points of the alloys are included 
in Table I and are also plotted in Fig. 2. 

The constitution diagram given in Fig. 2 agrees 
quite well with that determined by Taylor® with 
X-ray techniques. The ordering transformation 
temperatures are lower than those obtained by Sykes 
and Evans®* whose alloys were not as pure as those 
used in this research. The Curie points of ordered 
alloys of Fe; Al structure are in agreement with 
those of Sykes and Evans” ” but are a little lower 
than those of Taylor,’ Sucksmith,® or Osawa and 
Murata.* There is no evidence of ferromagnetism in 
the whole region of FeAl ordered alloys. This is at 
variance with the observations of Sykes and Evans®’” 
and Sucksmith® but in full agreement with Taylor.® 
Line A, the boundary between ordered FeAl and dis- 
ordered bcc alloy, begins steeply at about 23 at. pct 
Al, but soon bends over toward higher Al concentra- 
tions. It should be noticed that, in the diagram pub- 
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Table |. Compositions, Ordering Temperatures, and 


Curie Points for Fe-Al Alloys 


Curie 


Ordering Ordering Curie 
Composition, Temperature Temperature Point of Point of 
At. Pct of Fe3Al,°C of FeAl,°C  Fe3Al,°C 

19.9 360 690 
21.7 460 655 
475 655 
23.5 500 660 500 
24.7 515 730 507 
26.0 520 840 400 
26.9 520 850 400 
29.5 490 900 270 
33.6 420 


lished in Hansen’s book,° this line is drawn as verti- 
cal to the composition axis. Below line B, Fe,Al 
ordered phase is stable. The maximum ordering 
temperature, 520°C, occurs at about 26 at. pct Al. 


KINETICS OF ORDERING 


A) Experimental Procedure—The kinetics of or- 
dering in an Fe; Al alloy was studied by measuring 
the change of electrical resistivity during isothermal 
annealing below the critical temperature. Ordering 
was considered complete when the resistivity 
reached a minimum value constant with time. The 
wire uSed in this experiment contained 25.09 at. pct 
Al, was 0.00956 + 0.00002 in. in diam, and was fur- 
nished by the Naval Ordnance Laboratory, White Oak, 
Silver Springs, Maryland. 

The experiments were performed on two sets of 
wires: those heated for 20 hr in vacuum at 650°C, in 
the FeAl ordered region, and those disordered for 
the same time at 800°C. The alloys were quenched 
from the disordering temperature into ice water. 
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Fig. 2—Constitution diagram of iron-rich Fe-Al alloys in 
the solid-solution range as determined by this research. 
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Fig. 3—Isothermal resistivity-time 
curves for Fe,Al wires previously 
disordered at 650°C for 20 hr. 


fel 


Fig. 4—Isothermal resistivity-time 
curves for Fe,Al wires previously 
disordered at 800°C for 20 hr. 


RESISTIVITY ohm-cms 
é 


1 


Since disordered, or even partially ordered speci- 
mens, which were held at room temperature for 
several months showed no change in resistivity, it 
was assumed that no appreciable ordering takes 
places at room temperature. The wires were heated 
at 50°C temperature intervals, between 200° and 
500°C, in salt baths. At low temperatures the wires 
were heated without protection but at temperatures 
above 400°C, they were heated in vacuum, in fine 
pyrex tubes. Three wires were heat treated in 
exactly the same manner, and the resistance of each 


Temperature 3 
| 


| 


| | | | | 
10 100 000 10000 100000 
Time seconds 
Fig. 5(2)Time-temperature-transformation curves of the 
start and completion of ordering for Fe3Al wires pre- 
viously disordered at 650°C for 20 hr. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


10 100 000 
TIME seconds 


10,000 


measured at three different positions on a Kelvin 
double bridge. 

B) Results and Discussion—The results are sum- 
marized in Figs. 3 and 4, where resistivity is 
plotted against the logarithm of the ordering time 
at the temperatures indicated, and in Figs. 5(a) and 
5(b), in the form of Time-Temperature-Transforma- 
tion curves. 

The shapes of the TTT curves seem to indicate 
that the ordering transformation in this alloy is one 
of nucleation and growth. The more rapid ordering, 


500r— 4 
O 400— = 
[= 
4 
10 100 1000 10,000 100000 


Time seconds 
Fig. 5(b)—Time-temperature-transformation curves of the 
start and completion of ordering for Fe3Al wires pre- 
viously disordered at 800°C for 20 hr. 
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Table II. Minimum Resistivities and Degrees of Order 
for |sothermal Ordering 


Wires Quenched Wires Quenched 


from 650°C from 800°C 
Ordering Minimum Minimum 
Temper- Resistivity, Order Resistivity, Order 
ature, °C Ohm Cm Parameter Ohm Cm Parameter 
210 0.958 x 1073 1.00 
250 0.963 x 107° 0.99 0.958 x 1079 1.00 
300 1.00 x 10° 0.94 1.00 x 10° 0.94 
350 1.01 x 10° 0.93 1.03 x 10° 0.90 
400 1.15 x 10° 0.70 1.15 x 10") 0.70 
450 1.22 x10 0.56 1.22 x10 0.56 
500 1.28 x10° 0.40 1.28 x 109 0.40 


of wires quenched from 800°C, indicates that the 
disordered alloy orders to Fe;Al faster than does 
FeAl. This is in agreement with the theory of the 
effect of short-range order upon rate of ordering 
advanced by Kuczynski et al.*° 

The equilibrium order parameters S were calcu- 
lated by Muto’s*’ relationship: 


Py — Po 


where pis the minimum resistivity of an isother- 
mally ordered alloy after long heating times; py is 
0.958 x 107° ohm cm and is the resistivity of the 
alloy ordered at 210°C for which the order param- 
eter is assumed to equal one; p, is the resistivity of 
the completely disordered alloy, 1.34 x 10°* ohm cm 
in this case. 

The long-time-annealing resistivity for each 
ordering temperature is listed in Table II for both 
disordering temperatures. Also, included in the 
Table are the values of S calculated from Muto’s 

.equation. Fig. 6 represents the plot of order param- 
eter as a function of temperature. It can be seen 
that S decreases to 0.4 at 500°C and then seems to 
drop sharply; this would indicate a first-order re- 
action. 


CONCLUSIONS 


The disordered iron-aluminum alloys containing 
less than 23 at. pct Al transform directly to Fe, Al, 
but above that concentration, they transform first to 
FeAl and then to Fe; Al. The alloys can be magnetic 
in the disordered and in the Fe,Al phase, but not as 
ordered FeAl. 

The TTT curves indicate that the transformations 
from disordered or ordered FeAl phases to Fe, Al 


Fig. 6—Equilibrium 
order parameter of 
Fe3Al at various 
temperatures. 


Degree of Order 


100 400 500 
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are nucleation and growth processes. The rate of 
ordering to Fe, Al from the disordered solution is 
faster than that from FeAl. The final sharp drop in 
the degree of order as the temperature is raised, as 
well as the high peaks in the coefficient of thermal 
expansion curves, indicate a first-order reaction. 
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The Embrittlement of Glass-Coated Silver Wire on Heat Treatment 


Chikara Hirayama 


Tus investigation was undertaken to determine 

some of the factors contributing to the embrittle- 

ment of glass-coated silver wire on heat treatment. 
The materials used in this investigation were 22 
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Technical Note 


and 23 AWG silver wires obtained from Handy and 
Harman as ‘‘fine quality, soft temper.’’ A wet 
analysis of one sample showed 99.8 pct Ag. The 23- 
gage wire was covered with a double layer (2.5 mils 
thick) of electrical grade fiber glass (aluminum 
borosilicate glass containing a relatively high con- 
centration of calcium, and a very small amount of 
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sodium and lead.) 

Samples of both bare and glass-coated wires were 
heated in air at temperatures from 500° to 870°C 
for various lengths of time. Bare wires were also 
heated in fused low-melting lead-borate glass 
(86 pct PbO-14 pct B,0,) and in high-phosphate 
glass (14.0 pct PbO, 6.0 pct B03, 0.30 pct Al203, 
16.5 pct BaO, 62.6 pct P,O,) at 760°C for 48 hr. 
Micrographic examinations were made on the wire 
samples. 

Fiber-glass-covered wire became embrittled 
when heated at temperatures at which the glass was 
fused. The degree of embrittlement was dependent 
on the temperature and on the time of exposure. 
When heated for 44 hr at 740°C the cracks in the 
wire were very small and comparatively few. At 
higher temperatures over the same time interval 
the cracks were more numerous and were much 
larger. Fig. 1 shows a large crack which extends: 
through the wire as a result of heating for 20 hr at 
860°C followed by 24 hr at 785°C. Many pits were 
discernible on the surface of this wire where it was 
bare. There was no embrittlement when the glass- 
coated wire was heated for prolonged periods below 
the fusion temperature of the glass. 

The glass acquired a yellow color on heating the 
wire at 500°C and higher. The color of the glass 
was most intense for samples heated around 750°C, 
and least for those heated over prolonged periods at 
temperatures above 800°C. Samples of the yellow- 
colored glass invariably showed the presence of 
silver. Emission spectroscopic analysis showed that 
the sample heated at 780°C for 20 hr contained about 
four times as much silver in the glass as that of the 
sample heated at 815°C for the same length of time. 
A sample heated at 760°C for 48 hr contained only 
twice as much silver in the glass as the sample 
heated at 815°C. 

The bare wires heated in the fused lead-borate 
glass retained their ductility and showed no evidence 
of embrittlement, but in each case there was partial 
dissolution of silver into the glass. The latter ac- 
quired a yellow-brown color, while the diameter of 
the wire was reduced markedly. The wires heated in 
the fused phosphate glass evolved a considerable 
amount of gas at the surface of the silver. There was 
only slight dissolution of silver into the glass, but the 
wire became extremely brittle. Fig. 2 shows the ef- 
fect of the phosphate glass on the silver. The pitting 
seems to originate at the grain boundaries. 

Spectroscopic analysis of the heated wires showed 
that silicon was present in amounts less than 35 ppm, 
while Cu was < 20 ppm, Fe < 15 ppm, Pb < 6 ppm, 
Mg < 3 ppm, and Mn < 15 ppm. 

The solubility of oxygen in silver is known to be 
comparatively high, with a minimum solubility at 
400°C.' It has also been shown’ that silver is vola- 
tilized when annealed at 600° to 750°C in the pres- 
ence of oxygen due to the formation of the more 
volatile Ag,O. When the wire is coated with a film of 
glass it is apparent that atmospheric oxygen cannot 
reach the metal except by the slow process of dif- 
fusion through the glass. On the other hand, Ag,O 
can readily diffuse into the glass film because of its 
high mobility. This process probably results in the 
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20 hr at 860°C followed by 24 hr at 785°C. X250. Reduced 
approximately 28 pct for reproduction. 


48 hr at 760°C. X250. Reduced approximately 28 pct for 
reproduction. 


yellow coloration of the glass when the wire is 
heated. On prolonged heating of the glass-coated wire 
at temperatures above 750°C, it is probable that the 
silver in the glass film is volatilized and not re- 
placed because of the exhausti6n of the Ag,O in the 
metal. This result would explain the bleaching of the 
yellow glass film on prolonged heating, or heating at 
higher temperatures. In the case of the lead-borate 
glass, it is apparent that the metal itself dissolves 
into the molten glass, probably by some mechanism 
such as oxygen exchange between the lead oxide and 
silver. 

The embrittlement of the glass-coated wires is in- 
directly caused by the migration of some component, 
typical of the glass, to the grain boundaries of the 
silver. It seems apparent that the glass must fuse 
for this process to take place. As seen from the 
photomicrographs, the fractures seem to originate at 
the grain boundaries. Since the same impurities 
were found in all of the samples, both ductile and 
embrittled, in comparable concentrations, the effect 
of any single impurity cannot be conjectured. How- 
ever, it is apparent that the effect of phosphate glass 
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Fig. 1—Cross section of fiber-glass-coated wire heated 
Fig. 2—Silver wire heated in molten phosphate glass for 


is different from that due to borosilicate glass. The 
exact nature of the mechanism which initiates the 
fracture is not known at present. 
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Removal of Fission Products from Molten 


Thorium-Uranium Alloy 


Thorium-uranium (10 wt pct) alloy samples have been par- 
tially decontaminated using a salt-bed process. The method con- 
sists of induction melting the alloy supported by a vertical column 
of compacted calcium fluoride. The molten metal then melts its 
salt environment and, under gravity, passes down through the salt 


column. 


Experiments in which melting periods of from 3 to 28 min for 
the irradiated metal, and calcium-fluoride columns of from 1 to 
6 1/8 in. in length were used have disclosed removal of 35 to 98 
pet Ce, Sr, rave earths, and Cs. Seventy to 80 pet of the tellurium 
was removed. Thorium losses amounted to 1 to 12 pet. Zirconium, 
ruthenium, protactinium, and uranium were not removed to any 


great extent. 


It is suggested that this salt-metal system does not reach 
equilibrium with regard to fission product and fissionable element 


distribution. 


Experimental results have been empirically correlated by the 


IBM 704 computer. 


Other applications of salt-bed processing are indicated. These 
include fundamental studies requiring pure systems, recovery of 


A. G. Buyers 
J. Chilton 


valuable materials such as plutonium, metal purification, and the 


use of refractory columns in drossing research. 


STuDIES in the high-temperature separations chem- 
istry of thorium-uranium fuels are complicated by 
the corrosive nature of these molten metal systems 
at 1700°C. Separations research pointed toward the 
removal of fission products from irradiated alloys 
has included a frozen salt-bed technique which mini- 
mizes container reaction with molten metal. The 
procedure consists of high-frequency induction melt- 
ing of the metal sample which is supported by a ver- 
tical column of unmelted salt. The molten alloy 
melts its immediate salt environment and as it 
Slowly falls down through the column, many of the 
fission-product poisons are transferred into the 
fused salt environment. The molten salt-metal zone 
is encompassed at all times by unmelted salt, pre- 
venting container contact. 


EXPERIMENTAL 


Experimental methods were separated into three 
parts: salt-bed preparation, melting, and analytical 
evaluation. 

A) Bed Preparation—The procedure for casting 
calcium-fluoride briquettes was to compress the 
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powdered salt at 5,000 to 10,000 psi and place this 
compact in a graphite crucible. This assembly was 
inserted into a vacuum system and surrounded by an 
alumina crucible as well as molybdenum, tantalum, 
or stainless-steel foil thermal-radiation shields. 
The pressure was reduced and the crucible heated 
under vacuum to about 800°C with the fore pump 
operating. Argon was then admitted to about 0.8 atm 
and heating continued until the CaF, had melted 5 min 
at the melting point seemed satisfactory). Apparatus 
used included a l-in. graphite crucible with 1/8-in. 
walls, 1-in. ID in a 2-in. induction coil, and a 6-kw 
Ajax high-frequency converter. 

B) Melting—Calcium-fluoride briquettes, 1 in. in 
diam and 1/2 to 1 in. thick, were prepared and ver- 
tically stacked to obtain the desired column length. 
An irradiated alloy sample (nvt = 10*”) was placed on 
top of the salt column and the assembly was con- 
nected to the vacuum system. After evacuation of 5 
to 10 yu, purified argon was admitted and the system 
flushed twice. The final argon pressure was about 
0.8 atm. The sample was heated by induction at a 
power of about 6.5 kw. It then melted its way down 
through the salt and freely dropped into a small 
alumina crucible. The molten metal is followed dur- 
ing its downward course by the induction coil which 
is mounted upon a power-driven machine-threaded 
shaft. 

Experimental conditions used in the foregoing work 
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Table |. Experimental Conditions 


Experiment Wt Alloy, Column Length, Time of Melting, Wt Column, 
No. G In. Min G 
1 11.14 1.00 3.0 30 
2 11.62 1.50 5.5 53 
3 12.53 2.75 10.0 98 
4 11.18 4.50 16.0 158 
5 12.00 6.13 28.0 216 


are Summarized in Table I. 

In an effort to eliminate metal losses, barium and 
lanthanum fluoride as well as mixtures of calcium 
and thorium fluoride were used in carrying out ex- 
periments with unirradiated alloy. Weight losses ap- 
proximated 3 to 4 pct and were comparable to those 
found where pure calcium-fluoride columns were 
used. 

C) Analytical Evaluation—Radiochemical analyses 
were carried out for fission products remaining in 
the processed metal. Methods used were those out- 
lined in the National Nuclear-Energy series.’ It was 
decided that metal-phase analysis would permit in- 
terpretation of distribution and decontamination. 

Uranium analyses were accomplished using a 
method based upon that developed by Sill and Peter- 
son. 

Thorium-uranium alloys which had been passed 
through salt beds were analyzed for thorium by the 
volumetric versanate method.* Once it had been es- 
tablished that uranium losses were negligible, 
sample weight changes were used as a means for 
determining thorium loss. 

Cursory X-ray fluorescent and diffraction studies 
were made upon the glassy black salt zone left by 
passage of the molten alloy. These studies were 
made using Norelco instruments. 


DISCUSSION OF THE SALT-BED PROCESS 


This salt-bed system is created by permitting the 
molten fuel to melt its own path down through a 
column of frozen salt. The initial situation and ap- 
paratus are depicted in Fig. 1. The insert area in 
this figure shows a fragment of the unmelted alloy 
fuel resting upon a calcium-fluoride bed. Activa- 
tion of the induction coil, after positioning, will 
cause the alloy to melt. As this occurs, the salt 
beneath the melted metal will become molten and 
will cover the upper metal surface. 

Fig. 2 is a photograph of a processing bed in 
which the molten alloy was allowed to freeze as it 
reached the bottom of the salt column. The skull 
surface represents the initial position of the metal 
and is frozen salt. The black unidentified crystals 
are believed to be thorium metal which has frozen 
into the calcium fluoride as crystallization oc- 
curred. X-ray fluorescent examination of this black 
material revealed that the main constituents were 
calcium and thorium. Diffraction studies indicated 


that thorium had entered the calcium-fluoride lattice. 


Although thermodynamic equilibrium is probably 
never attained, considerable amounts of a few im- 
purities may be extracted by the salt column. These 
are strontium, cerium, and the rare earths whose 
fluoride free energies of formation indicate stability 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


FIG. 1—Apparatus for salt-bed processing. 


approximating that for calcium fluoride. Fluorides 
which are less stable than calcium fluoride are those 
of thorium, uranium, zirconium, ruthenium, and 
probably protactinium.* The vapor pressures of some 
of these fission-product metals at 2000°K suggests 
that evaporation rather than extraction is the de- 
contamination mechanism. Evaporation of cesium 
and tellurium is most likely since they have vapor 
pressures in excess of 1 atm at this temperature. 
Thorium, uranium, zirconium, ruthenium, and prob- 
ably protactinium exhibit vapor pressures of mag- 
nitude, 10°° to 10° at 2000°K, and are removed to a 
limited extent, if at all.° Summarized in Table II are 
decontamination data to which the foregoing concepts 
are believed to apply. 

It is suggested that losses of thorium to the salt 
column during experiment is physical in nature. The 
large temperature gradient existing in the molten 
salt environment surrounding the melted alloy will 
probably cause freezing of thorium into the extrac- 
tion column as the molten metal passes downward. 
Efforts to eliminate this loss have not been success- 
ful. The probable explanation that a metal skin 
merely freezes into the salt, suggests preheating the 
salt bed, nearly to the melting point, thereby reduc- 
ing the extreme temperature gradient in the melted 
salt and the metal loss to this molten zone. 

Correlation of experimentally determined distri- 
bution data according to the concepts of thermo- 
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Fig. 2—Sectioned calcium-fluoride bed showing Th-U alloy. 
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Table Ill. Constants A and B and Their Probable Error 


Ele- Constants Probable Errors 

Th -0.00138 -0.00460 +0.00576 +0.00351 +0.00025 
Cs -0.00963 -0.08808 +0.15242 +0.09296 +0.00663 
Sr —0.24493 -0.12953 +0.35540 +0,15628 +0.00557 

R.E. -0.27180 -0.12847 +0.30721  +0.18740 +0.01337 
Ce -0.30535 -0.14317 +0.30758  +0.14758 +0.00744 
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Fig. 3—Least-squares plot for thorium and fission-product 
removal. 


dynamic equilibria is not possible. It is for this 
reason that these data were submitted to the 704 IBM 
computer. Computer Program R-0966 was used to 
determine the type of equation which would best fit 
the experimental values. The developed equation in 
general form is written: 


where 


y = fraction removed, decimal fraction. 

t = time of heating minutes, directly proportional 
to bed length. 

A and B = empirical constants. 


This equation may also be expressed: 
2.3 log (l-—y)=A+Bt 


Values of constants A and B were also determined by 
the 704 IBM computer, using Program W-3091. These 
values together with their probable error, based upon 
least-squares fit of the submitted data, were sum- 
marized in Table III. 

A composite plot of these equations is shown in 


Table Il. Decontamination Data for the Salt-Bed Processing 
of Irradiated Th-U (10 Wt Pct) Alloy (Premelted CaF, Bed) 


sate Percentage Element Removed by Process Fuel Loss Pct* 
No, RE. Ce Cs Te Sr Ru Pa Zr Th U 
3 75 84 39 4335 
4 95.96.78 bin 8.6 1 


*Based upon amount originally present as 100 Pct 
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Fig. 3. Actual data are not plotted for reasons of 
clarity, but are given in Table II. The empirical 


representations will be of use as an aid in planning of 


pilot-plant or larger-scale engineering efforts. 
Examination of these data has revealed that for 
heating periods of from 3 to 28 min, irradiated 
thorium-uranium (10 wt pct) alloy passed through a 
column of calcium fluoride, varying in length of from 


1 to 6 1/8 in., will show: 1 to 12 pct Th loss, removal 


of 35 to 98 pct Ce, Sr, rare earths, and Cs, and 70 to 
80 pct Te. Zirconium, ruthenium, protactinium, and 
uranium (not depicted) will be removed into the salt 

column in negligible amounts. 


OTHER APPLICATIONS OF THE SALT-BED 
PROCESS 


If we extend our thinking beyond that related di- 
rectly to decontamination studies, it is reasonably 
easy to realize that this novel salt-bed method can 
have wide application. 


The experimental procedure offers a simple means 


of obtaining systems free of container contributions 
resulting from corrosion. Research of a fundamental 
nature, requiring such uncontaminated systems, may 
be carried out using the salt-bed approach. 

In an applied sense, recovery of extracted, valu- 
able impurities (7.e., plutonium) can be achieved by 
passing a second metal through the bed. This second 


metal is selected, according to free energy values, to 


permit reduction to metal of the plutonium compound 
existing in the salt column. 

The salt-bed method is not limited to the removal 
of fission products from reactor fuels, but may be 
used for purification of other metals. In this con- 
nection the limiting factor is, whether a salt can be 
selected for use in the column which will support 
the metal sample until it melts, and at the same 
time remove the objectionable impurities during 
passage of the molten mass. 

The basic concept of salt-bed processing; causing 
a susceptor, heated by induction, to contact a non- 
suscepting environment, can be applied to refractory 
drossing of spent fuels and for metal purification. A 
granulated refractory column may be used to con- 
tain metals melted by induction heating. The molten 
material will drip down through the column permit- 
ting extraction of impurities by the unmelted refrac- 
tory surfaces. 
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Correlation of Transformation Behavior with 


Mechanical Properties of Several 


Titanium-Base Alloys 


Hardness, tensile, and X-ray diffraction data were compiled 
to follow the course of aging in the nominal alloys Ti-8Mn, 
Ti-8Mn-2Al, Ti-4Mn-4Al, Ti-6Al-4V, and Ti-4Fe. 

The titanium-manganese and titanium-manganese-aluminum 
alloys were embritiled after quenching from the a-B field and 
aging for short times at 800° or 900°F. Omega phase patterns at 


this time were strong for the Ti-8Mn alloy, weaker and more 
diffuse for the Ti-8Mn-2Al alloy, and were not detected positively 
for the Ti-4Al-4Mn specimens. Omega was not observed on aging 
of the Ti-6Al-4V alloy. These data support previous observations 
that aluminum suppresses the formation of w phase. 


Durinc the past 5 years, research directed toward 
the development of titanium alloys having improved 
strength-ductility relationships and heat treatability 
has been carried out at Battelle for the U. S. Air 
Force.’~* In the course of this work, a method of 
heat treating 6-stabilized titanium alloys was de- 
veloped which produced a wide range of useful prop- 
erties.* The heat treatment consisted of two steps: 
a) solution treating at temperatures in the a-f phase 
region, and b) overaging at a lower temperature in 
the range 800° to 1100°F. 

Corollary to the alloy development work, research 
was conducted on the mechanism of the heat-treat- 
ment reaction. The investigations of Frost and co- 
workers on isothermal transformation in Ti-Cr° and 
Ti-Mn‘° alloys disclosed the existence of the transi- 
tion phase, w, during the course of the decomposi- 
tion of metastable 8 phase. Subsequent work at 
Battelle’ ®*and at Case Institute by Brotzen and co- 
workers? further clarified the nature of the decom- 
position process. Beta decomposition was found to 
proceed by the following series of reactions: 


as a + Ti, M, (in eutectoid systems). 


Bo, B,, and B, refer to B phase of original, enriched, 
and ultimate alloy contents, respectively. Omega is a 
transition phase having a complex structure.*°~** 
Step 4, of course, occurs only in B-eutectoid sys- 
tems. 
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This paper presents data correlating transforma- 
tion behavior with mechanical properties for the fol- 
lowing alloys: Ti-8Mn, Ti-8Mn-2Al, Ti-4Mn-4Al, 
Ti-6 Al-4V, and Ti-4Fe. 

The isothermal decomposition of # in titanium- 
manganese alloys of similar composition has been 
investigated by Frost and coworkers’ and the effect 
of various annealing treatments on alloys in this 
system has been studied by Holden, Ogden, and 


Jaffee.’* The compositions Ti-8Mn-2Al, Ti-4Mn-4Al, 
and Ti-6.Al-4V, were studied in the present work in 
an effort to define more clearly the effect of alumi- 
num on the response to solution and aging treat- 
ments. Ogden, Holden, and Jaffee’ have invesitgated 
the effect of aluminum on the response of a similar 
alloy (Ti-8.8Mn-2.46Al) to annealing treatments, and 
Luini and Lee*® have made an exploratory investiga- 
tion of the heat-treatability of the Ti-4Mn-4Al alloy. 

The Ti-4Fe alloy was studied as an example of a 
moderately active eutectoid system. Holden, Ogden, 
and Jaffee*’ have studied Ti-Fe alloys and have pre- 
sented some hardness data for aging at 400°C for 
alloys of Ti-2.56, 5.01, and 7.35 iron after quenching 
from the a-f field (750°C). 


EXPERIMENTAL PROCEDURES 


The experimental procedures generally used in the 
precipitation-hardening study are outlined in the fol- 
lowing sections. Departures from these techniques 
are noted in the discussions of the individual alloys. 
Table I presents the nominal and actual compositions 
of the alloys studied, together with the swaging and 
rolling temperatures. In all cases, these tempera- 
tures were in the a-8 field and the microstructures 
consisted of an equiaxed a-f8 mixture. 

Melting and Fabrication—Except for the commer- 
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Table |. Nominal and Actual Compositions and Fabrication Temperatures of Alpha-Beta Titanium Alloys for Age-Hardening Study 


Fabrication Temperature, °F 


Composition As Analyzed, Wt Pct Rolling to 
Composition Mn Al Fe O H ig N 0.07-In. Sheets In. Round 
Ti-8Mn 7.4 - - 0.043 0.0025* 0.01 _ 1300 1300 
Ti-8Mn-2Al Vs) 2.2 - 0.066 0.0019" - 0.015 1350 1350 
Ti-4Mn-4Al1? 3.9 3:3 - - 0.10 0.03 2 2 
Ti-4V-6Al1° - 5.0 - 0.13 0.0070* 0.03 0.017 ~ - 
Ti-4Fe - - 3.9 - 0.0019* - 1300 


*Residual hydrogen after vacuum annealing at 1250°F. 


2Commercial heat rolled to 1/2-in. bar stock in the %- 6 field. Fabrication temperature not known. 


’Commercial heat purchased as 0.030-in. sheet. 


cial heats of Ti-4Mn-4Al and Ti-6Al-4V, all com- 
positions were prepared as 1- or 2-lb heats using 
iodide-process titanium as the base. Most of the 
latter heats were double melted in a tungsten-elec- 
trode arc furnace under a stagnant atmosphere of 
helium and argon. Details of the fabrications will 
be pointed out in the discussions of the individual 
alloys. Subsequent to fabrication and prior to 
further treatment, all stock was vapor blasted and 
pickled to remove surface contamination. 

Vacuum Annealing— The iodide-titanium-base 
heats were vacuum annealed at a temperature of 
1250°F to reduce the hydrogen content to less than 
30 ppm. No additional treatment for hydrogen re- 
moval was required for the Ti-4Mn-4Al alloy. 

Heat Treatment—Specimens for hardness meas- 
urements and X-ray diffraction examination were 1/2 
in. sq. of 0.06-in. sheet stock or thin wafers of bar 
stock. For the solution treatments, the specimens 
were sealed in Vycor capsules under a partial pres- 
sure of argon. One 6 solution treatment and at least 
one a-f solution treatment were investigated for 
each alloy. The specimens were held 3/4 hr at tem- 
perature and quenched by breaking the capsule under 
water. Aging treatments under 24 hr were carried 
out in air furnaces. For longer aging treatments, 
the specimens were sealed in Vycor capsules. 

The blanks for tensile specimens were solution 
treated in a helium atmosphere furnace for 1/2 to 
3/4 hr, depending on the section size of the blank. 
All aging treatments were carried out in air, since 
the contaminated layer was subsequently etched or 
machined away. 

Hardness Measurements—Vickers hardness 
measurements were taken using a 10-kg load. 
Values reported are the average of three impres- 
sions. In a number of cases, in addition to the 
measurements made on the 1/2-in.-sq sheet speci- 
mens, hardness readings were taken on samples 
obtained from the grip ends of the tensile specimens. 
These measurements were made in order to check 
the extent to which the heat treatments for the ten- 
sile blanks reproduced those given the X-ray dif- 
fraction specimens. The two sets of hardness data 
were in favorable agreement. 

X-Ray Diffraction Studies—Diffraction patterns 
were taken a) for the as-quenched condition, b) 
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for the longest aged condition prepared, and c) for 
one, or perhaps two, intermediate aging times. 
Debye patterns were obtained using a 57.3-mm 
powder camera. Vanadium radiation was employed 
for all samples, but supplementary patterns were 
obtained with copper radiation in some instances. 
Specimens were prepared in the form of slivers by 
cutting a 1/16-in. strip from the 1/2-in. sq speci- 
mens, wet-grinding to shape, and chemically etching 
or electropolishing to remove worked metal. 

Mechanical Testing—For the Ti-8Mn, Ti-8Mn-2Al, 
and Ti-4Fe alloys, tensile properties were deter- 
mined on 1/8-in.-diam by 1/2-in. gage length speci- 
mens. Yield strengths were measured by using SR-4 
Type A-7 strain gages. Since the 3.9Mn-3.3 Al alloy 
was obtained as 1/2-in. round, 1/4-in.-diam X 1-in. 
gage length, tensile specimens were prepared for 
this material. 

Metallography—The specimens mounted for hard- 
ness were examined by conventional metallographic 
techniques. However, because of the small precipi- 
tate particle size, optical.microscopy was inadequate 
for a study of the early stages of aging. 


EXPERIMENTAL RESULTS 


Titanium-Manganese and Titanium-Manganese- 
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Fig. 1—Effect of aging at 800°F on the hardness, tensile 
properties, and diffraction intensities of a Ti-7.4Mn alloy 
quenched from 1250°F. 
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Fig. 2—Effect of aging at 800°F on the hardness, tensile 
properties, and diffraction intensities of a Ti-7.4Mn alloy 
quenched from 1375°F. 


Aluminum Alloys— 7Ti-7.4Mn—Solution treatments 
were carried out at 1250° and 1375°F (in the a-8 
field) and at 1600°F (in the 8 field). The specimens 
were subsequently aged at 800° and 900°F for times 
up to 192 hr. 

The hardness data, mechanical property data, and 
X-ray diffraction data are summarized in Figs. 1 
through 4. 

The response to aging depended on the solution 
temperature. For example, Figs. 1, 2, and 3 show 
the effect of aging at 800°F after solution treatment 
at 1250°, 1375°, and 1600°F, respectively. The 
hardness and strength curves were shifted to higher 
values as the solution temperature was increased. 
The intensity of the w phase X-ray reflections after 
aging 1/2 hr at 800°F also increased with increas- 
ing solution temperature. The tensile ductility de- 
creased sharply in the first stages of aging after 
solution treatment at 1375° and 1600°F, but was re- 
covered at long aging times after the 1375°F solu- 
tion treatment. The ductility was not restored to any 
appreciable degree, however, in specimens quenched 


from 1600°F, even after 192 hr aging at 800°F. More 


recent Battelle research has shown that the low 
ductility in the latter specimens is primarily a re- 
sult of the coarse 8 grain size developed on 6 
solution treatment. * 

As expected, the effect of increasing the aging 
temperature was to increase the rate of change of 
properties, and to decrease the maximum value of 
strength and hardness obtained. Fig. 4 presents data 
for 900°F aging following a 1375°F solution treat- 
ment. The ductility trough is much less marked in 
the 900°F aging curve than in the 600°F plot, Fig. 2. 

Ti-7.3Mn-2.2Al—For the Ti-7.3Mn-2.2Al alloy, 
two solution temperatures in the a-f field, 1300° and 
1450°F, were used, while the 6 solution tempera- 
ture was 1625°F. 

The 600°F aging curves for the 1300° and 1450°F 
solution treatments of the Ti-7.3Mn-2.2 Al, Figs. 5 
and 6, alloy can be compared with the corresponding 
curves for the 1250° and 1375°F treatments for the 
Ti-7.4Mn alloy discussed previously, Figs. 1 and 2. 
Qualitatively, the curves of Figs. 1 and 5 have the 
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Fig. 3—Effect of aging at 800°F on the hardness, tensile 
properties, and diffraction intensities of a Ti-7.4Mn alloy 
quenched from 1600°F. 


same form. The time to attain maximum strength, 
as well as the maximum strength itself, were in- 
creased by the aluminum addition. The w reflections 
were much weaker for the Ti-7.3Mn-2.2Al alloy 
specimens than for those of the Ti-7.4Mn alloy. 

In a like manner, the curves of Figs. 2 and 6 may 
be compared. Only hardness and X-ray data are 
presented in the latter figure, since the alloy was 
brittle in these conditions and several of the aged 
specimens broke in machining. 

Aging at 800°F of B-quenched (1625°F) specimens 
of the Ti-7.3Mn-2.2Al alloy resulted in essentially 
zero ductility. Again, this is believed to be prima- 
rily a result of the coarse 8 grain size developed by 
this heat treatment. 

Fig. 7 depicts the course of aging at 900°F in the 
Ti-7.4Mn-2.2Al alloy after solution treatment at 
1450°F. The higher aging temperature promotes 
rapid overaging. In the diffraction photogram of 
the specimen aged 1/2 hr, very weak diffuse w 
reflections were observed. 

Ti-3.9Mn-3.3Al—For the study of the aging be- 
havior of the Ti-4Mn-4Al alloy a quantity of 1/2-in. 
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Fig. 4—Effect of aging at 900°F on the hardness, tensile 
properties, and diffraction intensities of a Ti-7.4Mn alloy 
quenched from 1375°F. 
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Fig. 5—Effect of aging at 800°F on the hardness, tensile 
properties, and diffraction intensities of a Ti-7.3Mn-2.2Al 
alloy quenched from 1300°F. 


round bar stock of a commercial heat was obtained. 
Disks, about 1/8 in. thick, cut from the bar stock, 
were used for the hardness and X-ray diffraction 
examinations. 

Fig. 8 presents tensile, hardness, and diffraction 
data for specimens quenched from 1600°F (in the 
a-8 field) and aged at 800°F. As in the case of the 
Ti-7.4Mn-2.2Al alloy, strength and hardness per- 
sisted at high levels over a long period of aging. 
Positive evidence of w was not observed in any of 
the aged specimens. The course of aging as evi- 
denced by the diffraction patterns followed the ex- 
pected behavior and does not require elaboration. 

Titanium-Vanadium-Aluminum Alloy—(77-6Al-4V) — 
The Ti-6Al-4V alloy was procured as commercial 
0.030-in. sheet. Interest was centered in this alloy 
because of its commercial importance and because 
of its high aluminum and low 8 stabilizer contents. 
Specimens for X-ray diffraction and hardness 
measurements were solution treated and aged by the 
usual procedure. Solution treatments were carried 
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Fig. 7—Effect of aging at 900°F on the hardness, tensile 
properties, and diffraction intensities of a Ti-7.3Mn-2.2Al 
alloy quenched from 1450°F. 
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Fig. 6—Effect of aging at 800°F on the hardness and dif- 
fraction intensities of a Ti-7.3 Mn-2.2 Al alloy quenched 
from 1450°F. 


out at 1200°, 1400°, 1600°, and 1800°F, and age- 
hardening data recorded for aging treatments at 700°, 
900°, and 1100°F. The hardening response at all 
aging temperatures was not very marked after the 
1200° and 1400°F solution treatments. 

In Fig. 9, hardness data and X-ray diffraction re- 
sults are presented for specimens solution treated 
at 1600° and 1800°F and aged at 900°F. For the 
specimens quenched from 1600°F, a maximum 
hardness of about 375 Vhn, was attained which per- 
sisted for the 100-hr aging period covered. The 
X-ray patterns showed no £, as quenched, but 
primary @ and a’ were present. The a’ dis- 
appeared after a few minutes at 900°F, and £ of 
enriched composition appeared in increasing amounts 
after about 1 hr. The £ apparently formed from de- 
composition of the a’: 


a’ B, 


No w was observed in this alloy. 
For specimens quenched from 1800°F, two hexa- 
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Fig. 8—Effect of aging at 800°F on the hardness, tensile 
properties, and diffraction intensities of a Ti-3.9Mn-3.3Al 
alloy quenched from 1600°F. 
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Fig. 9—Effect of aging at 900°F on hardness and dif- 
fraction intensities of a Ti-6Al1-4V alloy quenched from 
1600°F and 1800°F. 


gonal phases were observed. These are designated 
as a’ and a”. The patterns of both phases were 
diffuse. Both phases had essentially the same ‘‘c’’ 
spacing but different ‘‘a’’ spacings, the latter being 
2.90A for a’ and 2.93A for a”. These phases ap- 
peared to exist separately for at least 10 min and 
possibly 1 hr at 900°F. The existence of these two 
phases might be due to microsegregation or other 
inhomogeneity of the parent 8 phase before the 
quench. Some 6 of original composition was seen 
after 1 hr. After 8 hr, both a’ and a” had disap- 
peared and equilibrium a phase and enriched B 
were observed. During the early stages of the aging 
cycle, the hardness increased from 360 to 440 Vhn, 
which was maintained for the duration of aging, 100 
hr at 900°F. No w phase was observed. 

Titanium-Iron Alloy—(7i-3.9Fe)—The titanium-iron 
system is an example of a moderately active B-eutec- 
toid type system, while the titanium-manganese sys- 
tem is an extremely sluggish f-eutectoid type. It was 
of interest to study aging in the Ti-Fe system for 
this reason. 

Specimens for the X-ray diffraction work and 
hardness measurements were cut from 3-in. lengths 
of the 1/4-in. round bar stock after the appropriate 
solution and aging treatments. Tensile specimens 
were machined from the remainder of the blank. 

Figs. 10 and 11 show the course of aging in this 
alloy at 900°F after solution treatment in the a-f 
field (1425°F) and in the B field (1700°F). 

Fig. 10 shows that aging at 900°F following an 
a-B solution treatment (1425°F) was accompanied by 
a continuous decrease in strength and hardness, 
while tensile ductility decreased at first, but, on pro- 
longed aging (192 hr), increased to a value in excess 
of the as-quenched value. At this time, reflections 
of a and £ of high alloy content were detected in the 
diffraction photograms. TiFe was observed in the 
specimens aged for 96 and 192 hr. It was of con- 
siderable interest to observe that the presence of 
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Fig. 10—Effect of aging at 900°F on the hardness, tensile 
properties, and diffraction intensities of a Ti-3.9Fe 
alloy quenched from 1425°F. 


TiFe did not destroy the ductility of these specimens. 
Omega was not detected by X-ray diffraction tech- 
niques in this alloy under these aging conditions. The 
large spread between yield and tensile strength 
should be noted for this alloy. The Y.S./U.T.S. ratio 
is about 0.65. This is rather unusual; most a-8 
alloys in the aged condition show ratios of 0.85 or 
greater. 

The results of aging at 900°F following a 6 solu- 
tion treatment (1700°F) are presented in Fig. 11. 
Omega was present in the as-quenched specimens, 
and the material failed in a brittle manner. Aging at 
900°F produced a continual decrease in the strength 
and hardness and some tensile ductility was regained 
at 192-hr aging time. No TiFe was detected in the 
diffraction patterns of specimens aged for this length 
of time. 


SUMMARY 


The age-hardening behavior of a series of a-f 
titanium alloys was investigated. 
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Fig. 11—Effect of aging at 900°F on the hardness, tensile 
properties, and diffraction intensities of a Ti-3.9Fe alloy 
quenched from 1700°F. 
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Results for the Ti-7.4Mn alloy indicate that the 
strength obtained on aging increased with increasing 
solution temperature. For all solution temperatures, 
the as-quenched condition was ductile. In the early 
stages of aging, the ductility fell to low values and w 
was detected in the diffraction photograms. 

Aging of the Ti-7.3Mn-2.2Al alloy followed qualita- 
tively the same course as for the Ti-7.4Mn alloy. 
However, the peak hardness and strength persisted 
over longer aging times in the aluminum-bearing 
alloy. Also, w reflections were very weak or absent 
altogether in the Ti-7.3Mn-2.2Al] alloy for aging 
treatments analogous to those which produced strong 
reflections from Ti-7.4Mn alloy specimens. 

The aging behavior of the Ti-3.9Mn-3.3Al alloy 
fell into the pattern established by data for the 
Ti-7.4Mn and Ti-7.3Mn-2.2Al alloys. That is, due to 
its higher aluminum content, its strength and hard- 
ness persisted at high levels over longer aging 
periods than for the latter alloys, and w was not 
positively detected in the photograms of any of the 
aged specimens examined. 


Omega was not detected in the Ti-6Al-4V alloy in 
any condition of heat treatment. Two hexagonal 
phases, a’ and a" were observed in specimens 
quenched from 1800°F. Upon aging at 900°F these 
transformed to 6 and a. 

The aging behavior at 900°F after 6 and a-f 
solution treatments was investigated for a Ti-3.9Fe 
alloy as an example of a moderately active p- 
eutectoid system. The alloy exhibited a) early 
overaging, b) large yield-tensile spread after an 
a-f8 solution treatment and aging, and c) high duc- 
tility after prolonged aging. 
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The Effect of Oxygen on the Tensile Properties 


of Titanium 


Tensile experiments, using a soft-tensile machine, have been 
performed on titanium and titanium-oxygen alloys. The results 


indicate that the previously reported increase of the yield strength 
with increase in oxygen concentration may be explained in terms of 
both an increase in the proportional limit and a very marked in- 
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crease in the rate of work hardening. The results are interpreted 


in terms of simple dislocation-solute interaction theory. 
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the effect of oxygen on the mechanical properties of 
titanium.'~° In particular, the yield strength has re- 
ceived considerable attention. Finlay and Snyder? 
report a 0.2 pct strain offset yield strength of 49 kg 
per sq mm in titanium containing 0.1 pct O and 61 kg 
per sq mm in titanium with 0.2 pct O. These results 
are in good agreement with those of J affee, Odgen, 
and Maykuth* who report values of yield strength 
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ranging from 19 kg per sq mm in iodide titanium to 
130 kg per sq mm in titanium containing 0.75 wt pct 
pet O. 

It is not known whether the observed increase in 
yield strength was due primarily to an increase in 
the proportional limit or due to an increase in the 
rate of work hardening. The present experiments, 
in which a high sensitivity ‘‘soft’’ tensile machine 
was used were designed to study the effect of oxygen 
on the initial stage of plastic deformation. In this 
way, it was hoped to determine the influence of 
oxygen on the proportional limit and the rate of 
work hardening. 


EXPERIMENTAL PROCEDURE 


Tensile experiments on polycrystalline specimens 
were performed using a balance type or ‘‘soft’’ ten- 
sile machine. The stress was directly recorded 
from the applied load while the corresponding ex- 
tension in the gage section of the specimen was 
registered by the tilting of a mirror fixed to an ex- 
tensometer. The angular displacement of the mirror 
was measured by the distance traveled by a re- 
flected light beam on a circular arc. This technique, 
using a 50 mm gage length, gave an accuracy of 
-— 0.005 pct in the measurement of strain and an ac- 
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Fig. 1—Effect of increasing oxygen content on the stress- 
strain curves for specimens with a 0.04-mm to 0.08-mm 
grain diameter. 
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curacy of +50 g per sq mm in the measurement of 
stress. 

Since a soft-tensile machine was used, a single 
stress rate was chosen and different strain rates 
resulted depending on the oxygen content of the 
specimens tested. The stress rate used in these 
experiments was 10 g per Sq mm per sec and the 
resulting strain rate varied from an average of 
2x 10 °per sec, for nominally oxygen-free speci- 
mens, to an average of 5 X 107’ per sec for 
specimens containing 0.75 wt pct O. 


MATERIALS 


The titanium used in the experiments was produced 


—by the iodide process (of the order of 0.002 wt pct O), 


remelted under an argon atmosphere and cold rolled 
into 1/16-in.-thick strips. Specimens 5 in. long and 
1/8 in. wide were cut from these strips. The grain 
sizes used in the experiments were obtained by heat- 
ing the specimens in a vacuum better than 5 x 107° 
mm of Hg to different annealing temperatures, 
namely 750°, 800°, 830°, and 870°C. This treatment 
produced specimens with an average grain diameter 
of 0.05 mm, 0.12 mm, 0.25 mm and 0.50 mm, re- 
spectively. After this operation, oxygen was added to 
certain specimens by heating them in an oxygen 
atmosphere at 700°C. When the required amount of 
oxygen had been introduced, the specimens were 
given a final anneal in vacuum for 100 hr at the tem- 
perature first used to establish the grain size. The 
details of this technique and the determination of 
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Fig. 2—Effect of increasing oxygen content on the stress- 
strain curves for specimens with a 0.5-mm grain diameter. 
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Fig. 3—Rate of work hardening vs oxygen content for spec- 
imens with a 0.5-mm grain diameter. 


the oxygen content were described elsewhere.’ X-ray 
diffraction photographs taken on several specimens 
prepared by this method showed no evidence of pre- 
ferred orientation. 


RESULTS AND OBSERVATIONS 


(a) The Rate of Work Hardening— Figs. 1 and 2 are 
stress-strain curves for specimens containing vari- 
ous amounts of oxygen. Fig. 1 is for fine-grain 
specimens (0.05 mm average grain diameter) and 
Fig. 2 is for large-grain specimens (0.5 mm average 
grain diameter). It is readily seen that the rate of 
work hardening, defined as the slope of the stress- 
strain curve (d stress/d strain) increases rapidly with 
increasing oxygen content. Fig. 3 is a graph of the 
slope of the stress-strain curves as a function of 
oxygen content and amount of Strain for 0.5 mm grain 
size. It can be seen that the greatest increase of the 
rate of work hardening is at the initial stage of 
plastic deformation. At 0.2 pct strain, the rate of 
work hardening for a specimen containing 0.5 wt 
pct O is approximately 10 times as great as that of 
a nonoxidized specimen, whereas it differs only by 
a factor of 4 at 0.6 pct strain, see Fig. 4. 

In Fig. 4 the slope of the stress-strain curves for 
all specimens, regardless of grain size, is plotted 
as a function of oxygen content. The results of these 
measurements, at each value of the total strain, 

Fig. 4, fall on a band in the coordinates of the dia- 
gram. Within each band the points are distributed 
randomly with respect to grain size. It is thus clear 
that the influence of grain size on the rate of work 
hardening is small, if any, compared to the influence 
of oxygen content. 

(b) The Proportional Limit— Fig. 5 shows the in- 
crease of the proportional limit with an increase in 
number of grains in the cross section for nonoxi- 
dized titanium. Fig. 6, which is a plot of the pro- 
portional limit for all specimens regardless of 
grain size shows that the addition of oxygen seems 
to cause an increase in the proportional limit. The 
scatter on this plot is too great to indicate anything 
other than a general trend and that the proportional 
limit does not increase by more than a factor of 2 
with an increase of oxygen content of approximately 
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. Fig. 4—Rate of work hardening vs oxygen content for spec- 


imens of different grain sizes. 


0.8 wt pct. 

(c) Yield-Point Phenomenon— As mentioned pre- 
viously, the tests were done on a ‘‘soft’’ type tensile 
machine and, therefore, no drop in load could occur 
at the yield point. With the slow rate of strain used 
in the tensile tests, an interesting yield phenomenon 
in titanium was observed. For the nonoxidized speci- 
mens (oxygen content less than 0.01 wt pct), there 
was a fast yielding in the stress-strain curve when 
the proportional limit was exceeded; a similar 
phenomenon was observed in mild steel tested on the 
same machine. 


DISCUSSION 


(a) The Rate of Work Hardening— The results ob- 
tained indicate that the rate of work hardening is 
relatively insensitive to grain size. This may indi- 
cate that the grain boundary has little effect on dis- 
location movement, and that most of the work 
hardening is caused by the interaction of dislocations 
within the grain. It is also possible, however, that 
even the largest grain size used was sufficiently 
small that the effect of boundaries on work harden- 
ing was already evident and that a further increase 


kg/Aqmm 


Proportional limit, 


2 5 10 20 50 100 200 500 

number of grains ot cross= section 
Fig. 5—Relationship between the proportional limit and the 
number of grains in the cross section for nonoxydized 
specimens. 
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Fig. 6—Relationship between the proportional limit and the 
oxygen content for specimens of different grain sizes. 


in the amount of grain boundary was of little signifi- 
cance. 

The effect of oxygen on the rate of work hardening 
is very dramatic, as shown in Figs. 1, 2, and 3. The 
Slope of the stress-strain curve in the part immedi- 
ately past the proportional limit for the specimens 
containing 0.5 wt pct O is nearly equal to Young’s 
modulus. If a yield strength is determined from a 
small strain offset, the result will be considerably 
higher than the proportional limit. Thus, it may be 
seen that the previously reported rapid increase of 
the yield strength with the addition of oxygen is 
directly related to the degree of work hardening. The 
simplest explanation for this increase in the rate of 
work hardening is that the oxygen atoms effectively 
block the dislocations in titanium to such an extent 
that many slip systems must operate, and dislocation 
interaction plays a dominant role in the hardening 
process. 

(b) The Proportional Limit and the Yield Phe- 
nomenon— The increase of the proportional limit with 
increasing oxygen concentration may be explained 
by dislocation-solute interaction. The movement of 
dislocations becomes progressively harder to initiate 
as the oxygen content increases. The yield point ob- 
served in the low oxygen content specimens probably 
results from Cottrell atmospheres of oxygen which 
‘‘lock’’ dislocations, and higher stresses are re- 
quired to break the dislocation away from the atmos- 
phere than to continue the movement of the dislo- 


cations.® 
A discrepancy on the yield phenomenon of titanium 
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exists between the present results and those of 
Churchman’s® on titanium Single crystals. Church- 
man reported no discontinuities in the stress-strain 
curves of specimens containing less than 0.01 wt 
pct O but sharp discontinuities in the curve for 
specimens containing 0.1 wt pct O. The following | 
points should be considered in comparing the present 
results to those of Churchman. The strain rate used 
by Churchman was between 20 to 100 times faster 
than that employed in the present investigation, and 
the yield point for specimens with oxygen content 
less than 0.01 wt pct may be suppressed by a fast 
Strain rate. For specimens containing 0.1 wt pct O, 
the discontinuity observed by Churchman occurred 
at a stress of approximately 21 kg per sq mm, and 
was believed to be associated with the formation of 
kink bands. The yield point for polycrystalline 
specimens with similar oxygen content used in this 
investigation was found to occur at a stress of 5 to 

7 kg per sq mm. The difference in stress levels and 
the observation of kink bands by Churchman indicate 
the possibility that two different types of yielding 
have been observed. The yielding in the present case 
is believed to be caused by the Cottrell mechanism.® 


SUMMARY 


The proportional limit and the rate of work hard- 
ening are a function of oxygen content. The previously 
reported yield strength increase due to oxygen ap- 
pears to be primarily the result of the increase in 
rate of work hardening. 
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Technical Note 


Durinc the course of creep studies in iron-chro- 
mium-nickel alloys, it became necessary to estab- 
lish the limits of the two-phase ferrite-austenite 
field at 1300°C. The shape of this region, predicted 
from the iron-chromium and chromium-nickel binary 
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Table |. Alloy Compositions Used for Determination of 1300°C Isotherm 


Chemical 
Annealing 
Alloy Fe* Cr Ni iC; O N Time, Hr Structure 
= . 4.08 = = 47 A+G 
80.1 5.14 0.006 0.005 0.001 +M 
4 2. 17.76 0.37 0.006 "9.0049 0.0005 
4 72.0 17.76 10.37 
5 (19.) (10.) - = 
.004 0.0062 0.0003 29.3 G 
6 70.6 17.07 12.50 0.00 
0. = = = 
67.8 0.005 0.0063 0.005 PAT G 
9 60.6 28.95 10.60 0.020 0.030 0.0024 49 A 
10 - 30.2 10.85 - - - 114 A 
11 - 27.68 12.18 - - - 15.5 A+G 
- 205 20.08 0.009 0.012 46 A+G 
15 - (33.) (27.) = oes = 19 A+G 
16 - 31.0 27.92 = = = 28 G 
17 _ (32.) (28.) = = = 46 A 
18 20.3 50.4 28.9 = - = 46 A+G 
19 - 39.3 40.3 - 0.010 0.008 17 A+G 
20 - 38.0 41.0 - - = 20 Gris 
21 - 56.85 42.6 - - - 22 +G 
22 - (65.) (35.) - 3 
23 - (40.) (50.) é 24 


*Iron by analysis where shown, others by difference. 
Note — Values in parenthesis are nominal compositions. 


Cr 


1300°C Isotherm 
© Austenite (gammo) 
Austenite Plus Ferrite 


© Ferrite (alpha) 
a 


Fig. 1—1300°C isotherm of the iron-chromium-nickel 
system, determined metallographically. 


diagrams”* is simply a narrow two-phase field orig- 


inating close to the iron corner of the iron-chromium 
binary and broadening across the middle of the ter- 
nary diagram to meet the chromium-nickel side. De- 
tailed experimental data for this temperature appar- 
ently do not exist. 

Wever and Jellinghaus® predicted the solubility 
limits for austenite and ferrite by extrapolation of 
data from thermal-analysis data of liquid alloys dur- 
ing cooling. Since their melts covered an extensive 
portion of the ternary diagram and the 1300°C iso- 
therm lies close to the solidus surfaces of the sys- 
tem, their predictions agree with the present results. 
Jenkins and coworkers* reported 1200° and 1330°C 
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sections, but these agree only qualitatively with the 
new data. Pugh and Nisbet° published constant per- 
centage iron sections of this system based on their 
own work plus a literature survey. By comparison, 
the present results show a more restricted chro- 
mium solubility in austenite and greater solubility 
of iron and nickel in ferrite. 

Alloy Preparation— Alloys were prepared by vacu- 
um (10-4 mm Hg) induction melting 150-g charges 
of electrolytic iron (99.84 pct), hydrogen annealed 
electrolytic chromium (99.37 pct, with 0.02 pct O), 
and pure nickel powder (99.8+ pct). Melts were de- 
oxidized with high-purity carbon prior to the ad- 
dition of chromium. Alloys were ‘‘cast’’ into 3/8-in. 
diam rods by lowering the open end of an inverted 
Silica ‘‘test tube’’ into the melt while the melting 
system was under vacuum and immediately admitting 
prepurified helium to a pressure of 1/2 atm. Cast 
rods were radiographed to select sound sections, 
chemically analyzed, cold swaged 30 pct, cut into 
short lengths, sealed in evacuated silica tubes, an- 
nealed at 1300 + 3°C, and water quenched. 

Table I shows the alloy compositions. In the table, 
G denotes the y phase (austenite), A denotes a phase 
(ferrite), and M denotes martensite. The phases 
were identified by metallographic examination of 
electrolytically polished and etched samples using a 
50/50 nitric acid —glacial acetic acid reagent de- 
veloped by Merchant.® 


RESULTS 


Fig. 1 is a graphical summary of the results. The 
solubility limits in the iron-chromium system at 
1300°C were taken from the work of Adcock.’ The 
solubility of chromium in nickel at 1300°C was ex- 
trapolated from the interior of the diagram. This 
value agrees within 1 pct of that established by Stein 
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and Grant® as well as of Jenkins® and Williams. !° 
Nickel solubility in chromium at this temperature is 
based on extrapolation along a smooth curve of the 


ferrite boundary in the interior of the ternary sec- 
tion. 
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The Effects of Melting and Casting Procedures on 


the Elevated Temperature Properties of Nickel 


and Cobalt-Base Alloys 


Stellite 31 and He 1049 alloys were each melted and cast in 
air and melted in vacuum and cast under argon. Udimet 500 alloy 
was melted and cast in vacuum with and without additions of 
boron and zirconium. Guy alloy was melted and cast in vacuum 


and in an argon atmosphere. 


Tensile tests were run at room temperature, 1200°, 1500°, 
and 1700°F. Stress-rupture tests were run at 1250°, 1500°, 1600°, 
1700°, and 1800°F. Oxidation resistance was determined as weight 


gain following constant temperature exposures to air at 2000°F, 


M. J. Stutzman 


and following intermittent exposures to air at room temperature 


and 2000°F. 


Tue demand for improved materials for high-tem- 
perature service has increased during the last few 
years. Iron,- nickel,- and cobalt-base alloys have 
been investigated extensively and many alloys with 
outstanding high-temperature strength have been de- 
veloped. Considerable research has been directed 
toward improved methods of processing these alloys. 
The vacuum furnace as a tool for the purification and 
improved control of high-temperature alloys has 
been studied extensively and production units are in 
operation. 

The research covered by this paper studied the ef- 
fects of casting in air, vacuum, or argon upon the 
elevated-temperature properties of two nickel- and 
two cobalt-base alloys. The alloys investigated were 
Stellite 31, He 1049, Udimet 500, and Guy Alloy. 


MELTING AND CASTING PROCEDURES 


Two heats of each of the four alloys under investi- 
gation were melted and investment cast under the 
following conditions: 

M. J. STUTZMAN is Metallurgist, Aviation Gas Turbine Division, 
Westinghouse Electric Corp., Kansas City, Mo. J. W. CUNNINGHAM 
is Metallurgical Engineer, Materials Engineering, Westinghouse Elec- 


tric Corp., Pittsburgh, Penn. 
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1) Stellite 31 was melted and investment cast in 
air and in vacuum, with an argon atmosphere for 
pouring. 

2) He 1049 was melted and investment cast in air 
and in vacuum, with an argon atmosphere for pour- 
ing. 

3) Udimet 500 was melted and investment cast in 
vacuum with and without additions of zirconium and 
boron. 

4) Guy Alloy was melted and investment cast in 
vacuum and in argon. 

The heats were all melted in induction furnaces 
equipped with preformed magnesia crucibles of 50-lb 
capacity. The air-melting furnace was powered by a 
spark-gap converter of 40 kw capacity. The vacuum- 
melting furnace was powered by a motor-generator 
set of 100 kw capacity. The argon heat of Guy alloy 
was melted in the vacuum melting furnace under an 
argon atmosphere. 

Virgin materials were used for preparing all heats 
except the air heats of Stellite 31 and He 1049. The 
charge for the air heat of Stellite 31 was a commer- 
cial blend of shot. The charge for the air heat of He 
1049 was Stellite 6 shot plus those virgin materials 
necessary to give the desired composition. All of the 
materials used were of the same grade used com- 
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Table I. Average and Nominal Compositions of the Alloys Investigated 


Stellite 31 He 1049 Udimet 500 Guy Alloy 
- acuum Nom- Vacuum Nom- 4 
Elements Air ey aL Air x Argon inal +Zr&B Vacuum inal Argon Vacuum Nominal 

Cc 0.53 0.48 0.50 0.60 0.64 0.60 0.14 0.13 0.13 0.17 0.15 0.14 
Mn 0.26 0.27 0.8 0.74 0.57 0.8 0.61 0.77 0.75 0.57 0.60 0.5 
Si 0.60 0.61 0.8 0.76 0.86 0.8 0.66 0.70 0.75 0.64 0.56 0.5 
Cr 25.2 25.3 25.5 26.4 26.4 26.0 17.0 17.2 17.0 14.8 14.6 15.0 
Ni 10.6 10.6 10.0 9.04 9.89 10.0 Bal Bal Bal Bal Bal Bal 
W 7.2 7.4 725 15.0 14.8 15.0 
Fe 1.62 0.70 2 Max 2.23 2.34 2 Max 0.17 0.11 4Max 4.36 4.44 5 Max 
Co Bal Bal Bal Bal Bal Bal 15.0 15.4 15.0 
Mo 3.85 3.87 4.0 5.34 5.31 SS 
B 0.44 0.45 0.40 0.0085 0.0028 0.32 0.26 0.5 
Zr 0.068 0.0012 
Al 3.21 3.23 3.0 5.86 6.06 6.0 
Ti 3.22 3.22 3.0 
Cb 1.98 1.97 2.0 
N 0.149 0.042 0.063 0.048 0.0297 0.0145 0.028 0.028 
H 0.0001 0.0001 0.0001 0.0005 0.0001 0.0010 0.0001 0.0001 
O 0.0015 0.0001 0.022 0.0046 0.0009 0.0061 0.0001 0.0001 


Table Il. The Order Used in Compounding, Melting, Deoxidation of Heats of Each Alloy 


Stellite 31 


Air Heat Stellite 31 shot supplied by the Westinghouse Materials Manufacturing Dept. in Blairsville was used. The molten 
metal was deoxidized with 0.3 pct CaSi before pouring. Small carbon additions were made to the molten heat as the 
molds were poured to replace carbon loss. Average pouring temperature 1510°C. Mold temperature 985°C. 


Vacuum Heat Virgin materials were used in this heat and charged in this order; cobalt-carbon, iron, tungsten, chromium, cobalt, 
and 50 pct of the nickel were charged into the crucible. After the initial meltdown, the remainder of the nickel was 
charged. The heat was cycled (frozen and remelted), hydrogen deoxidized, and cycled again. The Si and Mn were 
then added and the furnace back-filled with argon before pouring of molds. Average pouring temperature 1515°C. 
Mold temperature 960°C. 


He 1049 

Air Heat Stellite 6 shot and the necessery virgin materials were used for this heat. All of the nickel, cobalt, and one-half 
of the shot were charged into the crucible, Remainder of the shot, the chromium and the tungsten were charged after 
the initial meltdown and the heat was melted and deoxidized with CaSi. Nickel-boron and manganese were added last. 
Average pouring temperature 1515°C. Mold temperature 985°C. 

Vacuum Heat Virgin materials were used in this heat and charged in this order: cobalt-carbon, cobalt, iron, tungsten, chromium, 
and two-thirds of the nickel were charged into the crucible. After the initial meltdown, the remainder of the nickel was 
charged and melted. Nickel-boron and silicon were then charged, and the heat was hydrogen deoxidized. The heat was 
cycled, manganese added, and argon back-filled before pouring molds. Average pouring temperature 1515°C. Mold 
temperature 960°C. 

Udimet 500 

Vacuum withB and Zr Virgin materials were used in this heat and charged in this order: cobalt-carbon, molybdenum, coblat, chromium, 

Additions and one-third of the nickel. After the initial meltdown, the remainder of the nickel was charged into the crucible and 
melted down. The heat was then hydrogen deoxidized and cycled. Silicon, manganese, titanium, aluminum, nickel- 
boron, and zirconium were charged and the heat frozen and remelted before pouring the molds under vacuum. Average 
pouring temperature 1440°C. Mold temperature 960°C. 

Vacuum without The same procedure and materials were used in this heat as in the vacuum heat of Udimet 500 with boron and 

Zr and B additions zirconium additions. Average pouring temperature 1440°C. Mold temperature 960°C. 

Guy Alloy 

Vacuum Heat Virgin materials were used in this heat and charged in this order: iron-carbon, chromium, molybdenum, and one-half 
of the nickel were charged into the crucible. After the initial meltdown, the remainder of the nickel was charged and 
melted down. The heat was hydrogen deoxidized and cycled, Ferro-columbium, nickel-boron, manganese, silicon, and 
aluminum were charged and the heat frozen and remelted before pouring the molds under vacuum, Average pouring 
temperature 1370°C. Mold temperature 960°C. 

Argon Heat Virgin materials were used in this heat and charged in this order: iron-carbon, chromium, molybdenum, and one-half 


of the nickel. Before the initial meltdown was started, the chamber was filled with argon to 
mainder of thenickel was charged after the initial meltdown. Ferro-columbium, nickel-boron, 
aluminum were charged, melted and the heat frozen and remelted before pouring the molds 
temperature 1375°C. Mold temperature 960°C. 


one atmosphere, The re- 
manganese, Silicon, and 
under argon. Average pouring 
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mercially for compounding heats for investment 
castings. 


All of the specimens were inspected by Zyglo and 
X-ray radiography. Only those specimens which 


The average and nominal compositions of each alloy passed these inspections were used for testing. 


investigated are shown in Table I. 

Details of the melting and casting procedures used 
for each heat of the alloys studied on this program 
are presented in Table II. 

The specimens used for the tensile and stress- 
rupture testing were of the button-end type with a 
1/4-in. test section and a 1-1/4 in. gage length which 
were cast nine in a mold with bottom gating. 

The oxidation specimens were cut from plates 2 by 
5 by 1/4 in. which were investment cast six in a 
mold. Ten molds of stress-rupture specimens and 
one of oxidation plates were cast from each heat. 

The molds used on this program were of the same 
type used in the manufacture of turbine blades, a fine 
Silicate bonded dip coat was applied to the wax pat- 
terns to give a smooth surface on the castings. 

A coarse granular sand, also bonded with silicate, 
was used to back up the dip coat. The completed 
molds were dewaxed at 203°F in a circulating air 
oven. The molds used for the air-cast heat were 
then heated to 1832°F for pouring. It was found that 
in vacuum casting, surface defects were excessive 
if the air-casting practice was followed but that most 
of these defects could be eliminated by heating the 
molds to 2100° to 2200°F and cooling to 1832°F for 
casting. This practice was followed for heats cast in 
vacuum. 


PRESENTATION OF DATA AND DISCUSSION OF 
RESULTS 


Tensile, stress-rupture, and oxidation tests were 
run on specimens of alloys prepared as described 
above. All of the specimens except those of Udimet 
500 were tested in the as-cast condition. The Udimet 
500 tensile and stress-rupture specimens were given 
the following solution and aging treatment: 

1) Solution treated 4 hr at 2100°F in H, atmos- 
phere and air cooled. 

2) Solution treated 4 hr at 1975°F in Hz atmos- 
phere and air cooled. 

3) Aged 16 hr at 1400°F in H, atmosphere and air 
cooled. 


A) Tensile Test Data— All of the alloys under in- 
vestigation were tested in tension at room tempera- 
ture, 1200°, and 1500°F. Additional tensile tests 
were made at 1700°F for specimens of Udimet 500 
and Guy alloy. 

The specimens used for the tensile tests were the 
button-end type with a 1/4-in. test section with a 
1 1/4-in. gage length. Five or six specimens of each 
alloy and casting condition were tested at each tem- 
perature. The average data for all four alloys are 
presented in Table III and in Fig. 1. The bar graphs 
in Fig. 1 are arranged for comparison of the effects 
of melting practice upon the properties of each alloy 
and show the following effects of melting conditions 
on the tensile properties of these alloys. 

1) The ultimate and yield strength of Stellite 31 at 
room temperature and 1200°F are slightly higher for 
the material prepared in air, but the elongation and 
reduction in area are appreciably higher for the 
specimens prepared in vacuum plus argon. 

2) No appreciable differences in the ultimate 
strength, the yield strength, the reduction in area, 
or the elongation were observed for He 1049 alloy 
specimens prepared in air as compared to those pre- 
pared in vacuum plus argon. 

3) The Udimet-500 heat without the addition of 
zirconium and boron gave higher ultimate and yield 
strengths than the heat with the additions at all test 
temperatures except 1500°F where the ultimate 
strengths were approximately equal. The heat with 
the additions had appreciably higher elongation and 
reduction in area at 1700°F. 

4) The only appreciable difference in the Guy- 
Alloy heats was a Slightly higher ultimate strength 
at room temperature for the specimens prepared in 
argon as compared to those prepared in vacuum. 

B) Stress-Rupture Data—Specimens of each alloy 

~under investigation and the two conditions of prepa- 
ration were tested in stress-rupture at 1350°, 1500°, 
1600°, 1700°, and 1800°F. The specimens used were 
of the same design and to the same specifications as 
those used for the tensile tests. Baldwin spring-load 
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Fig. 1—Tensile test data for four alloys ¢& 
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Table Ill. The Effect of the Melting and Casting Process on the Tensile Properties of the Alloys under Investigation 


Average 
Average Yield © Average Average 
Temper- Ultimate Strength Elong. Reduction 
ature, Strength, 0.2 pct Pct in in Area, 

Alloy Casting Process 2 Psi Offset, Psi 1 In. Pct 
Stellite 31 Air RT 106,100 67,100 7.9 12.6 
Stellite 31 Vacuum + Argon RT 96,200 57,600 12.8 sae 
Stellite 31 Air 1200 75,900 40,100 13.0 pot 
Stellite 31 Vacuum + Argon 1200 73,100 31,800 17.1 hy 
Stellite 31 Air 1500 58,900 32,800 1137 ae 
Stellite 31 Vacuum + Argon 1500 59,400 35,100 18.6 ‘ 
He 1049 Air RT 69,100 - tag 1.3 
He 1049 Vacuum + Argon RT 69,700 - Lal 2.8 
He 1049 Air 1200 58,600 - 0.8 2.9 
He 1049 Vacuum + Argon 1200 69,600 = 15 2.5 
He 1049 Air 1500 66,000 58,700 1.2 2.6 
He 1049 Vacuum + Argon 1500 66,200 55,000 1.4 2.5 
Udimet 500 Vacuum + Zr and B RT 101,200 98,500 LS) 25 
Udimet 500 Vacuum RT 120,700 108,600 1.9 6.6 
Udimet 500 Vacuum + Zr and B 1200 101,100 92,500 Zak 5.6 
Udimet 500 Vacuum 1200 117,500 103,800 Pai 6.7 
Udimet 500 Vacuum + Zr and B 1500 105,800 86,600 2.9 4.0 
Udimet 500 Vacuum 1500 103,200 93,400 2.6 6.0 
Udimet 500 Vacuum + Zr and B 1700 63,200 49,000 16.6 26.4 
Udimet 500 Vacuum 1700 66,700 65,700 8.0 14.3 
Guy Alloy Argon RT 127,900 106,400 13 4.6 
Guy Alloy Vacuum RT 114,400 107,600 tz 3.2 
Guy Alloy Argon 1200 127,800 113,800 0.9 6.4 
Guy Alloy Vacuum 1200 120,400 114,800 11 4.4 
Guy Alloy Argon 1500 110,600 77,100 3.0 des 
Guy Alloy Vacuum 1500 106,600 85,200 2.7 5.6 
Guy Alloy Argon 1700 70,800 47,800 10.9 17.4 
Guy Alloy Vacuum 1700 65,900 45,200 10.4 15.3 


type creep machines were used for the stress-rup- 
ture testing on this program. Each machine was 
calibrated before testing was started and rechecked 
frequently to maintain calibration during the pro- 
gram. 

The specimens tested at each temperature were 
loaded to cover a range of rupture times of 100 to 
250 hr. The data obtained from these tests are pre- 
sented on master-rupture graphs, Figs. 2 to 5. The 
data as plotted on these graphs followed either a 
straight line, a parabolic curve, or a combination of 
the two types of curves. Both heats of He 1049 and 
the vacuum-cast heat of Guy- Alloy followed a 
straight-line relation for specimens tested at 1500°F 
or higher. The tests at 1500°F and lower followed 
the parabolic function. The heats with this type of 
master-rupture graphs were analyzed by statistical 
methods in two groups whereas the heats which fol- 
lowed a definite curve over the full range of test 
temperatures were analyzed as a single group. 

The method used for analyzing the stress-rupture 
data on this program is one developed at Westing- 
house Electric Corp. and will be the subject of 
another paper. The method is based on deriving 
equations for the line of minimum deviation and the 
95 pct confidence band. This was accomplished for 
the straight line by evaluating the constants for the 
line of minimum deviation in the equation 


Log S = A+ BP 


where A and B are constants, S the stress, and P 
the master-rupture parameter 7(20 + log t) x 10° 
in which T is the temperature (Rankine) and ¢ the 
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time in hours. The constants A and B were evalu- 
ated for the line of minimum deviation by the 
method of least squares. This gave for Stellite 31 
prepared in air: 


Log S = 7.3970 -— 0.0694P 


The value of log S was then calculated for each test 
condition and the deviation of each test from these 
values determined. The deviation of test data from 
the calculated value was used to determine the 
standard deviation and thus the lines bounding the 
95 pet confidence band. 

For data which followed a parabolic pattern on the 
master-rupture graph the following second degree 
equation was used. 


Log S + B(P K)? 


K is a constant which locates the vertical axis of the 
parabolic curve and was evaluated empirically. K 
had values between 30 and 40 for the alloys investi- 
gated. For the Udimet-500 Alloy melted and in- 
vestment cast in vacuum, K had a value of 36. The 
equation for the line of minimum deviation was 


Log S = 4.8437 — 0.0040 (P — 36)? 


The deviations from this equation were determined 
as described for the straight-line equation. The 
standard deviation and the 95 pct confidence band 
were then calculated. 

The lines of minimum deviation and the 95 pct 
confidence bands are shown on the master-rupture 
graphs for each alloy under investigation. The equa- 
tions shown are of value in locating the curves and 
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could be used for calculating the allowable stress to 
give a desired rupture time at a definite tempera- 
ture. However, these data are usually read directly 
from the graph. These equations and the master- 
rupture graphs are considered representative of the 
experimental data on this program and can be used 


for a comparison of the effects of melting conditions. 


However, the confidence band would need to be cor- 
rected for the limited number of specimens tested 
to render the confidence limits dependable for de- 
sign application. 

The 100-hr rupture strengths were determined 
from the master-rupture graphs and are presented 
in Table IV and the graphs in Fig. 6. In these graphs 
the corresponding tests of the two heats of the same 
alloy are placed adjacent for comparison of the 
effects of melting conditions on the rupture strength. 
The average elongations measured from the stress- 
rupture tests are presented at the bottom in Fig. 6 
and in Table IV. From the data presented in this 
report the following conclusions were derived. 
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1) Stellite 31 melted and investment cast under 
vacuum plus argon showed slightly higher rupture 
strength and appreciably greater elongation at all 
test temperatures except 1350°F where the rupture 
strength was slightly higher for the material melted 
and cast in air. 

2) The rupture strength of He 1049 was essentially 
the same for specimens melted and cast in air and in 
vacuum plus argon. The elongation was approxi- 
mately doubled for material melted and cast under 
vacuum plus argon, except at 1350°F where no ap- 
preciable difference was noted. 

3) Udimet 500 melted and cast under vacuum, with 
zirconium and boron additions, showed higher rup- 
ture strength, especially at lower temperatures, than 
the material without the additions. The zirconium 
and boron additions approximately doubled the elon- 
gation. 

4) Guy Alloy showed no appreciable difference in 
either rupture strength or elongation for material 
melted and cast in argon as compared to material 


VOLUME 215, AUGUST 1959-641 


389 40 41 #42 43 #44 #445 #46 «#447 -48 #449 #50 51° 52 
1350 


AIR-CAST 


100 
30 LINES. OF MINIMUM PENTA TIONS 
70 S = 4.7840 - 0.0061 (P-39)* 
60 = 7.7690 - 0.0713 P= 
°° EELINES OF 95% | 
Log S'= 7.8224 - 0.0713 P 
rs Log S"= 7.7151 - 0.0713 P 
fH 20 t 
n 
~ = i 
| 
| 
10 
@ 
; P = T (20 + Log t) X 10° = Fig. 3—Master-rupture graphs for He | 
1049 alloy showing line of minimum | 
rot ioeu 1600 1700 1800 deviation and the 95 pct confidence band. | 
TEMPERATURE (F) FOR 100-HOUR RUPTURE LIFE | 
VACUUM + ARGON-CAST | 
100 
90 ==: = | 
80 [LINES OF MINIMUM DEVIATION 
70 Log S = 4.7795 - 0.0062 (P- | 
_~ 60 ; Log S = 7.9245 - 0.0751 P 
S ERE 
Log S'= 7.9650 - 0.0751 P 
90 Log S"= "7.8840 - 0.0751 P 
m 
rt ™s 
10 


P = T (20 + Log t) X 107° 


1350 1500 1600 1700 1800 
TEMPERATURE (F) FOR 100-HOUR RUPTURE LIFE 


melted and cast in vacuum. 200, and 400 hr. In the intermittent tests the speci- 
C) Oxidation Test Data—Intermittent and constant- mens were exposed to air at 2000°F for 30 min and 
temperature oxidation tests were included in this to air at room temperature for 30 min alternately 
program. In the constant-temperature tests the for approximately 100, 200, and 400 hr. Cast plates 
specimens were exposed to air at 2000°F for 100, 2 by 5 by 1/4 in. were surface ground on both sides 


Table 1V. The Effect of the Melting and Casting Practice on the 100-hr Rupture Strength and the Elongation of the Alloys under Investigation 


Temperature (°F) 


1350 1500 1600 1700 1800 
Average Average Average Average Average 
Stress, Elong., Pct Stress, Elong., Pct Stress, Elong., Pct Stress, Elong., Pct Stress, Elong., Pct 
Alloy Casting Process Psi In. per In, Psi In. per In. Psi In, per In, Psi In. per In, Psi In. per In. | 
Stellite 31 Air 43,300 13.0 25,500 17.7 17,900 9.1 12,700 10.1 8,900 10.6 
Stellite 31 Vacuum + Argon 42,500 17.9 26,300 26.8 19,200 14,2 14,100 1225 10,300 13.4 | 
He 1049 Air 60,000 4.0 49,500 8.8 34,400 11.9 24,000 9.3 16,600 RY! | 
He 1049 Vacuum + Argon 59,500 4.2 48,800 18.7 33,200 23.2 22,800 26.5 15,500 28.9 | 
Udimet 500 Vacuum+ Zr&B 73,500 4.5 51,300 8.8 35,700 9,9 22,800 15=5 13,200 19.9 
Udimet 500 Vacuum 61,000 Mi 43,800 2S 31,500 4.8 20,800 etl 12,500 11.3 | 
Guy Alloy Argon 68,000 3.9 48,000 8.0 33,600 10.7 21,400 10.0 12,500 1 
Guy Alloy Vacuum 70,500 4.8 45,000 8.1 30,000 9.4 19,800 12.4 13,200 ioe 
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to approximately 3/16 in. Specimens 1 by 3/8 in. The extent of oxidation was measured by the gain 
were then cut, surface ground on all faces, deburred, of weight after definite times of exposure. The 
and numbered. The specimens were carefully meas- specimens were placed in weighed crucibles to col- 
ured, solvent cleaned, and weighed before exposure lect the oxide scaled off by spalling during the test. 
to the oxidizing environment. The crucibles were covered during the exposure in 


Table V. The Effect of the Melting and Casting Process on the Oxidation Resistance of the Alloys 
under Investigation in Weight Gain in Mg per Sq In. for 100, 200, and 400 Hr 


Constant Temperature* Intermittent** 

Alloy Casting Process 100 200 400 100 200 400 
He 1049 37:3 59.5 318 51.9 108:5 
Udimet 500 15.0 19.0 21.7 16. 27.2 "60.1 


*Constant temperature — exposure to air at 2000°F. 
**Intermittent exposure to air at 2000°F and room temperature on a 1-hr cycle. 
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Fig. 5—Master-rupture graph for Guy 
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the intermittent test. In the constant-temperature 
test the crucibles were open during the exposure but 
were covered before removing from the furnace. In 
this test a small flow of air was maintained through 
the furnace to prevent oxygen depletion during the 
test. In the intermittent test the same specimens 
were returned to the furnace after weighing at inter- 
mediate times. The specimens used for the constant- 
temperature test were removed at the designated 
time and were not returned to the furnace. With this 
procedure nine specimens (three for each exposure 
time) of each alloy and casting condition were used 
for the constant-temperature test. Four specimens 
of each alloy and casting condition were used for the 
intermittent oxidation test and were returned to the 
furnace for continuation of the exposure. 

The data obtained from these tests are presented 
in Table V and Fig. 7. The bar graphs are arranged 
for comparison of the effects of the melting condi- 
tions on the gain of weight. From these data the 
following conclusions were derived: 

1) The vacuum argon heat of Stellite 31 showed 
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greater weight gains than the air heat for exposures 
of 100 and 200 hr at constant temperature and for 
all exposure times in the intermittent test. 

2) The air heat of He 1049 showed greater weight 
gain than the vacuum heat for exposure of 400 hr at 
constant temperature and less weight gain for 400-hr 
exposure in the intermittent test. 

3) The Udimet-500 heat with zirconium and boron 
additions showed greater weight gains than the heat 
without the additions for both the constant tempera- 
ture and the intermittent tests for all times of ex- 
posure. 

4) The vacuum heat of Guy alloy gained less 
weight than the argon heat in both tests for all times 
of exposure. The weight gain was exceptionally low 
for the constant-temperature test. 

The micrographs presented in Figs. 8 and 9 show 
the nature of the oxidation by exposure to air at 
2000°F for 400 hr. The cobalt-base alloys showed 
attack of the carbide phase with the oxidation extend- 
ing into the surface of the material and the removal 
of the carbides or decarburization of the surface. 
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Fig. 6—Stress-rupture data showing 100- 
hr rupture strength and average elonga- 
tion for five temperatures. 
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The nickel-base alloys showed considerable varia- 
tion in attack. The Udimet-500 heats with and with- 
out additions showed grain boundary attack. The heat 
with Zr additions showed depletion of constituents at 
the surface. The specimens of Guy alloy prepared 
under argon showed a pitting type of attack in which 
the penetration was greater under oxidation products. 
There was also shown that oxidation products were 
precipitated within the surface of the metal. The 
vacuum-cast heat of Guy alloy did not show this con- 
dition for the constant-temperature test, but both 
heats showed it in the intermittent test. 


CONCLUSIONS 


The data presented on this program showed that 
vacuum melting can be used as an effective tool for 
the improvement of specific properties of some heat- 
resistant alloys. The investigation was limited to a 
single 50-lb heat for each of two casting procedures 
for each alloy under investigation. The improve- 
ments obtained in this investigation were limited to 
those properties of each alloy investigated and did 
not show a general trend with respect to the proper- 
ties affected or as to the magnitude or direction of 
the effect. 

The added cost of vacuum melting of an alloy can 
be justified when and only when the improvement in 
its properties result in longer service life in normal 
applications or when the alloy is rendered suitable 
for applications requiring increased temperature or 
stress conditions. As is usual with most metals, the 
improvement of one property results in a decrease 
in another. The ductility of Stellite 31 was increased 
by vacuum melting but the oxidation resistance was 
decreased. The stress-rupture elongation and the 
constant-temperature oxidation resistance of the He 
1049 were improved by melting in vacuum and cast- 
ing under argon, but the intermittent oxidation re- 
sistance of the specimens of this alloy was greater 
for the material melted and cast in air. The oxida- 
tion resistance of Guy Alloy was definitely improved 
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by melting and casting in vacuum as compared to 
specimens cast in argon. The additions of zirconium 
and boron to vacuum-melted Udimet 500 alloy gave 
increased stress-rupture elongation at all test tem- 
peratures and tensile elongation at 1700°-F but de- 
creased the oxidation resistance appreciably. _ 
From these data, it is evident that each alloy 
should be evaluated for a definite application. All 
properties which have a bearing on the application 
should be investigated under varied casting atmos- 
pheric conditions including vacuum. The improve- 
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Fig. 8 —Oxidation of two cobalt-base alloys by exposure to air at 2000°F for 400 hr. Etched KMnO, + NaOH X100. Re- 


duced approximately 50 pct for reproduction. 


With Zr and B Additions 
Udimet 500 cast in vacuum. Etched FeCl, + H,O, 
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Cast in Argon 
Guy alloy. Etched—alcholic FeCls. 


Fig. 9—Oxidation of two nickel-base alloys by exposure to air at 2000°F for 400 hr. X100. Reduced approximately 50 pct 


for reproduction. 
ments obtained by the use of vacuum will normally 
be relatively small and can thus be justified only for 
specific applications. 

Vacuum melting must be accompanied with good 
foundry practice and alloy control to obtain even 
these improvements. 
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A recent article by Chernock, Singer, Mueller, and 
Beck’ which supports the use of the integral of 
ZI sin ¢ d@ for comparing fiber texture data does not 
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Technical Note 


settle what happens to / sin ¢ as ¢ approaches zero, 
where J is the diffraction intensity for poles oriented 
@ deg from the fiber axis. They indicate that they be- 
lieve that it should approach some constant value 
(that is, J increases without bound) and the fact that 
in reality it does not was a result of the diffraction 
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aperture’s not being small compared to ¢. Actually, 
the condition under which the divergence of the dif- 
fraction geometry will cause appreciable error; that 
is, a flattening of the peaks, is when the width of the 
peaks (at half intensity) approaches the angle of 
divergence for diffraction, a condition not connected 
with the value of ¢. In this kind of work such a con- 
dition probably never arises in that the minimum 
widths of peaks is about 10 deg while the divergence 
probably never exceeds 1 deg, a difference which is 
so great that this effect can certainly be ignored. 
Actually this sin $ term is of geometric origin, re- 
sulting simply from the integration of J through a 
region of solid angle representing each component of 


interest. Since rotational symmetry exists around — 


the fiber direction for a true fiber texture this in- 
tegration is simply carried out by integrating 

271 sin ¢ through the desired range of ¢. Thus, 

I sin @ becomes zero simply because there is no 
element of solid angle associable with a point. It is 
possible to entirely avoid this conceptual difficulty 
by plotting J vs cos ¢ to carry out this integration 
in which case no such problem arises. This is pos- 
sible since d cos ¢ = — sin ¢ d@ (the sign difference 
is of no consequence since the integral is considered 
positive in any case). Such a plot, however, can be 
more awkward that J sin dvs @¢. 

Mueller, Chernock, and Beck’ have recently con- 
tested the use of inverse pole figures for sheet 
textures. In an inverse pole figure the distribution 
of a physical direction (as the rolling direction) is” 
represented with respect to the crystallographic 
directions. They contend that such figures cannot 
completely represent such textures of lower sym- 
metry and are no better than the conventional pole 
figures. In the strictest sense, they are correct 
about such figures’ not being entirely adequate in 
that actually a three-dimensional figure (three in- 
dependent angles instead of two for inverse pole 
figures) is required to completely represent the dis- 
tribution of orientations between physical directions 
and lattice directions, a conclusion which is gener- 
ally known. In practice, however, this need not be 
true since one is normally dealing with a rather 
specialized situation where at most only a few pos- 
sible orientations are significantly populated and one 
is interested in knowing what they are, the amount of 
material associated with each, and its average spread 
around this orientation. Inverse pole figures are 
capable of handling this situation very satisfactorily. 
Basically, the problem which can arise is to be sure 
that one knows when two or more components have a 
common direction. But assuming that the textures 
are reasonably sharp, as normally is the case, and 
that the number of components is not too large, say 
no more than four or five, separation should not 
prove difficult in that the three directions must be 
orthogonal for each component, and a comparison of 
the volumes associated with each peak can show when 
two components have a common direction. It seems 
almost certain that such figures will always repre- 
sent sheet textures better than conventional pole 
figures contrary to the conclusion of the above 
authors. 

They contended that the data for brass which was 
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represented in this fashion® was not in good agree- 
ment with that obtained by conventional techniques. 
This is an over-simplification of the facts. The 
brass sample which was so represented had been 
rolled less than a 5 to 1 reduction and consequently 
did not show a very well-developed texture. Never- 
theless, three components were found to be present. 
One of these agreed exactly with the data of Hu, 
Sperry, and Beck* on brass deformed about 25 to 1. 
A second component would explain certain areas of 
Significant diffraction in this data and also in the ~ 
similar data of Merilini and Beck® and so one must 
conclude that this component was presumably pre- 
sent in their data but was not identified by standard 
techniques. The third texture was not found in the 
more heavily reduced samples and hence one con- 
cludes that it is either part of the still-present initial 
orientation or is an intermediate orientation which is 
disappearing. 

Recently, Cullity and Freda® presented methods of 
sample preparation which reduces the preparation 
time for fiber texture samples. Any method which 
can significantly reduce the time required for tex- 
ture determination is certainly welcome, but care 
must be exercised to insure that the method provides 
the desired information. When examining the surface 
of rods recognition must be made of the fact that the 
surface textures are different than inside, generally 
lacking radial symmetry. Consequently, one would 
not expect to obtain the true fiber texture unless this 
surface layer were removed. Their data suggests 
that this occurred in their case, for the intensity of 
the (222) reflection at ¢ = 0 is very much too small in 
comparison to that at @ = 70 deg as deduced from a 
I sin ¢ integration and this could have resulted from 
a lack of randomness of the surface material around 
the fiber axis. If one had estimated the relative 
amount of the two components from this peak at 
@ = 0, one decides that the [100] component is stronger 
than the [111] in direct contrast to their conclusion. 


-Their method of comparing the J sin ¢ integral for 


the sample and a random sample does not insure that 
the proper analysis has been made sin¢e the use of 

I sin @ depends upon the existence of randomness 
around the fiber axis, the condition which is expected 
not to exist at the surface. It might be noted that es- 
sentially the same geometry had been used by Swalin 
and Geisler’ for neutron diffraction very successfully, 
but in this case the sample is very transparent and 
one examines a sampling which will appear as a 
fiber texture regardless of departures from random- 
ness at the surface. 
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Phase Changes in Precipitation Hardening 


Nickel-Chromium-lron Alloys during 


Prolonged Heating 


Microstructural changes have been studied in two commer- 
cial high-temperature alloys: Inconel ‘‘X’’ and Incoloy ‘‘901.’’ 
Use has been made of X-ray and electron diffraction, electron 
microscopy, and the electron probe microanalyzer data. During 
protracted creep-rupture tests, precipitation phases have been 
observed to undergo marked changes. Equilibrium structure was 
not attained at 1500°F after 35,000 hr, during which time the 


principal age-hardening phase changed from face-centered cubic 
to hexagonal. Possible mechanisms for the transformation are 


discussed. 


Tue purpose of this investigation was to study mi- 
crostructural changes that take place in a commer- 
cial nickel-chromium-iron alloy, such as Incoloy 
*“901,’’ over long periods of time at temperatures up 
to 1350°F and to correlate such changes with creep- 
rupture properties: of the alloy. In the course of the 
investigation, some microstructural changes were 
observed which correspond to microstructural alter- 
ations found in previous studies of Inconel ‘‘X.’’ Mi- 
crostructural phases have been identified in both 
alloys with the aid of electron and X-ray diffraction 
and an electron probe microanalyzer. 

The materials used in this investigation were from 
commercial heats of the following chemical compo- 
sition: 

Pct Cr Pct Ni Pct Mo Pct Fe Pct Cb 


Incoloy ‘‘901’’ 12.51 43.67 0.72 Bal. - 
Inconel ‘‘X’’ 14.81 73.44 6.61. 1.02 
Pct: 
Incoloy ‘49017 0.10 2.46 0.46 0.24 0.05 
Inconel.**X°” 0.70 2.43 0.51 0.36 0.04 


Long-term creep-rupture tests were conducted on 
Incoloy ‘‘901’’ at temperatures of 1000°, 1200°, and 
1350°F. A summary of these results is shown in 
Table I along with the results of a long-term creep- 
rupture test conducted on Inconel ‘‘X’’ at 1500°F. 
The heat treatments given the specimens are also 
shown in Table I. 

When the creep-rupture results on Incoloy ‘‘901”’ 
are compared with shorter-term data, there is no 
evidence of any undue deterioration of the creep- 
rupture strength with time, nor is the elongation de- 
creased more than would be expected from the in- 
fluence of time alone. 


C. C. Clark 
J. S. lwanski 


INCOLOY ‘‘901’? PHASE IDENTIFICATION 


Microscopic examination of the Incoloy ‘‘901’’ 
specimens reveals a dark etching grain boundary 
constituent in the specimen which was under test for 
about 11,500 hr at 1000°F. This grain boundary con- 
stituent was seen to increase in size as the test 
temperature was increased to 1200° and 1350°F, 
Figs. 1, 2, and 3. Simultaneously, an acicular struc- 
ture of definite crystallographic orientation appears 
within the grains of the 1350°F specimen, Fig. 3. 
Under examination with the electron microscope, a 
fine precipitate is observed in the 1200°F specimen, 
Fig. 4. It becomes considerably larger in the 2850- 
hr 1350°F specimen, Fig. 5. In a few areas the pre- 
cipitated particles have been replaced by, or trans- 
formed to, small needles or platelets. After 7380 hr 
at 1350°F, Figs. 3 and 6, the needles are much 
larger and have replaced nearly all of the fine pre- 
cipitate. 

X-ray diffraction studies detected the presence of 
hexagonal Laves phase and hexagonal 7 phase (Ni;Ti) 
in the 1350°F specimens, Table II. Only the Laves 


phase was detected by X-ray diffraction in the 1200°F 


Specimen and none was detected in the 1000°F speci- 
men. In this latter specimen, however, the small 
quantity of precipitate in the grain boundaries (pre- 
sumed to be Laves phase) precludes its detection by 
X-ray diffraction. Composition of the hexagonal 
Laves phase is not yet known, although its diffraction 


Table 1. Summary of Creep-Rupture Data 
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Nickel Co., Inc., Bayonne, N. J., is presently Metallurgist with Inter- 
national Nickel Co., Inc., New York City, N. Y. J. S. IWANSKI, Member 
AIME, is Research Metallurgist, International Nickel Co., Inc., Bayonne, 
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Test Rupture Elonga- 

Temp., Stress, Life, tion in RA, 
Material °F Psi Hr 4In.Pct Pct Remarks 
Incoloy 901 1000* 95.000 11.428 L5 8.3. Fracture at 

punch mark 

Incoloy 901 1200** 48,000 10,180 9.0 14.5 
Incoloy 901 1350** 25,000 2,850 34.3 - 
Incoloy 901 1350** 20,000 7,380 19.0 - 
Inconel X 1500*** 5,000:%) 35,250 


Heat Treatment: * 1900°F/16 hr/AC + 1300°F/20 hr/AC 
** 2050°F/2 hr/OQ + 1300°F/20 hr/AC 
*** 2100°F/4 hr/AC + 1550°F/24 hr/AC + 

1300°F/20 hr/AC 
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Fig. 1—Grain boundary Laves phase in 
Incoloy “901” creep-rupture specimen 
in test for 11,428 hr at 1000°F. The 
large grain boundary globules are 
probably carbides. Etchant: Glyceregia. 
X1000. Reduced approximately 38 pct 
for reproduction. 


pattern is similar to the one reported for Fe,Mo, 
Table II. Observations with an electron probe micro- 
analyzer,’ however, have revealed that in compari- 
son with the matrix, the Laves phase is enriched in 
molybdenum, severely depleted in iron, slightly de- 
pleted in chromium, and of about the same nickel 
content. Probably it is of the M,Mo type, where M 
denotes nickel, iron, and chromium. Precipitation of 
Laves phase in the grain boundaries is relatively 
rapid; it can be detected by X-ray diffraction in un- 
stressed specimens held only 115 hr at 1350°F and 
observed microscopically as broadened grain bound- 
aries after heat treatment. 

There is an insufficient quantity of the fine globu- 
lar precipitate in the specimen shown in Fig. 4 to 
give a strong X-ray pattern. However, electron 
diffraction studies of some of the precipitate ex- 
tracted from the matrix”’® identified it as a face- 
centered-cubic material with about the same lattice 
parameter as the matrix. It is believed to be of the 
y' type Ni,(Al, Ti), but the absence of superlattice 
lines (seldom observed with electron diffraction) 
precludes its positive identification as the y’ phase. 

It is difficult to believe that so much y’ precipi- 
tate could form in a material which contains only 


= 
Fig. 4—Electronmicrograph of Incoloy “901” after 10,180 
hr at 1200°F showing the grain boundary Laves phase and 
fine face-centered-cubic precipitate throughout the grains. 
Etchant: Glyceregia. X5000. Reduced approximately 47 pct 
for reproduction. 
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Fig. 2—Grain boundary Laves phase in 
Incoloy “901” creep-rupture specimen 
in test for 10, 180 hr at 1200°F. Etch- 
ant: Glyceregia. X1000. Reduced ap- 
proximately 38 pct for reproduction. 


Fig. 3—Grain boundary Laves phase 
and crystallographically related acic- 
ular precipitate in Incoloy “901” 
creep-rupture specimen in test for 
7380 hr at 1350°F. Etchant: Glyceregia. 
X1000. Reduced approximately 38 pct 
for reproduction. 


0.10 pet Al. Taylor and Floyd* have shown that up to 
about 60 pct of the Al in y’ phase can be replaced by 
titanium. Even allowing for this substitution, one can 
account for only about 2 pct precipitate by volume, 
whereas 6 to 8 pct is present in the material shown 
in Fig. 5. This discrepancy suggests that we have 
encountered an unstable nickel-titanium face-cen- 
tered-cubic precipitate, possibly nucleated by the 
prior formation of y’ (Ni,Al). The existence of such 
an unstable nickel-titanium phase is suggested by 
Biickle et al.° These particles, which are coherent 
with the matrix, grow to a critical size as face-cen- 
tered-cubic crystals at which point they become un- 
stable and hence transform to hexagonal 7. Subse- 


Table Il. X-Ray Diffraction Pattern of Incoloy ‘‘901’’ 
> after 2850 Hr at 1350°F? 


Estimated 
d(Obs)* Intensity d(Ni,Ti)? d(Fe,Mo)* Akl 10 
4.39 100 10 
3.90 101 10 
2.587 MW 2.575° 003 
2.548 W 2.56 110 10 
2.377 MW 2.369 110 56 
2.182 MW 2.180 103. 100 
2.13 201 50 
2.078* Ss 2.07 004 50 
2.053 200 16 
2.026 MW 2.020 112 93 
1.991 M 1.984 201 68 
1.954 1.95 202 100 
1.825 vw 1.83° 113 1.813 202 3 
1.80* VW 
1.729 M W72 203 20 
1.54 122 10 
1.51 204 20 
1.369 300 9 
1.329 W 1.330 205 20 1.329 213 50 
1.291 302 20 
1.276* M 1.276 220 50 
1.245 VW 1.235 205 20 
Teas M ns 206 20 1.186 220 16 
1.095 401 10 
1.087* ° M 1.087 224 50 1.093 312 5 
1.068 MW 1.068 402 50 
1.046* Vw 1.046 207 20 1.042 313 15 


lSpecimen etched 72 hr in Picral + HCl. 
2Cobalt radiation, iron-filtered. 
3Data from ASTM Index Card No. 5-0723. 
4Data from Ref. 8. 
5Calculated from the following a, and C, parameters: 
Ni,Ti a, = 5.093 A Fe,Mo a,=4.74A 
C, = 8.276 Go = 7.726 


*Diffraction lines from matrix. 
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Fig. 5—Incoloy *901” after 2850 hr at 1350°F. Some of the 
face-centered-cubic precipitate has transformed to hexa- 
gonal 7 phase. Etchant: Glyceregia. X5000. Reduced ap- 
proximately 47 pct for reproduction. 


quent growth then occurs in the 7 needles or platelets. 
Microscopic examination of specimens heated var- 
ious lengths of time at 1350°F indicates that trans- 
formation of face-centered-cubic to 7 phase begins in 
about 1500 hr. From consideration of the structure 
shown in Fig. 6 it is estimated that transformation 
would be nearly complete after about 10,000 hr at 
this temperature. 


INCONEL ‘‘X’’? PHASE IDENTIFICATION 


Transformation of face-centered-cubic phase to 
hexagonal 7) phase is not confined to precipitation 
hardening alloys of low aluminum content. It has al- 
so been observed in Inconel ‘‘X.’’ In this alloy, the 
fine precipitate has been identified as y’ , but its 
transformation to 7 phase is much more sluggish 
than in Incoloy ‘‘901.’’ Only a few 7 ‘‘needles’’ have 
been observed after 10,000 hr at 1350°F. Even after 
35,000 hr at 1500°F, Fig. 7, the precipitate in the 
microstructure is predominately y’ phase with some 
mn phase ‘‘needles’’ extending from grain boundaries. 
In Fig. 8, and other electron micrographs not shown, 


Fig. 7—Structure of Inconel “X” after 35,000 hr creep- 
rupture test at 1500°F. An appreciable quantity of acic- 
ular 7 has formed leaving areas adjacent to the needles 
devoid of y’ phase. Etchant: Glyceregia. X500. Reduced 
approximately 6 pct for reproduction. 
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Fig. 6—Incoloy “901” after 7380 hr at 1350°F. Virtually 
all the face-centered-cubic precipitate has transformed to 
hexagonal 7 phase. Etchant: Glyceregia. X5000. Reduced 
approximately 47 pct for reproduction. 


the ‘‘needles’’ appear to be growing in their [00.1] 
direction through the (111) planes of the y’ precipi- 
tate. In other words, the close-packed (111) planes of 
the face-centered-cublic lattice become the close- 
packed (00.1) planes in the hexagonal lattice. 
Observations made with the electron-probe micro- 
analyzer have shown that the 7 ‘‘needles’’ are im- 
poverished in chromium and enriched in titanium. 
Unfortunately, it was impossible to analyze the 7 
‘‘needles’’ for aluminum on this instrument. 


DISCUSSION 


The fact that 7 phase is usually regarded as a 
stoichiometric compound and, hence, cannot contain 
any aluminum, might account for the Sluggish y’ to 
7 transformation because time would have to be 
allowed for the aluminum to diffuse out of the y’ 
phase into the matrix. However, if such a reaction 
occurred, the aluminum-rich areas adjacent to the 
n ‘‘needles’’ would be expected to reprecipitate y’ 
phase. Since y’ does not reprecipitate adjacent to 


Fig. 8—Electron micrograph of Inconel “X” after 35,000 
hr at 1500°F. Several needles or platelets of 7 phase have 
propagated thrqugh the y’ particles. The round black 
spots are 2540A diam latex balls affixed to the replica. 
Etchant: Electrolytic 2 pet H,SO,. X4000. Reduced ap- 
proximately 47 pct for reproduction. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 
| 
or 
| 


the ‘‘needles,’’ it is suggested that aluminum is re- 
tained in the 7 and that its presence retards the 
transformation of face-centered-cubic y’ to hexago- 
nal 7. This would not be anticipated from the equilib- 
rium diagram work of Taylor and Floyd.* However, 
the phenomenon observed here occurs only after 
thousands of hours, whereas the specimens on which 
the phase diagrams were based were held only 500 hr 
at 1400°F. 

The mechanism of the y’ to 7 transformation is not 
known definitely. Since the areas adjacent to the N 
“nneedles”’ are devoid of y’, it would appear that the 
mechanism is one of dissolution of y’ and reprecipi- 
tation of 7, but there is evidence in Fig. 8 to suggest 
that the transformation occurs by a shear mechanism 
along the (111) planes of the y’ phase. Thisisa — 
likely mode because the face-centered-cubic y’ phase 
could change to a hexagonal structure by sliding 
close-packed atom layers over one another in such a 
way as to change the stacking from ABCABC in the 
face-centered-cubic lattice to ABACABAC in the 
hexagonal 7 lattice.°” Apart from the sliding action 
of atom layers, little change in structure would oc- 


cur because the calculated ‘‘a’’ and ‘‘c’’ parameters 
of the pseudo-hexagonal y’ lattice are almost identi- 
cal with the measured parameters of 7) phase. 
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Solid-Liquid Phase Equilibria in the Pseudo-Binary 


System Bi,Te,-Bi,Se, 


The liquidus and solidus surfaces for the pseudo-binary system 
BioTe3-BiySe3 have been determined by conventional cooling- and 


heating-curve techniques and by a new controlled solidification J.P. McH ugh 
technique. Partition coefficients for Te and Se were also deter- : 
mined. The results of the two methods are in excellent agreement. W.A. Tiller 


Tue majority of liquidus and solidus surfaces in 
phase diagrams have been determined by the con- 
ventional cooling- and heating-curve techniques.” 
These techniques have two main shortcomings: 1) 
the solidus may be in considerable error due to the 
difficulty involved in completely homogenizing the 
solid and 2) the determination of liquidus and solidus 
in more than a two-component system does not en- 
able one to determine tie-lines connecting the 
specific equilibrium solid and liquid compositions. 
However, in a recent paper by one of the authors,”* 
a method was suggested whereby the liquidus and 
solidus surfaces plus tie-lines in an m-component 
system may be determined. This method utilizes a 
controlled solidification technique and assumes that 
interface equilibrium exists during freezing. 

The present work was undertaken with a twofold 
purpose; first, to determine the liquidus and solidus 
lines in the pseudo-binary system BizTe,-Bi,Se, by 
heating- and cooling-curve techniques and, second, 
to determine the partition coefficients of Te and Se 
in the Bi2Te3-.Sex system by controlled solidifica- 
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tion techniques. The two sets of results can be com- 
pared to test the accuracy of the controlled solidifi- 
cation method. 


EXPERIMENTAL 


I— The starting materials for this study were 
99.999 pct Bi, Te, and Se, obtained from the Ameri- 
can Smelting and Refining Co. The compounds 
Bi,Te; and Bi,Se,; were each prepared by melting 
together stoichiometric amounts of the elements, 
followed by twelve zone-refining passes. This pro- 
duced homogeneous bars of the compounds for use 
in the phase-diagram studies. 

The apparatus used to obtain heating and cooling 
curves is illustrated schematically in Fig. 1. The 
alloy samples were located in a graphite crucible 
placed in a stainless steel canister. The canister 
was supported in a heavily lagged pit furnace by a 
device which oscillated the canister about its 
vertical axis at a frequency of about 3 cycles per 


-sec during heating and cooling-curve runs. The 


graphite crucible was designed to minimize the 
thermal coupling of the sample to the furnace. A 
thin graphite sleeve separated the alloy sample from 
the stainless steel tube that housed the thermo- 
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in Cannister 


Fig. 1—Thermal-eanalysis apparatus. 


couple. Heating and cooling curves were obtained 
directly by feeding the thermal electromotive force 
into a Leeds and Northrup AZAR recorder, the 
system being first calibrated by running cooling 
curves on pure metals. The overall reproducibility 
for both heating and cooling curves on the alloy 
samples was a few tenths of a degree. 

The alloy samples were compacts of the zone- 
refined Bi,Te,- Bi,Se, powders, less than 200 mesh 
in ‘size. Comminution by both filing and ball milling 
were tried with equivalent results. All preparatory 
operations were carried out in an atmosphere of 
pure argon, so that at no time did the powdered 
materials come into contact with air. The samples 
in the composition range 0 to 20 pct Bi,Se,; were 
annealed in the furnace at temperatures just below 
the melting point of-BizTe3, while samples in the 
remaining composition range were annealed at 
somewhat higher temperatures. Annealing times of 
12 hr near the ends of the equilibrium diagram and 
3 or 4 hr in the central portion were sufficient to 
produce homogeneous samples. These short anneal- 
ing times may be contrasted with those often re- 
quired for chill cast specimens conventionally used 
in thermal analysis. 

After the annealing period, the samples were 
heated at a rate of 1 or 2 deg per min, with the 
canister oscillating. The thermal arrests on the 
heating curves, Fig. 2(@), showed well-defined 
solidus points. Several cooling curves were run on 
each sample in order to check the reproducibility of 
the thermal arrests corresponding to the liquidus. 
However, only a single valid heating curve could be 
run on each sample. Any attempts to obtain heating 
curves by remelting yielded poorly defined arrests 
and low values for the solidus points, Fig. 2(d). This 
behavior indicates that considerable segregation 


652—~VOLUME 215, AUGUST 1959 


Table |. Thermal-Analysis Data 


Wt Pct Bi,Se, Mole Pct Bi,Se, Solidus Temp. Liquidus Temp. 


0 0 - 586.1 
0 0 - 586.9 
5 6.05 588.4 590.9 
5 6.05 588.6 590.9 
8 9.61 590.4 594.1 
10 11.96 - 597.0 
10 11.96 - 597.6 
15 593.6 605.1 
20 23.41 59932 616.2 
25 28.96 603.3 623.0 
35 39.70 - 636.0 
35 39.70 614.8 635.5 
50 55.01 635.7 652.3 
50 55.01 636.2 652.8 
60 64.72 648.4 661.1 
75 78.58 666.4 675.6 
90 91.67 684.7 690.5 
100 100 - 700.4 


takes place when the melt freezes during a cooling- 
curve run. Long-time anneals at high temperatures 
did not diminish this segregation sufficiently to give 
well-defined heating arrests. The reproducibility of 
the heating curves on the powdered samples was 
checked by running several different samples of a 
given composition. The results of the thermal analy- 
sis are given in Table I. From these data, the 
pseudo-binary equilibrium diagram shown in Fig. 3 
was plotted. 

II—Samples of total weight 100 g, consisting of 
zone-refined Bi,Te, and Bi,Se, in the proper pro- 
portions to give the desired average composition, 
were sealed in evacuated graphite-coated, Vycor 
tubes. The samples were melted in the furnace 
shown in Fig. 4, and then quickly lowered into the 
spiral induction coil which stirred the liquid vigor- 
ously at about 750°C. The stirring could be ob- 
served visually through the graphite coating. The 
upper part of the sample tube was covered with a 
stainless steel susceptor to keep this region hotter 
than the sample below, thereby maintaining a higher 
vapor pressure of the volatile constituents in this 
upper region than in the sample. After complete 


Temperature 


Time 

Fig. 2—Representative heating curves; a) Initial heating 
curve on homogenized sample. b) Heating curve on a 
frozen and remelted sample showing the effects of coring. 
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Fig. 3—Equilibrium diagram for the Bi,Te3-Bi,Se, system. 


mixing of the liquid was assured, the sample was 
lowered at a rate of 2 x 107*cm per sec. 

The resulting bar sample showed considerable 
surface nucleation; however, the body of the bar 
was largely single crystal. The surface grain 
nucleation seemed to be dependent on the nucleation 
of vapor bubbles at the surface, which in turn was 
dependent on the temperature distribution in the 
system. When the temperature distribution con- 
formed to Fig. 5, negligible bubble nucleation oc- 
curred, and therefore only slight surface grain — 
nucleation. The stainless steel sleeve susceptor 
notably aided in the control of vapor bubble nuclea- 
tion, and it also eliminated any vapor deposition in 
the region above the sample. ® 

Sections were cut at regular intervals from these 
bars for both metallographic and chemical analysis. 
From the metallographic analysis, it was deter- 
mined that, if the growth rate was too fast or the 
stirring rate too low, a cellular or dendritic type 
of growth occurred, producing considerable short- 
range segregation in any cross-sectional slice. 

An example of this segregation is shown in Fig. 6(@). 
This segregation was eliminated when the crystals 
were grown ata rate of 2 xX 10°* cm per sec with 
vigorous inductive stirring. A photomicrograph of a 
sample slice grown under these conditions is shown 
in Fig. 6(0). These slices received a lapping treat- 
ment followed by an electrolytic etch in a mixture 

of sodium hydroxide and tartaric acid in water.* 


*50 parts 10 pct NaOH in water, 10 parts 40 pct tartaric acid in water. 


An example of the variation of the concentration of 
Te and Se along an alloy bar, as determined from the 
chemical analyses, is shown in Fig. 7. From such 
plots, the average composition of the melt in equi- 
librium with the solid at any point x along the bar 
during freezing can be calculated. This average 
composition Cs (x’— L) is given by* 


(x) dx (1) 
C3 (x'- L) = (L x’) 


where Cé(x") is the concentration of either Te or Se 
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Fig. 4—Controlled solidification apparatus. 


at the point x’. The partition coefficients, R', for 
these elements at this liquid concentration is given 
by 


The partition coefficients of Te and Se in Bi,Te;., 
Sex were determined in this manner from a number 
of bars of different average compositions. The re- 
sults are plotted in Fig. 8. Given the liquidus curve 
and knowing the k’, the solidus can be immediately 
determined. The solidus calculated by this method 
is shown dotted in Fig. 3. The Rk’ derived from the 
thermal analysis (Method I) and the controlled 
solidification (Method II) are compared in Table II. 


DISCUSSION 


From the metallographic analysis, it was found 
that the experimental conditions were adequate to 
eliminate dendrite formation and, therefore, severe 


Solid Liquid Vapor 


Temperature 


Fig. 5—Temperature distribution in controlled solidifica- 
tion system. 
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C,, (Bi,Se,) K! 
10 18.4 17.4 1.84 1.74 
20 34.6 33.0 1.73 1.65 
30 46.4 44.7 1.55 1.49 
40 55.0 54.0 1.38 1.35 
50 63.6 62.5 a7 1.25 
60 71,3 70.2 1.19 1.17 
70 78.7 77.7 1.12 1.11 
80 86.1 84.8 1.08 1.06 
90 94.0 92.7 1.04 1.03 


Average deviation in K = 2.6 pct. 


lateral segregation. The theoretical treatment’ sug- 
gested that, if dendrites could be eliminated, the 
k‘ should be accurate to within about 1 pct. The 
agreement shown in Table II serves to validate this 
suggestion. 

The determination of k’ as a function of x’ from 
Eqs. [1] and [2] will tend to become inaccurate as 
x’ approaches L; therefore, only Rk’ for x’ < 0.7L 
are plotted in Fig. 8. A possible source of error in 


| | | | | 


| | | | | | 
60° 80 100 120 160 


xmm 


Fig. 7—A representative plot of composition vs distance 
along bar for an alloy sample frozen slowly from one end. 
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Fig. 6—Photomicrographs of 
Bi,Te,.4Se9.g samples grown at a 

rate of 2 x 10-4.cm per sec. a) Melt 
inadequately stirred; pronounced seg- 
regation. b) Melt adequately stirred; 
segregation absent. X50. Reduced ap- 
proximately 23 pet for reproduction. 


this work arises from the use of zone-refined com- 
pounds as starting materials. It has been reported 


that the maximum melting temperature in the vicinity 


of Bi,Te, composition occurs at a point which is off- 
stoichiometry, so that the zone-refined material may 
be about 0.1 at. pct deficient in Te.* The same situa- 
tion may hold true for the zone-refined Bi,Se,. How- 
ever, this should not introduce any serious error, 
and any error it may introduce is indistinguishable 
from errors in the chemical analyses. Another 
possible source of error might arise from the fact 
that the heating and cooling curves were run with 
samples in a sealed canister, so that the pressure 
inside the canister at the temperature of the melt- 
ing and freezing points was about 3 atm. It was 
found that such a pressure kept vapor deposition at 
insignificant level. This point was checked, how- 
ever, on samples where the pressure was 1 atm at 
the freezing points, and no apparent difference in 
the freezing temperatures was observed. 

It should be noted that the discrepancy between 
the solidus lines derived by the two methods lies 
in the right direction. Imperfect stirring in the 
controlled solidification method would tend to give 
low values for the k**, and the calculated solidus 
would therefore be somewhat high, while imper- 
fect homogenization of the samples used for the 
thermal analysis would yield a somewhat low 
solidus. It is expected that further improvements 
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K*® -Samples 4,5,7 
KS®-Sample 3 = 
v KS® -Sample 6 zi 
o K™ -Samples 2-7 
2] 
4 
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ad 
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Cs 
Fig. 8—Partition coefficients for Se (upper curve) and Te 
(lower curve) in Bi, Tes_,Se,. 
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in the techniques will make the discrepancies be- 
tween the two methods even smaller. 

Finally, Since the value of k for Bi was unity to 
within experimental error for all samples, this 
system is, in fact, a pseudo-binary system. 


CONCLUSIONS 


The liquidus and solidus surfaces in the Bi,Te,- 
Bi2Se; pseudo-binary system have been accurately 
determined, along with the partition coefficients of 
Te and Se. The controlled solidification technique” 
has been shown to give valid results in this three- 


component system, and should therefore be appli- 
cable to the general m-component system. 
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The Association of Oxygen Atoms in Interstitial 


Solid Solution in Tantalum 


M echanical relaxation data are interpreted to show that an 
equilibrium exists in interstitial solid solutions of tantalum be- 
tween groupings of two oxygen atoms and those oxygen atoms 


which are not so bound together. Thus 


20 (Ta solid solution) ~~ O, (Ta solid solution) 


Over a range of concentration, only pairwise interactions need 


R. W. Powers 


be considered, At 76°C, the standard free-energy change for 


_the reaction above is —2.5 kcal. 


The solution of a diatomic gas such as O, or Nz, ina 
metal usually follows Sieverts’ law; 7.e., 


C = K,p1/2 

Here C is the solute concentration at equilibrium and 
P, the gas pressure. The proportionality constant Ks 
is also the equilibrium constant for the reaction 


1/2 O, (at pressure, P) — O (in solution at 


[2] 


to use oxygen as an illustrative gas. Sieverts’ law is 
therefore interpreted to indicate that diatomic gases 
go into metallic solution atomically and that the 
solute ‘‘gas’’ atoms interact negligibly with each 
other. Of course, this interpretation is strictly valid 
only over the temperature interval in which the re- 
action indicated in [2] can be investigated. At tem- 
peratures several hundreds of degrees below this in- 
terval, the possibility of interactions between solute 
atoms is conceivable. 

Indeed, from internal-friction measurements some 
evidence for the existence of groupings of oxygen 
atoms in tantalum solid solutions was presented a 
few years ago.”* Over a range of solute concentra- 
tion, the experimental oxygen internal-friction peak 
in tantalum, measured as a function of temperature 
at constant frequency of vibration, can be described 
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concentration, C), 
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as the sum of two elemental peaks, each correspond- 
ing to a Separate relaxation process. At 0.7 cps, the 
height of the elemental peak found at 137°C is pro- 
portional to the oxygen content, whereas the height 
of the one at 162°C varies as the square of the oxy- 
gen concentration. The 137°C peak was presumed to 
arise from the stress-induced ordering of oxygen 


~ atoms among various classes of octahedral sites in 


the manner proposed by Snoek.* The 162°C peak was 
attributed to a somewhat similar stress-induced 
ordering process, in which each oxygen atom was 
interacting with a neighboring oxygen atom. Simi- 
larly, the experimental peak due to nitrogen in tanta- 
lum can also be described as the sum of two peaks. 
The height of one varies as the nitrogen concentra- 
tion and the other as the square of this quantity. In 
fact, some evidence of solute interactions exist for 
all oxygen and nitrogen solid solutions of Group V 


transition metals. 
However, the interaction energy was not obtained 


previously for any alloy. The determination of this 
quantity, as a part of a more intensive study of the 
interaction between oxygen atoms in solid solution in 
tantalum, is reported in this paper. 


PRINCIPLE OF THE EXPERIMENT 


Consider an equilibrium in a solid solution of tan- 
talum between oxygen atoms which are bound to- 
gether pairwise and those solute oxygen atoms which 
are not so associated. 


20 (Ta) ~~ O, (Ta) [3] 
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The equilibrium constant for the reaction written 
above is 

[4] 

[oy 

where the bracketed quantities indicate concentra- 
tions. Strictly, of course, the appropriate activities 
rather than concentrations should be used in [4]. 
However, since we shall show later that K is inde- 
pendent of concentration, we are justified in using 
concentrations. Since the standard Gibbs free-energy 
change for the chemical reaction indicated by Eq. [3] 
is given by the expression, 


AG® = - RT In K; [5] 


the problem of determining the binding free energy 
reduces to one of measuring at some temperature, 

T, the concentration of associated solute atoms vs the 
concentration of those which are not associated. 
Moreover if AG% can be determined as a function of 
temperature, the enthalpy change for the reaction 
written in [3] can also be calculated. 

Torsional elastic after-effect measurements have 
been used for the most part to obtain these concen- 
trations. A tantalum wire specimen containing a 
known amount of oxygen was inserted in an apparatus 
yet to be described at some fixed temperature, T. It 
was twisted through a definite angle and held in this 
position for a long time. On release of the torque, 
the strain, as measured by the angle of twist in the 
wire, does not return immediately to its initial value. 
Rather, a part which can be considered as the purely 
elastic component of the strain disappears at once, 
and the remainder vanishes only after a period of 
time. 

The total relaxation is viewed as the sum of two 
separate relaxations. The component relaxation 
strengths A, and A, (where A, + 4,=A,, the total 
relaxation strength) have separate relaxation times 
T, and 72. Thus the fraction, F,, of the time-depen- 
dent strain remaining to be relaxed at some time, f, 
is 
-t 

The last term in the equation above is identified with 
the interaction relaxation process; that is, with the 
stress-induced ordering of oxygen atoms, each of 
which is associated with a neighboring oxygen atom. 
The first term pertains to the normal relaxation 
process; 7.e., to the stress-induced ordering of oxy- 
gen atoms that are not associated. Each relaxation 
process involves two parameters, 7 and A. 

The relaxation time, 7, is the time required for 
the process to go (1- 1/e)th of the way to completion. 
At some fixed temperature, this parameter can be 
considered as a label which identifies a relaxation 
process or species taking part in a relaxation. 

T changes rapidly, though, with temperature, its 
variation being well described by the exponential 
relationship, T = 7) exp (E/RT). 

The other parameter, A, the relaxation strength, 
has a thermodynamic character. It is defined as the 

.vatio of the total amount of time-dependent strain, 
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accompanying a particular relaxation process, to the 
elastic strain. For all the work reported in this 
paper, it is strictly independent of the stress level 
employed. Thus the phenomena are anelastic in 
Zener’s terminology.* The present importance of 
the relaxation strength is that it is proportional to 
the concentration of solute atoms taking part in the 
particular relaxation process. 


Thus: 4; = [7a] 
and A, = 2R,(0,] 


R, is the relaxation strength per atom fraction of 
oxygen atoms that are not associated while R, is the 
relaxation strength per atom fraction of associated 
oxygen atoms. Expression [7a] has been confirmed 
experimentally in a large number of alloy systems. 
At low solute concentrations where A, is small com- 
pared with A,, the total relaxation strength, A, , 
varies in proportion to the solute concentration.” The 
justification of [7b] rests ultimately with the results 
obtained by the use of this assumption. 

Eqs. [7a] and [7b] imply that the factors, apart 
from concentration, on which the relaxation strength 
depends, do not vary from specimen to specimen. 
However, Since the relaxation strength is also a 
function of the relative orientation of the principal 
crystallographic axes and the specimen axis, small 
variations in ‘‘texture’’ of polycrystalline specimens 
will lead to small differences in R, and R, values 
from one specimen to another. 

When Eqs. [7a] and [7b] are substituted into [4], the 
expression for the equilibrium constant in terms of 
operational variables becomes 


2 
| A? [8] 
\ Ne INLET 
9 Pp 
q q 
d Np EXIT HOLES 
HEATER WINDING—~q7 
THERMOCOUPLES—4}-~ 
SPECIMEN 
q 
Q 


2. 


Fig. 1—Elastic 
after-effect 
apparatus. 43 
q 
q 3 
TWIST ROD— 
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That part of the expression for K in brackets can be 
obtained exclusively from relaxation experiments. 
On the other hand, values for R, and R, require, in 
addition, knowledge of C, the oxygen concentration in 
the specimen. We may write 


C = [0] + 2 [02] [9] 


When Eqs. [7a] and [7b] are inserted into [9], there 
results 
1 


) 
If for a number of specimens the ratio of the oxygen 
concentration to the total relaxation strengh, C/A,;, 
is plotted vs that fraction of the relaxation that pro-— 
ceeds by the interaction process, A2/A; , the ordi- 
nate intercept corresponds to the reciprocal of R,. 
The slope gives the difference of the reciprocals of 
R, and R,. 

The standard enthalpy change, AH@, accompanying 
the formation of oxygen pairs is given by the expres- 


sion 
/1 


In terms of working variables, [11] converts to 


A, 1 ASS 2R> 
TAi R R can 
Thus, if A, and A; are known as functions of tem- 
perature for a specimen, AHé can be obtained from 
the slope of a plot of In (A,/TA‘) vs (1/T), provided 
the terms in brackets are independent of tempera- 
ture. The standard entropy change, AS? , is assumed 
to be independent of temperature. From the theoreti- 
cal work of Polder,’ as well as from a limited amount 
of experimental work of our own, R, is known to vary 
inversely as the absolute temperature. 


[10] 


AS? 
R 


[11] 


Ine 


In 


[12] 


Thus [13a] 


If the temperature variation of R; is assumed to be 
the same as for 

Although [13b] is not likely to be in serious error, it, 
as well as [7b], cannot be justified in any independent 
manner. From [13a] and [13b], it follows that 
(2R,/TR{) is independent of temperature. 

If it is valid to speak of associated oxygen atom 
pairs in solid solution in equilibrium with unassoci- 
ated atoms, then three features ought to characterize 
the data. First, for a series of specimens covering 
a range of oxygen concentrations, Eq. [6] should be 
a good description of the experimental facts: two 
relaxation processes should suffice to fit the data. 
Secondly, if the relaxation time, 7,, is to be uniquely. 
identified with the relaxation of associated oxygen 
atoms, then its value at constant temperature should 
be independent of the oxygen concentration, C. 7 
has been shown previously to have a very repro- 
ducible value.® Thirdly, the law of mass action 
should hold. The value of K from Eq. [8] should be 
constant over a range of concentration. 


Ry 
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MATERIALS AND APPARATUS 


Before examining experimental data to determine 
how well such conditions are satisfied, the materials 
and apparatus used in this study will be described. 

The specimens were 30-mil-diam tantalum wires 
purchased from the Fansteel Metallurgical Corp. 


_ This firm gives the following analyses as typical: 
_metallic impurities, less than 0.16 pct; C, 0.003 pct; 


_O, 0.010 pct; and N, less than 0.01 pct. Each speci- 
“men was evacuated at 2500°C for 8 to 12 hr ata 
pressure near 10° mm of Hg to remove interstitial 
impurities. Oxygen was subsequently added back to 
the evacuated specimens in known quantities using a 
volumetric technique. The details of this procedure 
have been described elsewhere.” Evidence has been 
presented previously that with tantalum specimens 
from the present source, prepared as outlined, the 
sole source of dispersion of relaxation times arises 
from interactions between the oxygen atoms.° With- 
out assurance of this sort, the present study would 
not have been feasible. A specimen, after treatment 
as described above, was inserted in an after-effect 
apparatus illustrated schematically in Fig. 1. 


This equipment is essentially a vertical tube fur- 
nace. Its 25-in.-long center section is made of 
3/4-in. ID copper pipe with a 1/4-in. wall. To re- 
duce end losses, the end sections were made of 
2 1/2-in. lengths of stainless steel, 3/4 in. OD witha 
20-mil wall. A 100-ft length of No. 20 asbestos- 
covered chromel wire serves as a heater winding. 
The furnace is insulated with a Fiberglas blanket 
covered with aluminum foil. To reduce the effect 
of building vibration, it is mounted on a heavy steel 
plate which in turn rests on a piece of Styrofoam. 
The furnace is protected from air drafts by a 
simple housing. 


The specimen, about 12 in. long, is mounted in 
the center of this furnace. It is gripped rigidly at 
its upper end. Its lower end is attached to a rod 


—- that extends outside the bottom of the furnace. To 


this rod are attached a mirror-and-lens holder, a 
damper, and twist rods. Light from a single fila- 
ment lamp is reflected from the mirror-lens ar- 
rangement onto graduated scales so that the angle 
through which the specimen is twisted may be 
measured. The damper consists of four vertical 
vanes which dip into a beaker of viscous oil. At the 
beginning of a run, this damper rapidly dissipates 
the energy associated with the purely elastic part 
of the deformation. The twist rods are of soft iron. 
Their attraction to two energized electromagnets 
is the means by which the wire specimen is kept 
twisted prior to a run. 

The temperature is followed by means of two 
calibrated chromel-alumel thermocouples. One is 
attached to the upper grip, and the second hangs free 
opposite the lower grip. Nitrogen is led into the 
furnace through the thin-walled stainless steel tube 
that forms part of the upper grip assembly. The rate 
of flow is so adjusted that these two thermocouples 
read within 0.1 deg of each other. The furnace 
temperature is controlled such that these cali- 
brated thermocouples seldom vary by more than 
0.1 deg during a run. Such control is maintained by 
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PATH I 


ANGLE OF TWIST OR STRAIN 


€ HEAT TO 


0 
TIME, 


Fig. 2—Schematic of experimental operations. 


a Speedomax controller, operating as part of a 
simple ‘‘off-on’’ circuit. A third thermocouple at- 
tached to the furnace winding actuates the controller. 

In order to study the temperature dependence of 
the interaction between oxygen atoms, the after- 
effect measurements were supplemented by a few 
internal-friction experiments. These were made in 
a torsion pendulum of the kind described by Ke.°® 


EXPERIMENTAL PROCEDURE AND DATA-REDUC- 
TION TECHNIQUES 


The operations in carrying out an after-effect ex- 
periment are illustrated schematically in Fig. 2. 
The specimen is held twisted for a long period of 
time compared to the relaxation times involved, 
following either path I or path II on the figure. The 
hold times used were about 3 hr at 76°C and 30 hr at 
55°C. On releasing the specimen at time zero the 
elastic strain energy is dissipated in the damper in 
a few seconds, and the specimen then slowly un- 
twists as the relaxation proceeds. The relaxation is 
timed both with an electric chronometer started 
simultaneously with the release of the specimen from 
the hold position and with a strip chart recorder. 
The times at which the image of the lamp filament 
passes regularly spaced graduations on a scale are 
determined, and the amounts of relaxation are de- 
duced therefrom. When no more than a few percent 
of the strain remains to be relaxed, the specimen is 
heated to about 125°C to complete the relaxation 
rapidly. The total relaxation corresponds to a 100 to 
400 mm traverse of the filament image on a scale 
located 9 ft from the specimen. For a major of runs 
the final position reproduces the position before 
twisting to within a mm on this scale, corresponding 
to a strain of 4.107" at the surface of the specimen. 
The total strain corresponding to the hold position is 
a quantity 1000 to 3000 times larger. The repro- 
ducibility of the initial and final zeros indicate that 
permanent set (plastic strain) is almost completely 
absent in these experiments. The present work was 
greatly facilitated by the fact that the Group VA 
metals resist plastic deformation up to rather large 
Strains, about 0.1 pet. 

A small linear extrapolation of the anelastic strain 
back to zero time as indicated in Fig. 2 permits us 
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to separate that portion of the deformation that is 
anelastic from that which is elastic. The total relax- 
ation strength, A,, is the ratio of the two quantities, 
€o/€elastic: For a given stress level, there exists an 
equilibrium amount of anelastic strain as well as of 
elastic strain. To insure that hold pericds prior to 

a run were sufficiently long, equilibrium was ap- 
proached from opposite directions as indicated sche- 
matically to the left of the origin of time in Fig. 2. 
Usually the approach was from a state of lower 
stress-induced ordering (path I). However, check 
runs were carried out by equilibrating first at a high 
angle of twist, followed by a reduction in the twist to 


the value from which the run was to be made (path II). 


Four parameters, 7,, j%, 4,, and A,, were needed 
for our analysis. One of these, 7,,was known from 
previous work, from measurements of the relaxa- 
tion time carried out on specimens containing very 
small quantities of oxygen. A;, the sum of A, and 
A,, was obtained in the manner just described. The 
two remaining parameters, in the form A,/A; and 
Tz, were determined as follows. The anelastic strain 
was normalized by division by €, so that it varied 
from one to zero as elapsed time varied from zero 
to infinity. Points were taken from a very large 
scale plot of this fraction of anelastic strain to be 
relaxed (indicated by the symbol F) vs time at a se- 
quence of times forming a geometric series. These 
data points were fitted to the double relaxation 
Eq. [6] using a least-squares method. Since one of 
the parameters sought, 7,, appears in an exponential 
term, it is extremely tedious to use a direct least- 
Squares method. Therefore, a linearized method was 
employed. Approximate values of 7, and A,/A,; 
were assumed, and the ‘‘true’’ values were deter- 
mined by minimizing with respect to the variables 
d(4,/Ar) and d(tz) as defined by the expressions: 


A; |4:/assumed 
and 


d(T2) = T2 true — T2 assumed 


The procedure was repeated until d(A,/A,) and d(72) 
were reduced to substantitally zero using the ‘‘true’’ 
values from one step as the assumed values for the 
following step. 


THE VALIDITY OF THE MODEL OF ASSOCIATED 
OXYGEN ATOM PAIRS IN EQUILIBRIUM WITH 
UNASSOCIATED ATOMS 


The results of relaxation measurements on a num- 
ber of specimens carried out at temperatures near 
76°C are collected in Table I. For the column headed 
‘‘Path’’ the symbols I and II are used in the manner 
illustrated in Fig. 2. 

Perhaps the first point to note in these data is the 
independence of A, on the stress level (or angle of 
twist) at which the relaxation was carried out, as 
well as on the direction of approach to equilibrium. 

The Representation of the Relaxation as the Sum 
of Two Component Relaxations—The adequacy of only 
two relaxation processes to represent the data is il- 
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Table |. Relaxation Parameters for Several Specimens 


Total Atom Te 
Run Angle of Fracti a 
Specimen No. Twist, D 
: , Deg Oxygen Path Ay Ao/A, Bee 
1 28.5 0.00166 
; = 76.9 I 0.0327 0.154 268 
77.0 0.0329 0.139 351 
4 23.5 76.4 II 0.0324 
B st 28.6 
: = 76.5 I 0.0442 
2 0.173 348 
. 6.5 I 0.0453 0.168 
24.0 76.3 II 0.0451 5 
0.00195 76.6 I 0.0500 0.205 252 
76.6 II 0.0513 0.199 345 
76.6 I 0.0509 
D oe 0.00224 76.6 I 0.0657 0.199 323 
76.7 II 0.0663 0.201 373 
76.7 I 0.0654 
E ; ane 0.00330 76.2 I 0.0868 0.248 340 
76.6 I 0.0869 0.269 328 
5 76.6 II 0.0864 
F 0.00327 76.4 II 0.0997 0.284 335 
76.4 I 0.0991 0.293 308 
3 76.4 I 0.0985 
G ; 31.4 0.00450 76.4 I 0.1015 0.285 291 
3 20.3 76.3 II 0.1022 0.305 294 
28.6 76.4 I 071023 
H oS 0.00437 76.6 I 0.1276 0.344 345 
5 5 76.7 I 0.1282 0.349 353 
22.0 76.6 II 0.1281 
4 24.9 76.6 I 0.1281 
I 5 a 0.00558 76.5 I 0.1577 0.385- 383 
e 76.7 I 0.1585 0.378 384 
3 23.7 76.6 II 0.1569 
4 31.4 76.4 I 0.1580 
J 1 22.2 0.00479 76.6 I 0.1723 0.334 371 
2 31.8 76.4 I Os1722 0.312 370 
3 ppeal 76.6 II 0.1724 
K 1 20.3 0.00495 76.7 II 0.1873 0.355 352 
2 28.3 76.7 I 0.1879 0.349 345 
3 76.7 I 0.1885 
it 1 19.6 0.00969 76.6 I 0.3214 _ - 
2 19.4 76.6 I! 0.3208 
M 1 20.4 0.01098 76.6 II 0.3058 = = 
2 20.1 76.6 jt 0.3013 


lustrated in Figs. 3 and 4. In Fig. 3, the fraction of 
anelastic strain to be relaxed is plotted vs the 
logarithm of time. Data points are shown on two 
specimens which we regard as typical. The oxygen 
concentration in specimen C was relatively low 
(0.002 at. fraction O) while that in specimen K was 
somewhat higher (0.005 at. fraction O). The ex- 
perimental points may be compared with curves 
calculated using parameters extracted from the data. 
One curve was calculated on the assumption that two 
relaxation processes are present while the other 
corresponds to only one relaxation process. 

A more critical comparison of experimental points 
with the calculated curves can be made by means of 
the deviation plots shown in Fig. 4, for duplicate runs 
on specimens C and K. Here the difference between 
the value of F observed experimentally, Fexperimental » 
and that calculated, Fcaiculated, iS plotted against 
Fexperimental: 4 Smooth curve is shown as the devia- 
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tion of individual points off this curve would not be 
perceptible. The relative inadequacy of only one re- 
laxation process to represent the data is clearly evi- 
dent. Although two relaxation processes provide a 
very good fit, small contributions from additional 
relaxation processes with relaxation times longer 
than T, are evident from the upturn in the deviation 
curves near the end of the relaxation. Such devia- 
tions are greater in the specimen with the larger 
concentration of oxygen. However, an attempt to take 
account of these additional relaxation processes by 
the present type of analysis would be an almost in- 
tractable problem. At concentrations much in excess 
of 0.005 at. fraction O at 76°C, the contribution from 
the third and higher relaxation process increases 
very rapidly with concentration. 

The Invariance of Tz with Oxygen Concentration— 
The invariance of 7, with concentration is illustrated 
in Fig. 5. On this figure, as well as on subsequent 
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LOW CONCENTRATION 
SPECIMEN C AT 76.7°C 
—— F =0,795exp(-t/0.923 )+ 
0.8+ 0.205 exp (-1/4.19) 4 
FEYPERIMENTAL 
06+ 
> 0.2b 
4 
roan HIGH CONCENTRATION 
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Fig. 3—The use of one and of two relaxation processes 
to describe the time variation of anelastic strain. 


ones, points corresponding to duplicate runs on the 
Same specimen are joined by straight lines or are 
overlaid. Since all runs were not made at exactly the 
same temperature, the various 7, values in Table I 
have all been corrected to 76.6°C. The average value 
of T, is 338 sec. The standard deviation for the set 
of data amounts to 10 pct of this value. 

The meaning of a deviation in 7, of this size can 
be understood perhaps more readily by reference to 
internal-friction measurements, which in principle 
yield the same type of information as do after-effect 
experiments. A 10 pct uncertainty in 7 corresponds 
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Fig. 4—Deviation plots showing adequacy of assumption of 
only two relaxation processes. 


to an uncertainty in the position of an internal-fric- 
tion peak (either Q™ vs 1/T at constant frequency of 
vibration, f, or Q” vs ln f at constant temperature) 
which amounts to but 3 pct of its half-width. In even 
more concrete terms, it is equivalent to a l-deg un- 
certainty in the position of the oxygen tantalum in- 
ternal-friction peak using the torsion pendulum. The 
relative scatter in 72 from run to run on specimens 
containing lower concentrations of oxygen is greater 
because the contribution from the interaction relaxa- 
tion process is so small. There is some indication in | 
the data of Fig. 5 that 72 is increasing slowly with | 
concentration at the higher concentrations. This is 


reasonable because of contribution to 7, from ad- 
ditional relaxation processes with very long relaxa- } 
tion times, as illustrated on the previous figure. | 
We believe the values of 72 are sufficiently inde- 


pendent of concentration up to an oxygen atom frac- 
tion of 0.005 to conclude that A, is a measure of the 
same species in all cases. | 
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Fig. 5—The invariance of T, over a range of oxygen con- 
centration. 


Mass-action Behavior—In Fig. 6, A,, the relaxation 
strength for the interaction relaxation process is 
plotted vs the corresponding quantity for the normal 
process, A,, on a log-log plot. The slope of the 
straight line determined by the least-squares analy- 
sis of the data is 1.89, nearly 2. Thus A,/A‘* =K’,a 
constant. This relationship is expected if a mass- 
action law characterizes the equilibrium written in 
[3]. The value 5.58 for K’ was obtained by forcing 
a straight line of slope 2 through the data. The stan- 
dard deviation for the set of data is 0.15 of this 
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Fig. 6—The dependence of the concentration of associated 
oxygen atoms on the concentration of nonassociated atoms. 
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Fig. 7—The variation of the total relaxation strength with 
oxygen concentration. 


value. The equilibrium constant, K, can be obtained 

rom K’, once the proportionality constants between 
relaxation strengths and concentrations, R, and R, 
have been determined. 


THE DETERMINATION OF THE PROPORTION- 
ALITY CONSTANTS R, AND R, 


A knowledge of the proportionality constants, R, 
and R,z, provides information about other aspects of 
the association of oxygen atoms in addition to re- 
lating the quantity K’ to the equilibrium constant K. 
Consequently, in view of their importance, these 
coefficients were determined using three different 
experiments. The first to be discussed, which in- 
volves the measurement of the concentration depend- 
ence of the total relaxation strength, provides in- 
dividual values for R, and R,. The others, that of 
the temperature variation of the component relaxa- 
tion strengths and that of the temperature variation 
of the total relaxation strength, provide information 


- on the ratio, Boies In a sense, this ratio inter- 


connects experiments whose relationship might not 
be otherwise evident. There is still another advant- 
age of three correlations. In each case, in determin- 
ing R» or the ratio R,/R,, the method involves 
essentially the taking of the difference of two 
‘‘large’’ numbers. It follows that the accuracy of the 
determination by any one method is not as high as 
we would like. The use of three methods enables 
us to define our error limits more precisely. 
Experiment A. The Concentration Dependence of 
A, — The concentration dependence of the total re- 
laxation strength is shown in Fig. 7 where C/A, is 
plotted vs A,. From this type of plot, it is clear that 
the use of a proportionality relationship between C 
and A, is not a completely adequate description of 
the data. The fact that the experimental points lie, 
by least-squares analysis, more nearly on a line with 
a negative slope indicates that A; is a parabolically 
increasing function of the concentration C. Unfortu- 
nately, the quadratic term relating A; to C, the fea- 
ture that provides information about the quantity R,, 
is not known with much precision. The probable 
error in the slope of the line shown on Fig. 7 amounts 
to one-half the value of the slope. 
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The fact that A; is better described as a quadratic 
function of C has been evident from internal-friction 
studies for some time. In a number of interstitial 
alloys, including oxygen-tantalum, the damping peak 
height has been shown to be proportional to C; 7.e., 
Qnax = AC. Furthermore the authors have demon- 
strated that the measured half-widths, W,/,, of such 
peaks (Q” vs 1/T at constant frequency of vibration ) 
can be well described by the equation, W, /, = Wi/e 
+ BC.%**° Here W{/, is the half-width of a peak 
characterized by only one relaxation time and Bisa 
positive constant. Now the total relaxation strength 
is obtained to a better approximation by considering 
the total area under the internal-friction curve rather 
than the height alone. Lee has pointed out that a good 
approximation to this area, using internal-friction 
data, is given by the relationship, A, = 2Q71.. 

x W/2/W/e ° This expression is a great improvement 
over the usual one used, A; = 2Q hax Which implies 
that the relaxation is exactly characterized by a 
single relaxation time. It follows that 


CAC {1 +B/Wijfe C)= A C.+ BC. 


It is interesting to compare the present findings 
with the theoretical predictions of Polder,” who put 
Snoek’s theory of stress-induced ordering of inter- 
stitial solutes in bcc metals in a rigorous form. 
Polder obtained an expression for the quantity we 
call the total relaxation strength from a very general 
equation for the free energy of an interstitial alloy. 
He showed that the inclusion of terms in the free- 
energy expression to take account of mutual inter- 
actions between the solute particles leads to a de- 
parture in the proportionality between A; and both 
C and 1/T. Although Polder’s point of view is a 
purely thermodynamic one in that no account is taken 
of the decomposition of the total relaxation into com- 
ponent relaxations, the present experimental findings 
and the previous theoretical predictions agree. The 
departure of A; from strict proportionality with 1/T 
is shown in a later section. 

A correlation of the deviations of the individual 
points found in Fig. 6 with the corresponding ones in 
Fig. 7 indicates that a part of the scatter on these 
plots may be due to small variations in R, and Rz 
values from specimen to specimen arising perhaps 
from differences in ‘‘texture’’ of the very coarsely 
polycrystalline specimens used in this study. How- 
ever, some of the scatter must also be attributed to 
errors in determining the oxygen concentration as 
well as the values of A, and A,. An error of only 
0.01 in the parameter A,/A, leads to an 8 to 10 pct 
error in K. 

In Fig. 8 ‘‘smoothed’’ values of C/A, taken from 
Fig. 7 have been plotted against A,/A,. From this 
plot, we obtain the values, 25.4 for R, and 39.8 for 
Rz using Eq. [10]. R, is probably known to within 
5 pet. Unfortunately, the value of R, is subject toa 
large error, inasmuch as it is extremely sensitive 
to the curvature of a A; vs C plot. By comparison 
with values obtained by other correlations, it is 
likely correct to within 25 pct. These values of R, 
and R, give rise to an equilibrium constant of 45.3. 
At 76.6°C, this corresponds to a standard free 
energy for the formation of oxygen atom pairs of 
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Fig. 8—The determination of the proportionality constants 
Ri and R 


—2.6 kcal. The interaction between the solute atoms 
is an attraction. 

The fact that R, exceeds R, tends to reconcile 
two separate correlations that superficially do not 
appear compatible. As mentioned in the introduc- 
tion, the relaxation strength for the interaction 
process, A,, was found previously by internal-fric- 
tion measurements to vary as the square of C, the 
oxygen concentration loaded into the specimen. This 
correlation was found to hold almost up to a con- 
centration where A, was equal to A,. On the other 
hand, as shown in Fig. 6, Az is a quadratic function 
of [O], the concentration of nonassociated oxygen 
atoms. [O] is approximately equal to C only when 
the relative concentration of oxygen pairs is small. 
The fact that Rz exceeds R, means that when half 
the total relaxation is proceeding by the interaction 
process, far less than half the total oxygen atoms 
are associated. 


Experiment B. The Temperature Dependence of A, 
and A;—The variation with temperature of the equi- 


pairs is not sufficiently great to obtain a satisfactory 
value of the enthalpy change over the temperature 
range that after-effect measurements can be made. 
Consequently, internal-friction experiments were 
used to obtain values of A, and A, near 145°C to 
supplement after-effect data. For practical reasons, 
such internal-friction measurements must be made 
vs temperature at a fixed frequency of vibration. The 
experimental damping peak can be considered as the 
sum of two elemental peaks, one corresponding to 
the normal relaxation process and the other to the 
interaction relaxation process. For a frequency of 
vibration of 0.31 cps, the normal peak occurs at 
128°C and the interaction peak at 143°C.* From this 

*Our earlier measurements suggested that the oxygen interaction 
peak should occur at 151°C for this frequency of vibration [1]. The 
discrepancy arises from three sources. In the present work, account 
has been taken of thermocouple corrections, as well as of the temper- 
ature variation of the relaxation strength. Thirdly, the specimens used 
in the present study are essentially free of nitrogen, whereas those 
used in the older work contained a few thousandths of a weight percent 
of this impurity. The interaction of nitrogen with oxygen gives rise to 
an internal-friction peak that occurs at a slightly higher temperature 
than that one due to interaction between oxygen atoms. 
experiment, values of A, at 128°C and A, at 143°C 
were found, as the relaxation strength is given by 
twice @ max for the elemental peak. Values of A, 

at 143°C and A, at 158°C were obtained from an- 
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Table II. Relaxation Parameters at Several Temperatures 


j un ngle o Fraction fR 
Specimen No. Twist, Deg Oxigen Path At Ao/A, 
H 5 aoe 0.0044 55.5 I 0.1408 0.375 4430 
: a8 55.5 I 0.1409 0.347 4280 
55.3 II 0.1412 
: Ae 60.3 Il 0.1359 0.338 2420 
; 60.3 I 0.1366 0.340 2380 
: a 76.6 I 0.1276 0.344 345 
; 25. 76.7 I 0.1282 0.349 353 
2.0 76.6 II 0.1281 
4 24.9 76.6 I 0.1281 
I 0.1259 0.327 201 
; 8.4 81.1 I 0.1265 0.328 209 
2 25.7 81.1 Il 0.1267 
Internal 
13 143.1 acess 0.1012 0.239 0.517 
I 5 22.5 0.0056 65.0 I 0.1640 1360 
6 28.4 64.5 I 0.1640 1370 
1 31.5 76.5 I 0.1577 0.385 383 
2 31.2 76.7 I 0.1585 0.378 384 
3 76.6 II 0.1569 
4 31.4 76.4 I 0.1580 
Z 31.0 84.1 I 0.1528 145 
8 22.8 83.9 I ———~ *0,1535 151 
9 27.4 84.1 Il 0.1532 148 
10 149.3 pean 0.1208 0.280 0.366 


other experiment at 0.88 cps. Thus two experiments, 
each at a different frequency, are needed to get 
values of A, and A, at the same temperature. Ex- 
periments at 0.435 and 1.56 cps on Specimen I pro- 
duced values of A, and Az at 149°C. The data ob- 
tained in this fashion are presented in Table II, to- 
gether with after-effect data obtained at a number of 
temperatures. The marked reduction in the relative 
contribution of the interaction relaxation process 


with an increase in temperature is to be noted. Thus — 


for Specimen H, Az/A; is reduced from 0.35 at 
77°C to 0.24 at 143°C. The experimental internal- 
friction curve is well described by the extracted 
values of A, and A, Since the deviation between the 
experimental curve and that calculated using these 


parameters never exceeds 0.02 Q max. Nonetheless 
the precision of the A, and A, values is not as high, 
perhaps by a factor of 2, as those from the after- 
effect measurements. When such values of A, and 
A,, as functions of temperature, were plotted in the 
manner suggested by Eq. [12], the value — 2.0 kcal 
was obtained for the standard enthalpy change from 
the slope of the plot shown in Fig. 9. Heat is liber- 
ated in the formation of associated oxygen pairs from 
nonassociated atoms. Since an error of only 0.01 in 
A,/A, can affect AH? by almost 0.2 kcal, we hesi- 
tate to claim that AH? is appreciably different from 

This information on the variation of A; and A, 
with temperature can also be used to obtain a second 
estimate of R,/R,. On substituting Eqs. [7a] and [7b], 
as well as [13a] and [13b] into Eq. [9], we get the ex- 


pression, 
R 
A Ho = -2.0 kcal TA (TA,) + RzTC [14] 
2 
A,/ Th, A value for R,/R, can be obtained from the slope of 
a plot of TA, vs TA, as the term (R2TC) is inde- 


o SPECIMEN H 
@ SPECIMEN 


pendent of temperature. On imposing a common 
slope on such data for specimens H and I, Fig. 10, a 
‘‘best’’? combined value of 2.2 is obtained using a 
least-squares fit. 

Information on the variation of 7, with temperature 


was also obtained from the elastic after-effect meas- 
urements carried out at several temperatures. Data 
re 1000 /T°K on Specimens H and I are shown on an Arrhenius plot 


Fig. 9—The determination of the enthalpy change for the 
formation of oxygen atom pairs. 
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in Fig. 11. For comparison, data for 7,, presented 
previously, ° have also been reproduced on this 
figure. For Specimen H, the activation energy for 7, 
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Fig. 10—The determination of the ratioR 9/R, from the 
temperature variation of A; and Ay). 


was found to be 27.5 kcal per mole deg, while on 
Specimen I, it was 27.9. The combined value is 2.2 
keal larger than that found previously for 7T,. The 
preexponential factors differ by no more than a fac- 
tor of four. 

Experiment C. The Temperature Variation of the 
Total Relaxation Strength— Although both R, and R, 
may vary as 1/7, it is not implied that A, has this 
same temperature variation. A; varies with tem- 
perature as 1/(T-8), where 6 may be regarded as an 
interaction parameter that is itself a function of 
temperature through a factor, T exp (- AG2/RT). In 
the formalisms of both Polder® and Zener,’ evidence 
of solute interactions were to be found in the magni- 
tude of 8. Beta is a positive quantity because R, 
exceeds R, and because A,/A, decreases with in- 
creasing temperature. An average value of 6 
amounting to 105°K was found for specimen H from 
after-effect measurements carried out between 56 
and 80°C. These data are shown on Fig. 12 where 
the product TA, is plotted against A,. The quantity 


5000 T T T 
L 
T21.8+.2X 10% sec. 
1000 4 
= 
/ 
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~< / 
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= E=25.5+ kcal 4 
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Fig. 11—The variation of T, and T; with temperature. 
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Fig. 12—The temperature dependence of the total relaxa- 
tion strength. 


B is obtained from the slope of this plot. If A, were 
proportional to T, corresponding to B = 0, the data 
points would be on a horizontal line. Similar data on 
specimen I have been published previously. 

Data on the variation of the total relaxation 
strength, A;, with temperature for a specimen can 
be used to obtain still another estimate of R,/R,. 
From Eqs. [7], [9], and [13], the expression 


- [O];} 


2 


is derived. This equation relates the temperature 
variation in the product TA, to the change in con- 
centration of unassociated oxygen atoms. For a 
known concentration of total oxygen, C, [O] can be 
computed using Eqs. [4] and [5]. Although the com- 
putation for [O] requires a knowledge of AG2, which 
in turn involves the ratio (R,/R,), the values of 
R,/R, obtained by this correlation are not sensitive 
to the value of this parameter used in determining 
AG@. Values obtained on specimens H and I are listed 
in Table III along with the R,/R, values obtained by 
the other correlations. The ‘‘best’’ over-all value for 
this ratio seems to be 2.0. This better value for 

Rz /R, can be used in Eq. [8] to obtain the improved 


Table Ill. Determination of the Ratio of the Amount of Relaxation 
per Associated Oxygen Atom to that per Unassociated Atom by 
Various Correlations 


Correlation Specimen (s) R,/R, 
Eq. [10] A-—K 1.6 
Eq. [14] H 2.0 

I 2.6 
Eq. [15] H 1.9 
I 1.5 
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value for AG; of —2.5 kcal. The probable error in 
AG, lies between 0.1 and 0.2 kcal. 


DISCUSSION 


Reconcilation of Present Results with Sieverts’ 
Law—The values found for AG? and AH® are such 
that at the high temperatures where the equilibrium 
between gaseous oxygen and that in solid solution, 
Eq. [2], can be investigated, the fraction of oxygen 
atoms that are associated is extremely small. De- 
viations from Sieverts’ law due to association of 
solute atoms should be hardly measurable. In view 
of these considerations, we cannot explain the re- 
sults of Gebhardt and Preisendanz’® on the basis of 
solute association. These workers found that the ~ 
concentration of oxygen in solid solution in tantalum 
varies approximately as the 0.9 power of the pres- 
sure over the temperature range 750° to 1500°C. 

Previous Theoretical Predictions—Several years 
ago, Zener predicted that small atoms in inter- 
stitial solution in bcc metals should attract each 
other by virtue of a strain interaction through the 
lattice of metal atoms.*’’’”* Such interactions, 
Zener reasoned, would give rise to the spontaneous 
ordering of the solute atoms at some sufficiently 
low critical temperature. Since martensitic alloys 
of iron-carbon or iron-nitrogen can be viewed as 
ordered solutions with the carbon or nitrogen atoms 
occupying but one of three classes of octahedral 
sites, Zener attributed the tetragonality of marten- 
site to solute atom interactions. The present re- 
port is concerned with only the initial stage of a 
complex spontaneous ordering process. It must be 
emphasized again that two relaxation processes 
suffice to describe the data only in the low concen- 
tration range. At higher oxygen concentrations, ad- 
ditional relaxation processes, with much longer re- 
laxation times, come into play. It seems reasonable 
to attribute these to interactions between large 
groups of solute atoms. 

Zener, ~ as well as Fisher’* have discussed the 
various configurations of octahedral sites through 
which solute interactions might take place. Further- 
more, Fisher has estimated that for a metal whose 
elastic constants are approximately those of a -iron, 
the binding free energy between solute atoms would 
amount to about 2 kcal. 


SUMMARY 


Over a range of concentration, the mechanical re- 
laxation observed in interstitial oxygen-tantalum 
alloys can be described as the sum of two separate 
relaxation processes. These component relaxations 
are identified respectively with the stress-induced 
ordering of nonassociated oxygen atoms (Snoek 
mechanism) and with the stress-induced ordering of 
oxygen atoms, each of which is associated with a 
neighboring oxygen atom. Such an interpretation is 
strengthened by the observation that the relaxation 
time, which characterizes the component relaxation 
for associated oxygen atoms, remains invariant with 
the total oxygen concentration at a fixed temperature. 
On using the component relaxation strengths to 
measure the concentrations of associated, as well as 
of nonassociated oxygen atoms, a mass-action law 
was found to characterize the equilibrium, 


2 O (in Ta solution) -— O, (in Ta solution) 


The standard free energy of association amounts to 
—2.5 kcal. The corresponding enthalpy change, which 
could not be measured as precisely as the free 
energy, was found to be —2.0 kcal. The relaxation 
strength per oxygen atom was found to be about twice 
as great for associated oxygen atoms as for non- 
associated ones. 
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Controlling Grain Boundary Position in Growth from the Melt 


RL. Fleischer and R. S. Davis 


BicrystTAL specimens grown from the melt have 
been used extensively for investigations of the in- 2 
fluence of grain boundaries on plastic deformation. 
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Technical Note 


The bicrystals are usually of predetermined orien- 
tation prepared by seeded growth from the melt in 
milled graphite boats. This technique has been de- 
scribed in detail by Chalmers.® 

Since the direction that the grain boundary follows 
during growth is affected by both thermal conditions 
and crystallography, a difficulty arises in maintain- 
ing the grain boundary position constant along the 
length of the specimen. This problem is particularly 
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Fig. 1—Bicrystal 
tensile sample. 


acute for the growth of very thin bicrystals. The 
following simple modification of the technique will, 
however, minimize this problem: projections are 
machined on the bottom and cover of the boat, so 
that the specimen produced will have long grooves on 
two opposite sides along its length. The grain boun- 
dary minimizes its area and hence, normally, its 
free energy by following the grooves. 

The effectiveness of this scheme is demonstrated 
in Fig. 1, where an aluminum bicrystal with the 
grain boundary parallel to the large area surface is 
pictured. Bicrystals of this type with a 2 mm X 10 


Fig. 2—Cross 
sections of bi- 
crystals of 
aluminum: Ef- 
fect of thermal 
fluctuations is (a) 
shown in (a); 
(b) is a typical 
boundary. 


(6) 


mm cross section and 17 cm long have been pro- 
duced.® Fig. 2(@ shows a section of a bicrystal near 
the seed where the grain boundary has been bent by 
thermal fluctuations but held in place at the grooves. 
In Fig. 2(0) the boundary position on a cross section 
of another specimen is pictured. 

Extensions of this technique to control greater 
numbers of grain boundaries facilitate new studies 
involving properties of grain boundaries.*° 

The authors are pleased to express their thanks to 
the Office of Naval Research for financial support. 
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5B. Chalmers: The Preparation of Single Crystals and Bicrystals by the 
Controlled Solidification of Molten Metals, Canadian Journal of Physics, 
1953, vol. 31, p.-132. 

oR. L. Fleischer and Bruce Chalmers: ee Effects in the Deformation of 
Aluminum, AJME Trans., 1958, vol. 212, 

2°One such study is to be published 84 C. Elbaum: 


The Aging of Hydrogen-Charged Rimmed Steel 


The yield point of rimmed steel sheet was eliminated by elec- 
trolytic charging with hydrogen. The activation energy for its 
return on aging was measured and found to be identical to that 
measured for the return of the yield point on aging after plastic 
deformation of the same steel, uncharged. It was also compared 
with the measured activation energy for the return of ductility 
to these steels embrittled by hydrogen charging. It is proposed 
that hydrogen eliminates the yield point by causing localized 


plastic deformation during charging. 
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has been shown previously’? that when a mild 
steel or iron is charged with hydrogen, the normally 
observed yield point is eliminated or considerably 
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reduced. The present investigation was undertaken 
to measure the time-temperature relations that are 
associated with the return of the yield point on aging 
after hydrogen charging, and attempt to establish the 
mechanism by which it occurs. 

It is also well known that when such a material is 
charged with hydrogen, its ductility is severely de- 
creased. The aging of hydrogen embrittled steel at 
moderate temperatures has been studied* ° pre- 
viously. However, when this investigation was 
started only the results of Zapffe and Haslem? and 
Sims et al° had been published and it was felt that 
this work was not extensive enough to be very useful 
in attempting to understand the mechanism of the 
embrittlement. In the present investigation the re--— 
turn of the ductility was measured simultaneously 
with the return of the yield point so that the two 
processes could be compared for the same material. 


EXPERIMENTAL PROCEDURE 


The materials used in this investigation were 
rimmed steels in sheet form, designated Steels A 
and B. Steel A was nominally 0.050 in. thick while 
Steel B was 0.040 in. thick. Both were received in 
the annealed condition. The chemical analyses in 
weight percent of alloying element were: 


A 0.04C 0.33 Mn 0.025 P 0.0148 
0.03:C 0.30 Mn 0.007 P 0.017S 
A  <0.003 Si 0.0200 0.0028N 
B 0.003 Si 0.0190 0.0023 N 


Steel A was sealed in iron foil and given an addi- 
tional heat treatment of 6 hr at 690°C, followed by 
furnace cooling to enhance its yield point and re- 
lieve machining stresses. 

The tensile specimens had a 1 1/4 in. gage length 
and were 0.200 in. wide. After milling to shape, they 
were only degreased before use in trichloroethylene 
and chemically cleaned by dipping into 50 pct HCl for 
30 sec, rinsing and wiping. They were etched a 
second time in 50 pct HCl for 10 min, then placed, 
unrinsed, and unwiped, into the charging bath. 

The cell used for electrolytically charging the 
specimens consisted of a 600-ml beaker with two 
platinum anodes-spaced 1 1/4 in. from a centrally 
located platinum cathode. The specimen was 
fastened to this cathode by means of a stainless 
steel machine screw and nut. 

The electrolyte used was 4 vol pct sulfuric acid 
with an addition of 0.1 g of arsenous trioxide per 
liter of solution. Charging was carried out for 5 min 
at a current density of 0.1 amp per sq in. and a tem- 
perature of just above 100°C, where the bath was 
boiling moderately. The specimens were stored in 
liquid nitrogen after charging until they were aged. 
The vacuum-fusion analysis for hydrogen in the 
steel charged in this manner gave a hydrogen con- 
tent of 0.0041 wt pct. 

Aging was carried out on brass blocks in small 
laboratory air furnaces. When ready for aging, 
the specimens were warmed from liquid-nitrogen 
temperature to room temperature by rinsing in 
water, then dried and placed in the furnace. At the 
end of the aging period, the specimens were re- 
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moved from the furnace and again immersed in 
liquid nitrogen until tested. 

Tensile testing was performed on a 5000 lb capa- 
city Instron testing machine at room temperature 
and at a constant rate of crosshead separation of 
0.05 in. per minute. 


A) The Return of the Yield Point—It is possible to 
use any of several approximately equivalent meas- 
ures of the magnitude of the yield point. These are: 
the drop in load upon yielding, the stress level of the 
lower yield point, or the yield-point strain. Of these, 
the last was chosen as the least sensitive to testing 
variables. Fig. 1 shows the dependence of the yield- 
point strain of hydrogen-charged material on aging 
time at the several aging temperatures for both 
steels. 

The activation energy for the return of the yield 
point was calculated from the times at each aging 
temperature for the yield-point strain to reach a 
value of 2.3 pct, approximately half the maximum ob- 
tainable on aging. The logarithm of the times to 
reach this strain are plotted in Fig. 2 as a function 
of the reciprocal of the absolute temperature of 
aging. The measured slope is equivalent to an acti- 
vation energy of approximately 23,600 cal per g atom 
for Steel A and 25,500, for Steel B. The difference 
in the measured activation energy* for the two steels 


*The term “activation energy” is employed in the loose sense in 
common usage rather than in the precisely correct sense applying to a 
known unit atomic process. 


results partially from experimental error and par- 
tially from compositional differences between the two 
steels, such as in the amounts of phosphorus and 
manganese.’’® Furthermore, the magnitude of the 
aging time at any temperature is different for the two 
sets of specimens since the thickness is different. 
After a similar period of cathodic charging, one 
would then expect a slightly different amount and dis- 
tribution of hydrogen. 


Comparison with Strain Aging—The mechanism for 
the elimination of the yield point is not known. 
Cracknell and Petch’ have proposed that hydrogen 
diffuses to internal cavities where it accumulates, 
resulting in a high pressure and local regions of high 
elastic stress. When the specimen is tested, yielding 
first occurs at these numerous, randomly distributed 
local regions, then spreads throughout the bulk of the 
metal. Hence the initiation and propagation of Luders 
bands, which result in the observed yield-point phe- 
nomena, are suppressed. If this be the mechanism, 
then the yield point should return when the hydrogen 
pressure in these defects is reduced by the escape of 
the hydrogen back into the lattice. However, this 
permeation is not observed to occur from a cavity of 
macroscopic size at these temperatures.” If one 
postulates cavities of atomic dimensions, it is pos- 
sible to conceive of atomic forces at the cavity sur- 
face having increased ability to dissociate hydrogen 
molecules compared with the surface forces of 
macroscopic cavities.° Although, the activation 
energy associated with such a dissociation might 
possibly be about 25,000 cal per g atom, it would be 
difficult to determine that such a postulate is true 
and to verify that it is the rate- controlling step in 
the process. 
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Fig. 1—The dependence of yield-point strain on aging time 
at a series of temperatures for hydrogen-charged rimmed 
steel: (2) Steel A; (5) Steel B. 


An alternate explanation, similar except in detail, 
is an extension of the previous concept. The hydro- 
gen is assumed to cause local plastic deformation, 
probably by gas pressure, either in minute ‘‘voids’’ 
or ‘‘rifts’’ or in macroscopic but still very numer- 
ous ‘‘blow holes.’’ The yield point would then be 
masked by the growth under load of these numerous 
regions of plastically deformed metal. It would re- 
turn merely by the normal nitrogen* strain aging 


*Of the two interstitial elements which cause yielding and strain- 
aging phenomena in iron, e.g., carbon and nitrogen, the latter has been 
found to be the principal cause of strain aging in a mild steel.!° 

of this mechanically deformed metal, the presence 
or absence of either lattice hydrogen or molecular 
hydrogen in these defects having no significant effect 
on the aging behavior. 

One would assume, as with any plastically de- 
formed metal, that when the atmospheres of inter- 
stitial atoms are freed from the dislocations, these 
atoms would give rise to increased damping. How- 
ever, the damping does not increase in hydrogen- 
charged steel.” The probable explanation is that 
since only an extremely small fraction of the metal 
is actually plastically deformed, internal friction 
measurements on the bulk sample would be far too 
insensitive to detect any increase in damping re- 
sulting from such deformation. 

If localized plastic deformation is the mechanism 
whereby the yield point is eliminated, the activation 
energy for aging after hydrogen charging would be 
the same as that for strain aging. To test this, two 
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additional sets of Steel A specimens were prepared. 
The specimens of the first set were stretched Lpet 
in tension; the specimens of the second set were 
temper-rolled approximately 2 pct. Both were aged ~ 
at low temperatures in a manner similar to that 
used with the hydrogen charged specimens. The 
exact temperature range in each case was deter- 
mined by experiment to be that one in which the 
aging times could be easily measured. Comparison 
of the stretched with the hydrogen charged steel 
would have been sufficiently conclusive; however, 
temper-rolling was included in this investigation 
to determine whether or not the activation energy for 
strain aging in temper-rolled steel sheet was the 
same as in stretched steel. Since the initiation of 
this work, they have been shown to be identical and 
approximately equivalent to that for the diffusion of re 
interstitial elements such as carbon or nitrogen. ~’ 
The yield-point strain was again chosen as a meas- 
ure of the aging of the steels. Fig. 3 shows the 
yield-point strain as a function of aging time at _ 
several aging temperatures for each pretreatment. 
The maximum yield-point strain obtainable on aging 
is different for each of these two pretreatments as 
well as differing from that obtained on hydrogen 
charging. The factors which determine the maximum 
yield-point strain obtained by aging specimens with 
various strain histories is not thoroughly understood, 
but is a function of the type and magnitude of the pre- 
strain and prestrain temperature.” Since the maxi- 
mum yield-point strain differs, the values of yield- 
point strain (one-half the maximum) used as the 
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Fig. 2—Activation energy curves for the yield-point re- 


turn during the aging of hydrogen-charged rimmed Steels 
A and B. 
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Fig. 3—The yield-point magnitude in stretched and temper- 
rolled rimmed steel as a function of aging time at several 
temperatures. 


aging criterion for each set were all different. They 
were 1.4 and 1.6 pct, respectively, for the stretched 
and temper-rolled conditions. There is some evi- 
dence from the aging curves for an effect of aging 
temperature on the maximum strain obtainable but 
there are not sufficient data to analyze any trend. 

The logarithm of the aging times needed to pro- 
duce these critical yield-strain values are plotted as 
a function of the absolute aging temperature in Fig. 
4, for each type of prestrain. The activation energy 
for the aging processes are identical in both cases to 
that measured for the aging of the same steel 
charged with hydrogen. They are higher than that for 
aging in the pure binary iron-nitrogen system be- 
cause of the additional alloying elements in the com- 
mercial material.”® 

Another feature of strain aging is that after pre- 
straining and aging the lower yield stress is higher 
than in the annealed metal. As a further comparison, 
then, of the aging of hydrogen-charged steel with 
strain aging, the value of the lower yield stress of 
steel which had been cathodically charged with 
hydrogen and then aged was compared with that of the 
steel in both the standard condition and after aging a 
comparable period but without previous charging. In 
the standard condition the average lower yield stress 
was 31,200 psi. Aging for 24 days at 100°C and 
115°C raised the value to 31,900 psi and 32,400 psi, 
respectively. However, hydrogen charging followed 
by aging for 14 days at 100°C or 7 days at 115°C 
raised the lower yield stress to 33,700 psi or 34,800 
psi, respectively. This is about one-half the stress 
increase one might expect from stretching the steel 
just through the yield point and aging in a similar 
manner. 

Influence of Hot Cathodic Charging for Long Times 


— Alternate mechanisms to that proposed herein are 
those of Cracknell and Petch* and mechanisms which 
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Fig. 4—Activation energy curves for the yield-point return 
during the aging of variously pretreated rimmed steel A. 


require a short-range interaction of lattice hydrogen 
with pinned dislocations to reduce the pinning and 
allow the dislocations to move freely.” If either of 
these mechanisms is correct, the yield point should 
not return to the steel as long as a substantial 
amount of hydrogen remains in it. The presently 
proposed mechanism merely requires that the 
hydrogen have plastically deformed part of the 
metal prior to aging and testing. Since the maxi- 
mum yield-point elimination occurs after elec- 
trolytic charging for 5 min at 100°C we can as- 
sume that in this time the equilibrium gas pres- 
sure for these charging conditions is built up in 

the voids. If the plastic deformation mechanism is 
correct, continued charging would be equivalent. 
merely to aging and would then result in a return 

of the yield point by nitrogen strain aging of the 
deformed metal; it should remain absent if any of 
the other proposed mechanisms is correct. 

The influence of charging time at 100°C on the 
yield point is shown in Fig. 5. This clearly dem- 
onstrates that the yield point is larger after a 
charge of 60 min that it is after 5 min. In order to 
demonstrate that this is primarily an aging effect, 
a specimen was prepared by charging at 100°C for 
5 min followed by aging at 100°C for 55 min in an air 
furnace and compared with one charged 60 min. The 
yield-point strain was essentially identical in both 
cases while the ductility was vastly different. The 
total elongation of the specimen charged for 60 min 
was 21.6 pct as compared with 38.2 pct for the one 
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Table I. Comparison of Specimen Thickness at Fracture 


Fracture 


Designation Aging Conditions Thickness in In. 


Overaged 520.5 hr-25°C 0.018 
Overaged 186 hr-47°C 0.0155 
Overaged hr-72°C 0.0155 
Overaged 4.5 hr-97°C 0.0155 
Overaged 15 min-147°C 0.0155 
Underaged 168 hr-25°C 0.0285 
Underaged 54.5 hr-47°C 0.0283 
Underaged 585 min-72°C 0.027 
Underaged 60 min-97°C 0.0282 
Underaged 15 min-122°C 0.026 
Underaged  min-147°C 0.0285 
“Half-Ductile” 382 hr-25°C 0.019 
“Half-Ductile” hr-47°.C 0.021 
“Half-Ductile” 536 =min-72°C 0.023 
“Half-Ductile” min-97°C 0.022 
“Half-Ductile” 25. min-122°C 0.022 
“Half-Ductile” 7 min-147°C 0.022 


charged 5 min and aged. These compare with 42.5 
pet elongation for the uncharged steel and 25.7 pct 
for the metal with a standard 5-min hot charge. 

It was found that the standard hot electrolytic 
charge would not consistently eliminate the yield 
point in Steel A which was purposely heat treated to 
produce a large drop in load on yielding, but would 
at least reduce it to little more than an inflection 
in the load-elongation curve. Moreover, of a wide 
range of charging conditions, it was shown that this 
standard charge gave the optimum elimination. A 
possible explanation is that, during any electro- 
lytic charge a hydrogen concentration gradient from 
cathode surface to center is established. The con- 
centration at the surface first reaches the critical 
value necessary to cause local plastic deformation. 
As the concentration in the region below the surface 
is increasing to the critical value by diffusion, the 
plastically deformed metal at the surface is simul- 
taneously aging. Because of the high yield stress in 
this material, the concentration of hydrogen neces- 
sary to cause local plastic deformation would also be 
expected to be high. Thus the time necessary to 
reach this concentration deep in the specimens would 
be longer than usual—long enough to allow the ma- 
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Fig. 5—The influence of the time of electrolytic charging 
at 100°C on the yield-point magnitude. 
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terial near the surface to age sufficiently to show a 
yield point once again. 


THE RETURN OF DUCTILITY 


The ductility, as in the case of the yield point, was 
assumed to return on aging by a diffusion process, 
not necessarily identical with that for the return of 
the yield point. The activation energy for this 
process was measured experimentally for Steel B, 
using similar charging and aging conditions as for 
the study of the yield point. The aging time neces- 
sary at each temperature to reach a thickness at 
fracture of 0.022 in. approximately half way between 
that of the fully embrittled and the unembrittled 
specimens, was chosen as the aging criterion at that 
temperature. The thickness of the fully embrittled 
specimens at fracture was 0.029 in.; of the un- 
embrittled, 0.012 in. 

Complete aging curves were not made for the 
specimens since the blisters which were formed on 
the surface of the samples during charging ruptured 
during testing, these rough fractures being difficult 
to measure with precision. The procedure that was 
followed was to age a series of samples for various 
times at one temperature until one fractured with a 
thickness of 0.022 in. This was then used as a stan- 
dard with which the fractures of specimens aged at 
other temperatures were compared visually. Only 
those specimens which appeared to closely duplicate 
this standard, as well as those specimens which 
bracketed it at each temperature were measured. 

A plot of the logarithm of the time to reach ‘‘half- 
ductility’’ vs the reciprocal of the absolute aging 
temperature is shown in Fig. 6. The three sets of 
fracture condition are plotted as parameters. Since 
Specimens which are not ‘‘half-ductile’’ are over- 
aged or underaged by different amounts, there is 
considerable scatter of the data for these specimens. 

The dashed straight line that appears at a longer 
time in Fig. 6 is that obtained by using as an aging 
criterion a value of ductility which is just less than 
full ductility, rather than the value of ‘‘half-ductil- 
ity.’’ It is somewhat less sensitive to time than the 
‘‘half-ductile’’ criterion, but, within the range of 
values measured, appears to give results which are 
parallel to those using ‘‘half-ductility’’ as the stan- 
dard. 

The measured value of the slope in both cases is 
equivalent to an activation energy of 17,700 cal per g 
atom. 


DISCUSSION OF DUCTILITY RETURN 


The activation energy for the return of ductility is 
very different from that of the yield-point return. 
This is to be expected if we can indeed ascribe the 
yield-point return to nitrogen strain aging since the 
is most certainly due to hydrogen it- 
self. 

Hydrogen embrittlement does not occur in charged 
steels when the rate of straining is high.“ Thus, hy- 
drogen does not significantly damage the metal be- 
fore straining. If a crack, whether formed during 
charging or at some later stage in the deformation, 
is to propagate with the reduced strain that denotes 
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Fig. 6—Activation energy curves for the return of the 

ductility during the aging of hydrogen-charged rimmed 

steel B. 
hydrogen embrittlement, then hydrogen from the 
lattice must diffuse to the vicinity of the tip of the 


crack. Hence, the determining factor in the embrittl- 


ing process is the availability of lattice hydrogen. 
Stross and Tompkins ” have shown that the loss of 
hydrogen from thermally charged iron cylinders 
aged at temperatures of 150°C and above is con- 
trolled by the diffusion rate of hydrogen in the 
iron. Furthermore, it has been shown” that the 
rate-controlling step in the steady-state permeation 
of steel by hydrogen at lower temperatures is dif- 
fusion through the solid and not a reaction at the 
surface. It would thus appear that the measured 
value of 17,700 cal per g atom for the activation 
energy for the return of the ductility after hydrogen 
embrittlement should be a reasonable measure of 
the activation energy for the diffusion of hydrogen 
through steel in the neighborhood of room tempera- 
ture. This is despite a lack of knowledge of the de- 
tails of the influence of average hydrogen concen- 
tration and the concentration gradients on the propa- 
gation of the cracks in hydrogen embrittled steel. 
The value of 17,700 cal per g atom for the activa- 
tion energy for the ductility return is by no means 
comparable with the 3050 + 100 cal per g atom 
measured by Stross and Tompkins as the activation 
energy for diffusion of hydrogen in iron at 150°C and 
above. The latter value is in good agreement with 
that calculated from solubility and permeation data 
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at high temperatures. ® However, the work of Hill 
and Johnson,” Chang and Bennett,?° Hobson, *° 
Morelet, Johnson, and Troiano,° and Smialowski 

et al’ indicate that there is probably a break in 
the diffusion curve of hydrogen in steel as a function 
of temperature somewhere between 200°C and room 
temperature, with a much larger activation energy 
for diffusion at the lower temperature. These in- 
vestigations include both actual diffusion measure- 
ments as well as deductions of the changes in the 
diffusion rate from permeation and solubility meas- 
urements and from the rate and temperature de- 
pendence of mechanical properties. The exact 
nature of the change is unknown at present. 


SUMMARY 


1) After it has been eliminated by cathodic charg- 
ing, the yield point returns to rimmed steel upon 
aging. The activation energy for this return is 
23,600 cal per g atom in rimmed Steel A and 25,500 
cal per g atom in rimmed Steel B. 

2) It has been proposed that cathodically charging 
with hydrogen eliminates the yield point in steel by 
the creation of local regions of plastically deformed 
metal which can grow during a tensile test. The 
yield point would then return to the steel upon aging 
merely by the nitrogen strain aging of these plastic- 
ally deformed sites, whether or not the hydrogen re- 
mained in the metal. The experimental evidence 
supports this hypothesis in the following ways: 

a) The return of the yield point to a cathodically 
charged rimmed steel on aging takes place with an 
activation energy of 23,600 cal per g atom which 
is identical to that for the strain aging of the same 
material after plastic deformation. 

b) Cathodically charging for 5 min at 100°C 
followed by aging for 55 min at 100°C produces a 
yield point, the magnitude of which is independent 
of whether the aging takes place in air or under 
continued cathodic charging. In one case, the bulk 
of the hydrogen has been removed; in the other, the 
hydrogen content is as great or greater than ina 
5-min standard charge. 

c) Hydrogen charging and aging raises the lower 
yield stress in a subsequent tensile test as does 
straining followed by aging. 

3) Ductility is restored to a hydrogen-embrittled 
rimmed steel on aging by a process having an activa- 
tion energy of 17,700 cal per g atom. Although this 
value is vastly different from the approximately 3000 
cal, for the diffusion of hydrogen in iron, meas- 
ured at higher temperatures, numerous measure- 
ments by other investigators also demonstrate that 
there is a Sharp change in the rate of diffusion in the 
temperature range used in these experiments. The 
rate-controlling process in the return of ductility on 
aging is, therefore, believed to be the diffusion of 
hydrogen. 

4) As a corollary to the main study of the influ- 
ence of hydrogen in steel, it was found that the acti- 
vation energy for the return of the yield point upon 
the aging of temper-rolled rimmed steel is the same 
as that for the aging of rimmed steel deformed in 
tension. 
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The Efficiency of Zone-Refining Processes 


For a given monotonic distribution of solute impurity in an 
ingot, figures of merit are defined which are relevant to a dis- 
cussion of solvent purification and of the concentration to one end 
of the ingot of the solute, when considered as a desivable impurity. 
It is shown that the optimum conditions for solvent purification 
and solute concentration are identical. If the solute is initially 
distributed uniformly, a determination of the optimum ratio of zone 
length to length of the ingot yields the values unity and J 0.3, for 
most efficient passage of the first two zones. A discussion ts also 
given of variations in the effective value of the distribution coef- 
ficient k, in relation to the efficiency of normal freezing and zone 


melting as refining processes. 


A problem often encountered is the provision of 
materials which have impurity contents below a 
certain specified level. This problem is in some 
cases solved by making use of the segregation of 
the impurity with respect to the liquid and solid 
states of the material: an ingot of the material is 
subjected to directional solidification and the ends 
of the ingot, which are richer in solutes which 
respectively raise and lower the melting point of 
the solvent, are removed. An important extension 
of this process is the zone-refining process in- 
vented by Pfann,* in which molten zones are passed 
successively along the length of an ingot and dis- 
place solutes towards the ends. Pfann’s process is 
particularly appropriate in cases for which the 
segregation coefficient k does not differ greatly 
from unity, or when the impurity content must be 
kept extremely low (< 10°° atom fraction); it is 
widely used, particularly in the purification of 
materials for use in semiconductor electronic 
devices. 

It is the purpose of this paper to investigate 
theoretically the efficiency of the above refining 
processes; that is, we determine the most eco- 
nomic method of attaining a given yield of solvent 
of specified purity, taking into account the vari- 
ables of the process. One variable of interest is 
the effective value of the segregation coefficient, 
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which depends on the rate of movement of the 
liquid-solid interface and on the degree of stirring 
in the liquid; in addition to this, in the zone-re- 
fining process we are also interested in the choice 
of zone length for most efficient operation. A 
mathematical determination is made here of the 
lengths of successive molten zones which give, 

for an initially uniform distribution, the most 
efficient removal of a solute of arbitrary distri- 
bution coefficient. In order to be able to give a 
quantitative treatment of efficiency, we first de- 
fine figures of merit applicable to a given dis- 
tribution of solute. 


FIGURE OF MERIT 


Let an ingot of length L contain a distribution 
y(x) of solute; we confine our discussion to mono- 
tonic distributions, in order to avoid inconsisten- 
cies in the subsequent analysis. The first moments 
of the distribution about the origin and x = L are 
respectively 


F = Jxy(x)de [1] 
L 
G= J(L —x)y(x)dx = yoL?—F, [2] 


where y,L is the total amount of solute present. 


We shall see that the quantities F and G are use- 
ful figures of merit for a discussion of the efficiency 
of zone-refining processes. In the first place, itis 
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easily shown that when a molten zone traverses the 
ingot and displaces solute, the change in F (or in —G) 
is equal to the amount of solute displaced, multiplied 
by the distance through which it is displaced along 
the ingot. 

Reiss* has introduced a zone-melting flux f,(x), 
defined as the amount of solute carried to the right 
past the plane x on passage of the n-th molten zone; 
Iy*) may be related to F, G in the following way. 

ince 


fale) = has, 
we have 


we therefore obtain, on integrating by parts, 


L L 


L 
where F,.,, Fn (and G,.,, G,) pertain to the solute 
distributions y,_,(*), yn(x) before and after passage 
of the m-th zone. Thus the amount of impurity dis- 
placed by the n-th zone, multiplied by the distance 
through which it is displaced along the ingot, is 
equal to the integrated value of the zone- melting flux. 
For the case of a uniform solute distribution yy, 
the values of F and G are respectively 


Fo = Go= [4] 


If the total amount of solute in the ingot is y,L, we 
have 


[5] 


We now show that the values of F and G are rele- 
vant figures of merit when discussing the purifica- 
tion of the solvent, or the concentration to one end of 
the solute when considered as a desirable minor 
component. When a molten zone is passed from left 
to right along the ingot, the solute undergoes a net 
displacement to right or left for values of the dis- 
tribution coefficient R = 1. We find as a consequence 
of this that the value of F is a valid figure of merit 
for solvent purity for values of k>1, and for solute 
concentration when k < 1; conversely, G is valid as 
a figure of merit for solute concentration when 
k > 1 and for solvent purity when k <1. 

These properties of F and G can be demonstrated 
most effectively, for the case k < 1, with the aid of 
the hypothetical distributions 


[6a] 
[6b] 


ValX) = + 
yp(%) = + (x —L), 


where 6(x) is the Dirac 6-function; we have of course 


L 


From Eqs. [1], [2], and [6] the corresponding values 
of F and G are 
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G, = (€/2)y,L’; [7a] 
Fy, = (1-€/4)yoL’, G, = (A) [7b] 


When ¢ < 1, F, and F, differ by only a small amount, 
while G, is twice G;; since the concentration of 
solute at x = L differs only slightly for the two dis- 
tributions, while the solvent contains only half the 
solute for the distribution »,(x), we are justified in 
using G, F as figures of merit for solvent purity and 
solute concentration, respectively, when k< 1. If we 
Suppose all solute to be displaced to the end of the 
ingot (x = L), F and G have the values 2K = y,L? and 
zero, respectively. 

Similar analysis for the case k > 1 shows that F, 


—G now have significance as figures of merit the re- 


verse of that given above: F and G are relevant 
respectively to solvent purity and to concentration 
of solute to the plane x = 0. These properties are 
summarized in Table I. 

We are interested in the choice of conditions under 
which the maximum change in value of a figure of 
merit is produced by the passage of a molten zone. 
Since the changes in value of F and G are equal in 
magnitude, from Eq. [2], we have the important re- 
sult that the optimum conditions for improvement 
of solvent purity are also those for further concen- 
tration of the solute. 

It is convenient to specify the change in figures of 
merit on the m-th zone passage in relation to the 
greatest change possible; we define the relative 
changes 3,, 3, as the ratios 


Gy = Gna 


[8] 


The quantities 3,,3, are thus the relative changes in 
either figure of merit F, G on passage of the m-th 
zone. 


THEORY OF OPTIMUM ZONE LENGTH 


In the case of zone-refining, one problem we wish 
to solve is the following: given a distribution y(x) of 
solute whose distribution coefficient is k, what is the 
length of molten zone which, when passed through the 
ingot, leads to the maximum change in the figure of 
merit? The problem may be attacked for a variety 
of initial (monotonic) distributions, but we confine 
ourselves here to a consideration of the successive 
passage of one, two... molten zones of lengths /,, / 
... through the ingot, starting with a uniform solute 
distribution y(x) = 4; the zone length is supposed to 
remain constant during the passage of a single zone. 


Table |. Relevancy of Figures of Merit 


L 
0 


Distribution Coefficient Solvent Purity Solute Concentration 


25 


k<1 


Gs 2F, 


k>1 OF <i, 
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We make the usual assumptions of negligible dif- 
fusion of solute in the solid, complete mixing in the 
liquid, and a value of k which is independent of the 
solute concentration. 

The solute distribution after passage of the first 
zone, of length /,, is given by’ 


9, (¥) = yo{1— (1 /1,)}, 0 = = L—-h; 


[9] 

From Eq. [1] the corresponding value of F is 


{1 (1 —k)exp (—kn)}/k7(1 + 
where 
n= (L—1)/]. 


For an ingot which is normally frozen (J, = L), the 
value given by Eq. [10] becomes 


Yo 
[11] 
the relative change in the figure of merit, when 
1, = L, is given from Eqs. [8] and [11] by 
—-1 [12] 


It is easily shown that these values of 3,,5, are 
greater than those obtained for all values of /, other 
than L; consequently, normal freezing for the first 
zone passage yields the maximum change in the 
figure of merit. 

We consider next the passage of a second molten 
zone, of length 7,, through an ingot which, in order to 
make the first zone passage most efficient, has been 
normally frozen. The distribution of solute is initially 


1—x\ 


whence it follows that-the differential equation 
describing the distribution y,(x) is” 


[13] 


k-1 
of which the solution is? 
yo(x) = (Ry L/12) 


[1+ (1—2,/7)*{M(1, 1+ R(L—1)/1,) — 1}] 
x exp(—kx/l2) — {1 + 1)/L}* 
M[1, 1+k,RL{1— +1,)/L}/1,], 0 =*x=<L-1,; 


[14] 


we also have 


In these equations 


a 
1) 
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g/L 
Fig. 1—The relative change 3, in figure of merit on 


passage of a molten zone of length 1, through a normally 
frozen ingot, for chosen values of & < 1. 


is a confluent hypergeometric function. From Eqs. 
[1] and [14] we derive 


Fz = {yoL?/(1 + n)} — + exp 
+ (1+ Rk) ?n{n/(1+n)}*-{(1 +k) -M(1+ k, 2+k, 


—kn)}] [15] 
where in this expression 


From Eqs. [8], [11]and [15]values of 3,, 3; have 
been calculated for all 7, in the range (0, L), for 
chosen values of the distribution coefficient k; the 
results are shown in Fig. 1 (k < 1) and Fig. 2 

By proceeding in a similar way it is possible to 
derive analytical expressions for the figure of 
merit F, for the solute distribution y,(x) after 


0.85 


Fig. 2—The relative change 3% in figure of merit on 
passage of a molten zone of length 1, through a normally 
frozen ingot, for chosen values of k > 1. 
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passage of a third molten zone of length 1 3» and so 
on. The analysis is complicated, however, and will 
not be given here; useful conclusions can be drawn, 
already from the results given above. 


DISCUSSION 


Eq. [11] describes the variation in F, 
merit for normal freezing, as the effective distribu- 
tion coefficient k is varied by changes in such vari- 
ables of the process as, for example, the degree of 
stirring in the liquid and the speed of movement of 
the liquid-solid interface. With the aid of Eq. [12] 
these variables may be chosen to best advantage, in 
relation to other factors such as the time which can 


economically be made available for the process. If k 


remains either much greater, or much less than 

unity, Eq. [12] shows that large changes in k do not 
affect, to any appreciable extent, the values of 3, or 
os respectively. From Eq. [10] it may be shown that 


the use of normal freezing for the first zone passage, 


rather than some value of /,/L < 1, is progressively 
more important for efficiency the greater the value 
of Rk. 

On the assumption that an ingot has been normally 
frozen with an effective distribution coefficient k, 
Figs. 1 and 2 show the relative changes 5, ,3J in the 


figure of merit when a second zone is passed with the 


same value of &. It is clear from the curves that 
there is a value of the zone length 7,, for each value 
of k, which gives the greatest change in figure of 
merit, and which is therefore the most efficient both 
from the point of view of solvent purification and of 
solute concentration. For values of k very close to 
unity the optimum value of J,/L has been calculated 
as 0.289, for both Rk Z 1; the calculation involved the 
analytical determination of the maximum in 3,,33. 


iw» the figure of 


Thus the optimum value of J, has its greatest value 
(approximately 0.3 L) for any k when k is near 2. 

There has been little previous consideration of 
variations in zone length in relation to the efficiency 
of the zone-refining process. On the basis of nu- 
merical computations Burris, Stockman, and Dillon* 
and Pfann® have shown that there is merit in using 
longer zones initially to effect a rapid movement of 
solute to the impure end; the results given here sup- 
pore this view. Harman’® used initially a value 1/L 

= 0.5 in the zone-purification of InSb, gradually de- 
creasing to 1/L = 0.1; according to the calculations 
presented here, a more efficient procedure when 
distribution coefficients are unknown is to use values 
1/L = 1, 0.3 for the first two zones, and to have //L 
= 0.1 thereafter. 

Efficiency in the zone-refining process, particu- 
larly with respect to optimum rate of movement of 
the molten zone, has been discussed by Pfann.” 
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Determination of the Cerium Habit in Carbon Steel 


Vacuum-refined carbon steel melts containing specified 
amounts of sulfur were exposed to various specified amounts of 
oxygen and nitrogen after which cerium was added. The resul- 
tant metal was examined metallographically, and samples were 
extracted electrolytically in an attempt to isolate inclusions. 
With the aid of these techniques, together with the metal com- 


positional data, it was determined that the cerium habit was 


predominantly a cerium sulfide. 


Tue purpose of this investigation was to determine 
the effect of cerium upon the nonmetallic inclusions 
found in cast and wrought steel containing various 
amounts of sulfur, oxygen, and nitrogen. Interest of 
the Physical Metallurgy Laboratory of the Watertown 
Arsenal Laboratories in this type of research was 
stimulated by the reports from industry that rare- 
earth metals imparted beneficial effects upon the 
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mechanical properties of steel, but that the mechan- 
ism was not understood. 

Berry and Dorvel’ found that misch metal im- 
proved the impact properties of aluminum-killed 
cast steels. They reported that the rare earths 
modified the intergranular-film type nonmetallic in- 
clusion, present with aluminum as the sole deoxidant, 
to a randomly distributed globular type. 

Lilliequist and Mickelson’ observed the improve- 
ment of ductility and toughness of quenched and tem- 
pered cast steels through rare-earth additions. They 
also observed the change from angular to duplex in- 
clusions when rare earths were present. They con- 
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cluded that the change in inclusion type was probably 
not the complete explanation for the mechanical 
properties improvement, since other combinations of 
deoxidants can affect the inclusion change without 
affecting the mechanical properties. 

In the Steel Founder’s Society’s investigation of 
“The Effect of Rare Earth Metals in Cast Steels,’’® 
it was found that rare earths modified the size, shape, 
and color of sulphide inclusions normally found in 
aluminum-killed cast steels. As the ratio of rare- 
earth metal to sulfur increased, the sulfides changed 
from angular to globular to clustered globular types. 
In silicon-deoxidized steels there was no effect upon 
the typical sulfides. High nitrogen did not interfere 
with the effect in the aluminum-killed steels. Where 
sulfur contents were similar, the impact properties 
of rare-earth-treated steels were superior to those 
of the untreated steels. The investigators attributed 
the improvement in mechanical properties to the 
modification of the sulfide inclusions. They re- 
ported that rare-earth metals did not influence grain 
size or hardenability. 

Subsequent to the initiation of this contract 
Schwartzbart and Sheehan‘ reported that rare-earth- 
metal addition to sulfur-containing heats of forged 
steel did not affect the sulphide inclusions, even 
though the transverse toughness was improved. Rare 
earths improved the toughness of high-nitrogen heats. 

Beaver’ and associates have shown clearly that 
rare-earth additions improve the hot malleability of 
austenitic steels. The exact mechanism is unknown. 
These observations have been generally supported by 
Henke and Lula.°® 


METAL PRODUCTION 


Melting and alloying were carried out in a mag- 
nesia crucible in a closed induction furnace under 
carefully controlled conditions employing standard 
vacuum-melting techniques. Twenty-lb 3-in. diam 
ingots of AISI 1035 steel with specific additions of 
cerium, sulfur, oxygen, and nitrogen were produced. 
Sulfur was added to the vacuum-refined steel as fer- 
rous sulphide. Oxygen and nitrogen were added by 


* 
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H* H* 
% Sulfur Loss H® 
H* H 
H* 
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H % Cerium Added 
Ww H = 0.036% S Added 


* = Al deoxidized 


Fig. 1—Sulfur lowering by cerium addition in SAE 1035 
steel. 
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Fig. 2—Cerium lowering by sulfur addition in SAE 1035 
steel. 


impinging the gases directly onto the surface of the 
melt. Cerium was added by attaching lumps of the 
pure metal to a mild steel rod with the aid of fine 
nickel wire and plunging the lumps beneath the sur- 
face of the melt. Some of the heats were killed with 
aluminum prior to or coincident with the cerium ad- 
dition. 

The sulfur, cerium, and oxygen, and nitrogen con- 
tents of ingots produced in the investigation are 
shown in Table I. The aluminum content of aluminum 
killed heats was on the order of 0.10 pct. The last 
four heats in the Table were air melted. 

Figs. 1 through 5 show a number of compositional 
data plots for the purpose of illustrating trends in 
cerium content as related to sulfur and oxygen con- 
tent. Stoichiometric as well as equilibrium relation- 
ships are considered. 

Fig. 1 shows that cerium is reacting with and re- 
moving sulfur from the melt. From Fig. 2 it ap- 
pears that there is only a slight tendency, if any, for 
sulfur to remove cerium. This appears at first to be 
a rather odd occurrence in stoichiometry, but can be 
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Fig. 3—Cerium-sulfur equilibrium in SAE 1035 steel. 
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Fig. 4—Oxyben lowering by cerium addition in SAE 1035 
steel. 


explained by assuming that something besides sulfur 
is removing cerium. The plot in Fig. 3 shows an in- 
verse relationship between the sulfur and the cerium 
content. 

Fig. 4 shows that cerium is removing oxygen. A 
definite equilibrium relationship exists between the 
oxygen and the cerium content as shown in Fig. 5. 
This appears to be a closer equilibrium relationship 
than that between sulfur and cerium. It can be shown 
by similar plots that cerium shows no tendency to 
remove nitrogen. 

It could be shown in plots similar to the above that 
there was a Slight tendency for the retained alumi- 
num concentration to increase as the nitrogen con- 
tent increases. Similarly, it could be shown that the 
aluminum concentration appeared to be an inverse 
function of the oxygen content, as expected. 


METALLOGRAPHIC EXAMINATION 


As-cast metallographic specimens were taken at 
mid-radius near the bottom of the ingot. The cropped 


Oxygen 
ppm 


% Cerium Found 
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Jy = Al deox. air melted 


Fig. 5—Cerium-oxygen equilibrium in SAE 1035 steel. 
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Table |. Ingot Composition Analysis Results 


Gas Content, 


Heat Ce* S* Ppm 

No. Added Added Deox. Pct S Pct Ce O N 
x) N if, None 0.011 0 110 86 
6 L L None 0.012 0.05 93 90 
7, M Ib; None 0.011 0.022 76 110 
8 H Jt None 0.005 0.032 57 42 
4 N M None 0.023 0 120 150 
9 L M None 0.020 0.014 - - 
10 M M None 0.025 0.028 120 160 
11 H M None 0.006 0.024 48 110 
HG N H None 0.038 0 99 120 
12 L H None 0.040 0.013 100 83 
13 M H None 0.034 0.017 66 100 
14 H H None 0.026 0.026 37 99 
17 L L None 0.012 0.029 9 44 
19 L if. None 0.012 0.023 9 43 
18 L M None 0.012 0.028 6 42 
40 L L Al 0.012 0.012 12.5 50 
41 M Le Al 0.011 0.016 15 130 
42 H L Al 0.006 0.075 6 80 
43 L H Al 0.025 0.012 9 80 
44 M H Al 0.020 0.006 42 120 
45 H H Al 0.010 0.028 5 80 
46 N L Al 0.029 0 20 10 
47 L L Al 0.017 0.006 30 10 
48 M L Al 0.012 0.017 11 11 
49 H iL; Al 0.005 0.031 14 20 
50 N H Al 0.037 0 13 10 
yl L H Al 0.028 0.007 9 20 
52 M H Al 0.019 0.005 14 20 
53 H Hie At 0.007 0.012 5 10 
58 L L Al 0.014 0.047 4 330 
59 H L Al 0.011 0.067 1 320 
60 L H Al 0.018 0.042 2 240 
61 H H Al 0.014 0.082 2 190 
62 L IE; Al 0.014 0.023 195 190 
63 H L Al 0.010 0.038 95 70 
64 L H Al 0.014 0.027 96 90 
65 H H Al 0.031 0.042 97 60 

*L = 0.012 pct S added or 0.05 pct Ce added 

M = 0.025 pct S added or 0.12 pct Ce added 

H = 0.036 pet S added or 0.25 pct Ce added 

N = no Ce added 


ingots were then forged to 2 1/2-in. by 1/2-in. slabs 
over the temperature range 2100° to 1800°F. Forged 
specimens were taken near the bottom end of the 


forging. 


The inclusions were examined and photographed in 
the unetched condition under incident light and pola- 
rized light as well as dark-field illumination. An at- 
tempt was made to identify the habit of the particular 
inclusion type that was found to be associated with 
the presence of cerium. 

In the case of the steels without aluminum addition, 
it was particularly noted that cerium had the effect of 
reducing the average inclusion size and that inclu- 
sions occurred less in clusters, so that distribution 
was more even. This effect was not predominant in 
the aluminum-killed steels. 

In addition to typical silicate, sulfide, aluminum 
oxide, and aluminum nitride inclusions, one new-type 
inclusion was found which was shown to be definitely 
associated with the presence of cerium. Examples 
of this type of inclusion are shown in Figs. 6 and 7. 
These inclusions were generally quite small, were 
complex gray and black in color, and were usually 
found one at a time, and not in clusters. The gray 
portions were a different shade than that of the typi- 
cal sulfide. They did not elongate plastically on 
forging. They were difficult to locate under reflected 
white light because of their small size and lack of 
distinguishing color. However, under polarized light 
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clusion—upper 
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Heat 47 As Cast 


with crossed nicols, the gray portion appeared as a 
bright red light of various shades, sometimes blend- 
ing to orange, and the black phase disappeared. As 

a result, they could be easily located. The red por- 
tions were completely removed after etching with 
hydrochloric acid, this indicates that the inclusion is 
not an oxide and that it could be a sulfide. Their 
presence in the oxygen-free heats 58,59, and 61 defi- 
nitely proved that they were not oxides. The red por- 
tion reacted negatively to the Whiteley sulfide test.” 
However, this cannot be accepted as evidence against 
their being sulfides in view of the fact that the White- 
ley test has been demonstrated only for manganese 
sulfide. Heats 46 to 53, inclusive, contained very 
little nitrogen, but still showed the presence of 
cerium-type inclusions. This shows that the inclu- 
sion is not a nitride. It was concluded that the in- 
clusions contained cerium sulfide. 


ELECTROLYTIC EXTRACTION 


A modification of the electrolytic method developed 
by Klinger and Koch® was selected as the best method 
of isolating the inclusions. Selection of this rather 
tedious procedure was based mainly on the fact that 
it was one of the few methods that left sulfide (as 
well as the oxide) inclusions intact in the residue. 

A rough sketch of the extraction apparatus is 
shown in Fig. 8. The anolyte consisted of a neutral 
aqueous solution of 15 pct sodium citrate, 1.2 pct 


Anolyte 


(+) 


Tube for 
_ Sampling 
Anolyte 


Waste Anolyte 


A. Catholyte 

C. Anolyte 

S. Sample 

D. Porous alundum plate impregnated 
with agar agar 
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G. Glass pipes 

J. Glass Jor 

M. Micarta insulation 

L. Cathode Copper Screen 


Fig. 8—Electrolytic inclusion isolation apparatus. 
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Fig. 7—Large 
cerium inclusion. 
X1000. Reduced 
approximately 50 
pet for reproduc- ~ 
tion. 


Heat 47 Forged 


potassium bromide, and 0.6 pct potassium iodide. 
The anode chamber was kept under argon. The 
catholyte consisted of a 6 pct aqueous solution of 
cupric bromide. The runs were of 24 hr duration at 
an average current of a little over 1 amp resulting 
in total solution on the order of 30 g per specimen. 

Only those heats to which aluminum had not been 
added were extracted. The specimens were norma- 
lized in an argon atmosphere for 1 hr at 1750°F and 
quenched in brine. It was shown by chemical analy- 
sis and X-ray diffraction on residues from non- 
hardened specimens that iron carbide was largely 
insoluble and remained in the residue. 

Cerium analyses on residues, both before and 
after extraction with hydrochloric acid, showed that 
the cerium species was completely soluble in acid. 
This was taken as direct evidence that the species 
is most likely a sulfide and quite definitely not an 
oxide. 

Microscopic examination of residues indicated 
that a small round orange-pink, semiopaque inclu- 
sion less than 0.001 in. in diam was associated with 
the presence of cerium in the metal. When residues 
were treated with 1N hydrochloric acid at 100°C, 
these inclusions disappeared. 


DISCUSSION 


The weight of the evidence points to the existence 
of cerium sulfide inclusions in the steel. Cerium 
definitely reacts with oxygen in the melt, but the 
reaction product oxide probably slags off. 

The evidence in favor of the cerium species being 
a sulfide is a) that the cerium species is soluble in 
hydrochloric acid as shown by etch tests on metal- 
lographic specimens as well as by acid solution tests 
on the electrolytically isolated residues, b) that 
cerium reduces the sulfur content of the steel melt, 
and c) an orange- or pink-type inclusion was found to 
be associated with cerium, as shown both by elec- 
trolytic residue examination and by metallographic 
techniques. The latter is taken as evidence in view 
of the fact that cerium sulfide, Ce, S3, can exist as 
an orange crystal. 

Cerium definitely was shown to lower the oxygen 
content of steel. It must be conceded that it is pos- 
sible that a cerium oxide inclusion could have been 
overlooked in the metallographic examination. How- 
ever, in view of the fact that cerium oxide is in- 
soluble in acids, the fact that the cerium species, as 
recovered in the electrolytic residue from silicon- 
killed steel, was completely soluble in hydrochloric 
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acid must be taken as quite conclusive evidence that 
cerium oxide does not exist as an inclusion in the 
metal. From thermodynamic considerations, it is 
not considered likely that cerium would react with 
aluminum oxide, therefore, the same conclusion 
Should apply to aluminum-killed steels. This is not 
incompatible with the existence of a concentration 
equilibrium between cerium and oxygen. Rough 
analyses on the melt crucible indicated a large 
loss of cerium into the crucible in amount equal to 
a good fraction of the cerium charged. 

The fact that cerium reduces the concentration 
of sulfur and oxygen, but that sulfur and oxygen do 
not remove the cerium to any great extent can be ex- 
plained by assuming a third cerium remover. It is 
suggested that perhaps the cerium concentration is 
reduced by reaction with the magnesia crucible. 

No evidence of reaction of cerium with nitrogen 
or of formation of cerium nitride was observed, al- 
though it might be possible at very high nitrogen 
contents. 

In view of the fact that the cerium species has been 
identified as cerium sulfide, it must be concluded 
that the electrolytic isolation method of Klinger and 
Koch is suitable for the retention of cerium sulfide 
as well as iron and manganese sulfides. 

The equilibrium between cerium and sulfur in 
liquid iron was studied at M.I.T. by Langenberg and 
Chipman.” They found the product (% Ce) (% S) to be 
1.5 X 10° at 1600°C. This is in fair agreement with 
the data, shown in Table I, obtained in this work 
where the (% Ce) (% S) product varied from 1 x 1073 
LOT: 

The following conclusions may be drawn from the 
work: 

1) The cerium species is predominantly a cerium 
sulfide existing as an orange-red inclusion. 

2) Cerium oxide also forms, but most of it slags 
off so that very little is found in the ingot. 


3) Cerium nitride does not form to any noticeable 
degree. 

4) Cerium lowers the oxygen and sulfur concentra- 
tion in the melt, but has no effect on the nitrogen 
content. 

5) At least in the steels to which aluminum was not 
added, cerium tends to break up and disperse inclu- 
sion clusters, and to make the inclusions smaller. 

6) The electrolytic extraction technique of Klinger 
and Koch is satisfactory for cerium sulfide. 
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Growth of Single Crystals of Stainless Steel 


R. D. Leggett, R. E. Reed, and H. W. Paxton 


TrcuniQues have been developed for growing 
monocrystals and bicrystals of Fe-20 Cr, Fe-20 Cr- 
20 Ni, and Fe-18 Cr-8 Ni alloys by both the strain- 
anneal and the Bridgeman techniques. None of the 
techniques are new but since they are simple and 
many people have expressed interest, they are de- 
scribed here quantitatively as they could be modi- 
fied for other single-phase ‘‘commercial’’ materials 
of high melting point. 
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Technical Note 


CRYSTAL GROWTH BY STRAIN ANNEAL 


Flat tensile specimens with a tapered gage length 
were initially studied to deduce the approximate 
critical strain. Normal flat tensile specimens were 
then used. 

The optimum procedure for the austenitic steels 
(Fe-Cr-Ni) deduced from a variety of cold reduc- 
tions, recrystallization treatments, tensile strain, 
and growth anneals was as follows: cold reduce 
70 pet, recrystallize (after machining tensile speci- 
mens) at 1000°C for 1 hr, strain in tension 2.5 pct, 
and then heat to 1350°C as rapidly as possible. A 
time of 100 hr at 1350°C is usually sufficient to pro- 
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duce monocrystals about 1 in. long. Twins are 
normally present in crystals grown in this manner 
but are minimized after long anneals. Single crys- 
tals of the ferritic steel (Fe-20 Cr) can be grown 
with the same technique except that the final an- 
nealing temperature need only be 1200°C. The 
ferritic crystals contain no twins and grow much 
more rapidly, consuming the entire 2-in. gage 
length in less than 100 hr. 


CRYSTAL GROWTH FROM THE MELT 


One of the more recent studies of growing alloy 
monocrystals using ferrous alloys was by Hall’ 
who dropped a pointed crucible through an induc- 
tion heating coil in order to grow Single crystals 
of Fe-Al and Fe-Si alloys. An apparatus similar 
to Hall’s was constructed and attempts were made 
to grow stainless steel crystals. Crystals of the 
Fe-20 Cr alloy could be grown with relative ease 
at about 1 in. per hr, but the austenitic alloys did 
not show much promise, even when the rate of 
solidification was reduced to 1/4 in. per hour. 
Accordingly, other techniques were examined and 
the following procedure was evolved. 


This method involves removing a closed end 1-in. 
ID alumina tube containing a 15-cc recrystallized 
alumina boat filled with molten alloy from a hori- 
zontal resistance furnace at the rate of 2 1/2 in. per 
hr. After the furnace has reached a maximum tem- 
perature of about 50°C above the liquidus of the alloy, 
the power is adjusted so that the temperature con- 
tinues to rise at about 10°C per hr and the tube is 
slowly removed from the furnace. An inert atmos- 
phere is maintained at all times in the tube by allow- 
ing purified argon or helium to flow through the tube 
at a slow, constant rate. The mechanism did not 
always result in an absolutely smooth tube move- 
ment, but this was not observed to be detrimental. 
Accidental jostlings of the laboratory bench, on the 


Transformation Twins in Alpha Iron 


D. S. Hutton, G. L. Coleman, and W. C. Leslie 


Tre occurrence of twins in a@ iron, generated dur- 
ing cooling through the y-a@ transformation, is well 
established, *~° but this phenomenon has been nearly 
ignored during the past 20 years. It is the purpose 
of this note to call attention to the prevalence of 
such twins and to illustrate their appearance. 

The work of Paxton’ and Kelly® has demonstrated 
beyond reasonable doubt that for Neumann bands 
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other hand, were observed to cause poor results, 
i.€., many crystals, and should be avoided. 

This technique has produced single-crystal ingots 
of Fe-20 Cr-20 Ni and large-grained ingots of Fe-18 
Cr-8 Ni which had monocrystalline regions over an 
inch. According to the phase diagram® the Fe-20 
Cr-20 Ni alloy freezes to austenite but the Fe-18 
Cr-8 Ni alloy freezes to 5 ferrite plus austenite. 
The crystals of Fe-18 Cr-8 Ni in the ‘‘as-grown’’ 
condition are indeed observed to consist of a con- 
tinuous y phase containing islands of 6 ferrite. The 
ingots are ferro magnetic. After annealing at 1200°C 
for about 80 hr the islands are absorbed without re- 
crystallizing the y phase and, the ingots are, of 
course, no longer magnetic. 

This same technique has also been successful in 
growing bicrystals of Fe-20 Cr-20 Ni. The only 
modification involved building a thin wall of alumina 
projecting about 1/2 in. from one end of a recrys- 
tallized alumina boat and continuing as a ridge about 
1/16 in. high down the center of the boat to keep the 
boundary straight. Controlled orientation differ- 
ences can be produced by the use of seeds. 

While segregation should occur with the freezing 
pattern involved, analysis of both ends of a crystal 
showed this to be very small. Typical figures are 
given below: 


Cr Ni C N 
Front 20.06 20.08 0.0019 0.016 
Back 20.42 20.24 0.0019 0.018 
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Technical Note 


(mechanical twins) in a iron the twinning plane is 
{112} and the twinning direction <111>. The agree- 
ment with McKeehan’s earlier work* on transfor- 
mation twins indicates that both types of twins in 
ferrite follow the same twinning law. There is little 
doubt of this conclusion, but it could be strengthened 
by a microbeam X-ray determination of the orien- 
tation relationship between a single ferrite grain and 
a transformation twin within that grain, as in the 
technique used by Kelly*® on Neumann bands. 


RESULTS AND DISCUSSION 


Transformation twins, identified by their appear - 
ance on a polished and etched section, were found in 
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A- TWIN WEDGE 

B- PARTIAL TWIN BAND, TWO 
COHERENT INTERFACES 

C- PARTIAL TWIN BAND, THREE 
COHERENT INTERFACES 

D- ENCLOSED TWIN BAND 

E- TWIN BAND 

F- SINGLE COHERENT BOUNDARY 


COMPLEX PARTIAL 

HJ TWIN BANDS 

PARTIALLY COHERENT 
BOUNDARY 


Fig. 1—Typical forms of transformation twins observed in 
high-purity irons and low-carbons steels. (After Boilling 
and Winegard.) 


zone-refined iron, in several ‘‘high-purity’’ irons, 
in iron-manganese alloys containing up to 0.5 pct Mn, 
in enameling iron, and in low-carbon open-hearth 
steels. Indeed, they were found in all low-carbon 
steels examined when an attempt was made to locate 
them. They were observed after heating above the 
Ae, temperature, followed by cooling at various 
rates from furnace cooling to quenching in iced 
brine. They were also observed in as-cast struc- 
tures and in hot-rolled sheets. Transformation 
twins in ferrite are generally inconspicuous and 

can easily escape notice. They are made more ob- 
vious by heavy etching and by use of oblique illum- 
ination. 

Transformation twins in a iron take many shapes, 
as shown in Fig. l. These include all the forms 
shown by Bolling and Winegard? for annealing twins 
in fec metals, and in addition, some more complex 
types. Straight-sided twins spanning an entire grain, 
Fig. (le),are the exception. Noncoherent (irregular) 
interfaces are common, Fig. l(a), and their presence 
makes metallographic identification of twins quite 
uncertain. Typical transformation twins are shown 
in: Fig.-2. 

The density of twins was measured in an Fe-0.5 
pet Mn alloy, hot-rolled to 1/2-in. plate, air cooled, 
reheated to 1900°F, and again air cooled. The struc- 
ture contained about 24 grains per sq mm, and the 
density of twins was in the range 1 to 10 per sq mm 
This large range is due to the difficulty of identify- 
ing twins by this metallographic technique. Twins 
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Fe—0.5 pet 


A. High-purity 
iron normalized 
1700°F, 


Mn hot-rolled, 
air cooled, 


Fig. 2—Typical transformation twins in wiron. X500. 
Ammonium persulfate etch. Reduced approximately 27 
pet for reproduction. 


were observed over a range of grain sizes from 2 to 
1000 grains per sq mm. Their frequency increased 
with increasing grain size. 

As a check on orientation of the transformation 
twins, mechanical twins (Neumann bands) were pro- 
duced in a high-purity iron by cooling specimens in 
liquid nitrogen, then giving them a heavy hammer 
blow. Parallelism was noted between two coherent 
interfaces of a transformation twin and two direc- 
tions of Neumann bands in a Single grain. This re- 
sult, with the previous determinations of O’Neill° 
and McKeehan,” led us to conclude that the twinning 
planes for transformation twins are {112}, the same 
as for mechanical twins. 

After the completion of this work, one of our 
specimens was examined by a microfocus X-ray 
technique by Dr. R. W. Cahn and coworkers at the 
University of Birmingham, England. They confirmed 
that the coherent interfaces were {112} planes. Inas- 
much as a pair of twinned grains can have three 
{112} planes in common, a twin can be entirely 
bounded by coherent interfaces. 
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An X-Ray Method for the Determination 


of Beta Phase in a Titanium Alloy 


The volume fraction of B phase was determined in a Ti-6Al-4V 
alloy by measurements of integrated diffraction intensities. The 
(0002), and (110)g diffraction lines were chosen because this com - 
bination minimizes the errors resulting from preferred orientation. 
The difficulties arising from fluorescence radiation were eliminated 


by use of a diffracted beam monochromator. 


A specimen quenched from 1475°F (800°C) contained approxi- 


mately 5 pct B, but in specimens quenched from higher temperatures 


B. L. Averbach 


no B was found. The B phase formed during aging, and in specimens 


solution treated at 1570°F (855°C) approximately 10 pet B was pres- 
ent after aging at 1000°F (540°C) for 24 hr. This B appears to form 


by decomposition of martensitic a’. 


Tue kinetics of the reactions which occur during 
the heat treatment of titanium alloys are complex 
and not completely understood. It has been pro- 
posed that hardening occurs in some alloys’ on aging 
by the precipitation of a transition phase w followed 
by the formation of the stable a and 8 phases. It has 
been proposed for other alloys’ that the a’ marten- 
site decomposes by precipitating finely dispersed a 
particles. Most investigations have been hampered 
by the difficulties of determining quantitatively the 
amounts of the various phases present. This paper 
is concerned with the measurement of the amount of 
8 phase by an X-ray method, similar to one devel- 
oped for the determination of retained austenite.° 
The principal new feature was the use of a mono- 
chromator in the diffracted beam in order to reduce 
the fluorescence arising from the sample. 


EXPERIMENTAL PROCEDURE 


The experiments were carried out on an alloy of 
nominal composition Ti-6A1-4V (actual weight per- 
centages: 6.2 Al, 4.1 V, 0.02 Mn, 0.17 Fe, 0.005 H, 
0.03 C, and 0.02 N). The material was received as 
*/,-in.-diam centerless ground rods in the annealed 
condition. The heat treatments were carried out in 
a vacuum of approximately 0.03u Hg. 

The X-ray intensity measurements were made on 
/,-in. thick discs. The surface was prepared by 
grinding off about 0.060 in. and electropolishing in 
a solution of 60 ml (70 to 72 pct) perchloric acid in 
1000 ml glacial acetic acid with a current density of 
0.5 amp per sq cm.* 

The X-ray determination is based on the pro- 
portionality of the diffracted intensity of each line 
to the volume fraction of the corresponding phase. 
In calculating the intensities for a powder sample 
it is assumed that a large number of grains con- 
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tributes to the diffracted intensity and that the 
grains are oriented at random. The presence of 
preferred orientation introduces serious errors in 
the relative intensities. 

The material used in this investigation exhibited 
a strong preferred orientation, which could not be 
removed by heat treatment. Other investigators 
have also found that preferred orientation may be 
retained after phase transformations. Glen and 
Pugh® performed a detailed analysis of the random- 
ness expected after several allotropic transforma- 
tions, but stated that this is not observed. Burgers,° 
and Burgers and Ploos van Amstel,” found that, in 
zirconium, the original orientation is retained after 
two phase transformations. Newkirk and Geisler® 
observed similar behavior in titanium. On the basis 
of this evidence, it appears that, in the absence of 
plastic deformation, textures present in annealed 
titanium alloys are retained. Heating an a-8 alloy 
to the all-6 region and subsequent cooling to room 
temperature do not make the orientation of the mar- 
tensite different from that of the original a phase. 

In the present investigation it was possible to take 
advantage of the crystallographic relationships in- 
volved in the martensitic transformation to mini- 
mize the errors associated with preferred orienta- 
tion. The relative orientation for titanium marten- 


site® takes the form (0001)g (110)g; [1120], II [111],. 


The same relationship has been proposed for zirco- 
nium® and certain titanium-base alloys.’°-!? Addi- 
tional sets of approximately parallel planes have 
been determined for titanium-nickel alloys." The 
influence of preferred orientation can be minimized 
by comparing intensities from parallel planes in the 
two related phases. If it is assumed that each family 
of planes in a given phase is equally well populated, 
the effect of preferred orientation can be eliminated 
by using the normal multiplicity for the family of 
planes since each set of parallel planes is equally 
preferred for any orientation of the sample relative 
to the X-ray beam. The most suitable combination 
of reflections in the Ti-6Al-4V alloy appeared to be 
(0002), and (110)g. 

It must be recognized that the B formed during 
aging of the Ti-6A1-4V alloy is a precipitate rather 
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Fig. 1—X-Ray geometry. 


than the product of a shear-type transformation. 
Nevertheless, comparison of intensities of lines 
from parallel planes in a and 8 appears to be 
meaningful as there exists considerable evidence 
that diffusion-controlled reactions, as well as 
shear-type transformations, obey orientation re- 
lationships in which the close-packed planes of the 


precipitate form parallel to those of the matrix.}s1°)!4 


Another problem arose since most of the com- 
monly available Ka radiations excite fluorescence 
in titanium-base alloys. This made the detection of 
weak lines difficult. A diffracted beam monochrom- 
ator, similar to that described by Lang,’® was used 
to minimize this difficulty. Fig. 1 shows a sche- 
matic view of the X-ray arrangement. A divergent 
X-ray beam defined by slit S, was diffracted by the 
polycrystalline sample and approximately focussed 
at the scanning slit S,. This slit acted as the source 
for a beam diverging to a bent lithium fluoride mon- 
ochromator. The monochromated beam was fo- 
cussed at the receiving slit S, of a Geiger counter. 
This arrangement had good wavelength selectivity. 
The peak-to-background ratio was adequate even 
for weak lines. The sample was rotated about an 


axis normal to its face in order to reduce the effects 
of coarse grain size. A line-focus iron target tube 
was used with a Soller slit, which limited the ver- 
tical divergence to about 2.4 deg. The line profiles 
were recorded on a strip chart with the integrated 
intensities proportional to the areas above back- 
ground. 

Recent experiments have shown that comparable 
results can be obtained with CuKa radiation, a 
scintillation counter, and pulse-height discrimina- 
tion."° Fluorescence radiation is reduced substan- 
tially by this technique, and the line intensities can 
be integrated directly by using wide slits at the re- 
ceiver. The resulting line integration provides 
enhanced sensitivity and accuracy for weak lines. 
The second-order lines (0004), and (220), are re- 
quired to provide the necessary resolution. 

The diffracted intensity for each line from each 
phase in a random polycrystalline sample is given 
by: 


I; = const K;V; [1] 
where 
I, = diffracted intensity for a given line, 7 


_ m,(LP) 
; multiplicity; m(110)6 = 12, m(0002)a = 2 
_ 14 cos? 26 cos” 26m 


LP Sin 6 sin 26 

7) = Bragg angle for each line 

6,, = Bragg angle for monochromator; (200) lithium 
fluoride ; 

F; = structure factor for each line 

vo; = volume of unit cell 

— temperature factor 

V; = volume of each phase diffracted 


For a sample containing two phases, q@ and 8, the 
ratio Va/Ve may thus be obtained from a measure- 
ment of the intensity of one line diffracted from 
each phase. 


Table I. Intensity Factor, K;, for Alloy Ti-6AI-4V 


(hkl) sind 

Alpha Beta A FeKa, CoKka CuKa MoKa 
0.198 4.5 8.6 9.2 63.9 

ae 0.214 4.9 8.1 8.5 66.1 
110 0.220 28.3 34.4 52.6 368.0 

1011 0.224 19.0 23.4 32.7 259.0 
1012 0.291 235 3.3 4.6 37.6 
200 0.311 4.7 5.6 7.9 59.1 

1120 0.342 5.0 40.6 
211 0.369 16.3 130.0 

1013 0.377 3.8 4.4 5.6 43.9 
2020 0.394 0.6 0.6 0.8 6.3 
1122 0.404 4.4 4.8 5.8 45.5 
2021 0.409 Biz 3.5 4.1 32.0 
0004 0.428 0.7 0.7 0.8 5.9 
220 0.440 4.1 4.2 4.6 32.0 

2022 0.449 1.0 1.0 1.0 7.3 
1014 0.471 1.0 0.9 0.7 5.9 
310 0.488 9.7 7.4 5.9 41.0 


Notes: 1. Calculations based on LiF (200) monochromator. 
2. va = 34.2 43, vg = 33.2 
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The values for the intensity factor K; are tabu- 
lated in Table I. The volume of the unit cell, v;, 
was calculated from lattice parameters measured 
on the X-ray spectrometer. The values used, 

Vq = 34.24% and vg = 33.2A°® were measured on a 
sample held at 1400°F (760°C) for 24 hr. They dif- 
fer only slightly from the values obtained from the 
lattice parameters of pure titanium. Also, the form 
of Eq. [1] is such that it tends to minimize the ef- 
fects of errors in K, since ratios of intensities are 
used. 

The temperature factor was calculated by the 
methods outlined by James.’’ The Debye tempera- 
ture for pure titanium was calculated as 320°K from 
the elastic constants. The characteristic tempera- 
tures of both phases of the alloy were assumed to be 
the same as that of titanium. The nominal composi- 
tion of the alloy was used in calculating the struc- 
ture factors for each phase. This approximation is 
relatively good for the a phase since its composition 
does not appear to differ greatly from the nominal 
composition after most heat treatments. The com- 
position of the 8 phase can vary considerably from 
the nominal, but the error introduced in the struc- 
ture factor is small since the discrepancy in com- 
position appears to involve mainly the vanadium 
content. A dispersion correction for the atomic 
scattering factors’” was computed as — 1.0 for FeKa 
with vanadium and—0.3 units or less for FeKa with 
the other elements. 


RESULTS 


One series of specimens was treated at 1840°F 
(1005°C) for 15 min and quenched into water. These 
specimens were then solution treated for 1 hr at 
1840° (1005°C), 1795° (980°C), 1760° (960°C), 
1700° (925°C), 1650° (900°C), 1610° (875°C), 
1570° (855°C), 1520° (825°C), and 1475°F (800°C) 
and water quenched. 

No 8 phase was found in any specimen after solu- 
tion treatment with the exception of the sample 
quenched from 1475°F (800°C); 4.9 vol pct 8 was 
found after this treatment. It is estimated that as 
little as 0.5 pct of 8 could have been detected by the 
X-ray technique. 

Another series of specimens were solution 
treated for 1 hr at 1570°F (855°C), water quenched, 
and aged for various times at 1000°F (540°C). As 
Fig. 2 shows, the 8 phase was absent during an in- 
cubation period of about 10 min; the amount of 6 
increased to approximately 10 pct after aging for 
24 hr. On the basis of these data it appears that in 
this alloy 6 transforms to martensite on quenching 
except after solution treatments at low tempera- 
tures. At low solution temperatures the alloy con- 
tent of the 8 may be high enough to prevent complete 
transformation during the quench. 

Sherman and Kessler’*® investigated the mechan- 
ical properties of Ti-6Al-4V quenched from various 
temperatures between 1850°F (1010°C) and 1300°F 
(705°C). In their investigation of the properties and 
structures they concentrated on samples solution 
treated at 1550°F (845°C) and at 1750°F (955°C). 
Their metallographic results indicated that the alloy 
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Fig. 2—Volume percent of B phase present in specimens 
solution treated at 1570°F (855°C) 1 hr, water quenched, 
and aged at 1000°F (540°C). 


consisted entirely of a and coarse a’ when quenched 
from 1750°F (955°C) and was fine-grained a plus 
retained 6 when quenched from 1550°F (845°C). 
However, it must be recognized that metallography 
is often unable to resolve fine-grained a’. Recent 
work by X-ray diffraction and electron microscopy 
has shown that islands which appeared to be £ had, 
in fact, transformed to a’.’® The metallographic 
study of Sherman and Kessler*® showed a definite 
coarsening of the structure when the quench from 
1750°F (955°C) was delayed more than 25 sec, but 
no apparent change when the quench from 1550°F 
(845°C) was delayed. All quenches used in the 
present investigation were more rapid. 


At solution temperatures below 1760°F (960°C) it 
was possible to resolve the a and qa’ lines, but the 
resolution was not good enough for determination of 
the relative amounts of these phases. A shift of the 
B peaks to higher Bragg angles was noted as the 
aging time at 1000°F (540°C) was increased, indi- 
cating a change of composition. The maximum shift 
was about 0.25 deg 29. No significant line shifts 
were noted for the a phase. 

On aging, the a and a’ lines sharpened, even after 
the two short aging treatments, before any 6 phase 
was detected. After aging for 1 hr at 1000°F 
(540°C), the diffraction lines of a’ had disappeared 
and the remaining qa lines were sharp enough to 
allow a resolution of the FeKa doublet. The dif- 
fraction lines continued to sharpen and after 24 hr 
the FeKa@ doublet could be resolved for the B re- 
flection as well. The growth and shift of the 8 peaks 
and the gradual disappearance of the a’ peak during 
aging suggest that a’ decomposes to @ and £.There 
seemed to be no splitting of the 8 peak which could 
be attributed to the formation of 6 with the compo- 
sition of a’ during the reaction. By metallographic 
observation Rausch, Crossley, and Kessler” found 
that Ti-6Al-4V is all a at 1112°F (600°C). However, 
its composition lies very close to the phase bound- 
ary, as determined by these authors, and recent un- 
published data show that, even after aging for 13 
days at 1000°F (540°C), the volume fraction of 8 
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present has no tendency to decrease; similar be- 
havior was found at aging temperatures of 900°F 
(480°C) and 1100°F (590°C), 

There was no evidence of the formation of w phase 
during the aging. This is not surprising since no un- 
stable 8 was present in the quenched alloys. 


CONC LUSIONS 


An X-ray diffraction method has been developed 
for determining the relative amounts of 8 and a 
(or @’) present in the alloy Ti-6Al-4V. The results 
indicate that little of the 6 phase is retained on 
quenching from the solution temperatures normally 
used for this alloy. On aging at 1000°F (540°C) the 
martensitic phase appears to decompose to @ and 8. 
Up to 24 hr the amount of 8 increases with aging 
time. The increased hardness which results from 
aging seems to be associated with the precipitation 
of finely dispersed a and 6 from the martensitic 
phase. 
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The Constitution of Delta-Phase Alloys of the 
System Uranium-Zirconium-Molybdenum 


An investigation of the 5-phase relationships between the uranium - 
zirconium and uvanium-molybdenum systems was conducted. A ternary 
cut joining U-31.5 at. pct Mo to U-74 at. pct Zr is presented on the basis 
of differential thermal analysis, metallographic and X-ray diffraction 
data. Hypothetical isothermal ternary sections, inferred from the de- 


termined 6-phase relationships, are presented for the uranium -zir- M. S. Farkas 
conium-molybdenum system. 

A ternary eutectoid, at 454°C, was found in zirconium-rich alloys. A. A. Bauer 
Its composition, based on metallography and electron-beam micro- 
analysis, is estimated as U-61.7 at. pct Zr-7.1 at. pct Mo. F.A. Rough 


Uranium binary systems have been studied exten- 
sively in the past to supply basic information needed 
in reactor-fuel development. Alloys of uranium with 
zirconium, molybdenum, and titanium are of particu- 
lar interest because, in these binaries, extensive or 
complete solid solubility between the body-centered- 
cubic forms of these elements and y uranium exists. 
In addition, an intermediate phase of limited solid 
solubility forms in each of these systems by trans- 
formation of the high-temperature y-uranium phase. 
Previous investigation of the phase relationships 
existing between the intermediate 6 phases in the 
uranium-zirconium-titanium and the uranium-molyb- 
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denum-titanium ternaries have already been re- 
ported. ? The results of an investigation of the 
phase relationships existing between the 5 phases in 
the uranium-zirconium-molybdenum system is re- 
ported here. 

The phase equilibria that occur in the Solid-state 
portions of the pertinent binary systems are shown 
in Fig. 1. Phase nomenclature appearing throughout 
the report is as shown in these diagrams. The crys- 
tal structure of the phases in this system are given 
in Table I. 


EXPERIMENTAL PROCEDURES 


Alloys were cast and fabricated to 1/4-in.-diam rod. 
Specimens were heat treated and examined by metal- 
lographic and X-ray techniques. Thermal-analysis 
data were obtained. 
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Fig. 1—Solid-state portions of the uranium-zirconium,? 
uranium-molybdenum,‘ and zirconium-molybdenum® con- 
stitutional diagrams. 


Alloy Preparation—Biscuit uranium, high-purity 
molybdenum sheet, and crystal-bar zirconium were 
arc melted and cast into 3-in.-long by 1/2-in.-diam 
wire bars. 

In addition to alloys prepared for investigation of 
the ternary cut, alloys of high-zirconium and high- 
molybdenum content were prepared for more de- 
tailed studies of terminal solid solubility. Others 
were also prepared to aid in locating the ternary 
eutectoid composition of the y phase of zirconium- 
rich alloys. Alloys 1 to 13 lie on the ternary cut 
while 14 to 18 are high in zirconium and 19 to 22 are 
high in molybdenum. The eutectoid alloys are num- 
bered 30 to 35. Compositions are given in Tables II 
and III. 

A 3/4-in. section of each as-cast bar was removed 
for differential thermal analysis. The remainder of 
the bar was fabricated to 1/4-in.-diam rod. Alloys 
high in zirconium were put into steel tubes with zir- 
conium getter chips. The tubes were welded shut and 


686—-VOLUME 215, AUGUST 1959 


Table |. Crystal Structure of Phases in the U-Zr-Mo System 


Structure 
Phase Designation Crystal Structures Type 
aU Orthorhombic CmCm 
Y u-Mo’ Yu-zrY Uranium Body-centered cubic Im3m 
y-Mo Tetragonal I/mmm 
U-Zr Hexagonal C.¢/mmm 
ZrMo2 MgCuy type Fd3m 
Zr Hexagonal C.6/mmm 
€-Mo Body-centered cubic Im3m 


rolled at 730°C. High-molybdenum alloys were 
rolled out of a helium furnace at 990°C, and were an- 
nealed at 1090°C to effect homogenization. 

Heat Treatment—The following heat treatments 
were given to samples of alloys 1 through 22 after all 
alloys were homogenized at 900°C for 5 hr and water 
quenched. 

2 weeks at 700°C and water quenched 

3 weeks at 625°C and water quenched 

4 weeks at 550°C and water quenched 

4 weeks at 500°C and water quenched 

5 weeks at 425°C and water quenched 
Also several alloys were heated for additional time 
at 425°C to that recorded above and water quenched. 

For heat treatments above 700°C a vacuum furnace 
was employed, the furnace operating under a vacuum 
of 10°* mm Hg or less. All other heat treatments 
were carried out in argon-filled vycor tubes. On 
quenching, the vycor tubes were broken as soon as 
contact was made with the water. 

Thermal Analysis—All alloys were investigated by 
conventional differential thermal-analysis techniques 
at heating and cooling rates of 3°C per min. For this 
purpose, 1/2-in.-deep holes were drilled in the cast- 


Table Il. Differential Thermal-Analysis Data 


Composition, At. Pct 


(Balance Uranium) Transformation 


Range on Heating, 


Alloy Zirconium Molybdenum 


High-Zirconium Alloys 


1 74 = 601-614 

2 71 155 554-596 

2A 70 2 460-556, 556-583 
3 67 3 454-585 

4 62.5 5 457-556 

5 55 8 454-521 

SA 51 10 No arrest 
5A° 51 10 477-538, 538-630 
14 VERS 1 563-594 
15 72 3 454-543, 543-568 
16 70 5 466-524 

17 70 3 438-543, 543-546 
18 70 1 538-596 
High-Molybdenum Alloys 
10 10 PUES, 549-616 
13 0 583-604 


Aged 1 week at 425 °C. 
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Table III. Results of X-Ray Diffraction Studies of Uranium-Zirconium-Molybdenum Alloys 


Composition, At. Pct 


(Balance Uranium) Intensities of Phase Patterns4 
emp, Qa - 
Alloy Zirconium Molybdenum Yu-zr YU-Mo ZrMon Xx 


High-Zirconium Alloys 


5 55 8 900 S 
3 67 3 700 S 
5 55 8 700 Ss 
2 1.5 625 
4 62.5 5 625 S 
2 71 1.5 550 s 
4 62.5 5 550 F Ss 
5 55 8 550 Ss MF 
15 72 3 550 MF s M 
16 70 5 550 M s MS 
2 71 1.5 500 S VF 
2A 70 2 500 S F 
3 61 3 500 s VF+t 
4 62.5 5 500 S MF 
5 55 8 500 iS ME Md 
15 72 3 500 Ss MF 
16 70 5 500 S M+ 
Wy 70 3 500 S MF+ 
2 1.5 425 Ss 
2A 70 2 425 S 
3 67 3 425 Ss F 
4 62.5 5 425 S MF 
5 55 8 425 Sd MF F 
5Aa 51 10 425 S) F 
Intermediate Alloys 
9 20 23 900 Ss MS 
6 45 12.5 700 S F 
7 37 16 625 S M M 
8 27 20 625 F F M 
9 20 23 625 Ss F S 
6 45 12.5 550 S M MF 
6 45 12.5 500 S MS 
37 16 500 MF 
8 27 20 500 Md MS MS 
9 20 23 500 Md S S 
6 45 12.5 425 iS M 
7b 37 16 425 MS M MF 
8 27 20 425 S Ss MS 
9 20 23 425 MS S Ss 
High-Molybdenum Alloys 
11 5 29.5 900 iS M 
10 10 27.5 700 
11 5 29.5 700 S MF 
13 0 31.5 700 S 
10 10 27.5 625 F MS F 
11 5 29.5 625 S M 
lle 5 29.5 560-571 MS 
19 3 32 500 Ss MF 
20 1 32.5 500 S VVF 
21 1 29.5 500 S 
22 3 28.5 500 S) Ig MF 
10 10 27.5 425 Ss MS S 
11 5 29.5 425 S MS 
12 2 31 425 S 


46 weeks, 425 °C, W.Q. 
b10 weeks, 425 °C, W.Q. 
£100 hr, 500 °C, W.Q. 
dy = very 

M = medium 

S = strong 

F = faint 

d = diffuse 


bar specimens for insertion of temperature-measur- for 5 hr and furnace cooled. , 
ing and differential thermocouples. Thermal data Metallographic Examination—Heat-treated speci- 
were recorded on a Brown Electronik X-Y recorder. mens were mounted in Bakelite, and wet ground 

Specimens analyzed had been heat treated at 900°C through 600-grit paper. The high-zirconium alloys 
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Alloy Number 
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UZrp Uranium-315 Per Cent Molybdenum, mol per cent 


were polished on Forstmann’s cloth, with stannic 
oxide abrasive. Alloys containing high percentages 
of molybdenum were polished on Forstmann’s cloth 
using first blue- and then grey-diamond abrasive. 

Several etches were tried, the following proved 
most useful: A swab etch containing lactic, nitric, 
and hydrofluoric acids in the ratio 30 cm*:30 
em*:5 or 10 drops or 20 cm*:20 cm*:20 drops were 
used for the high-zirconium alloys; an electrolytic 
etch of 4 parts glacial acetic acid and 1 part chromic 
acid (100 gm CrO; in 118 cm* H,0) was used at 6 v 
de for etching the high-molyhbdenum specimens; the 
alloys of intermediate composition were electro- 
etched at 10 v dc in a solution of 10 pct oxalic acid 
containing 10 drops of hydrofluoric acid. 

X-Ray Analysis—X-ray diffraction data were ob- 
tained from selected metallographic specimens. 
These alloys were wet ground to a cone-shaped 
‘‘rod’’ configuration and electropolished at 40 v ina 
solution of 4 parts glacial acetic acid and 1 part 
chromic acid. A 57.3 mm Debye camera was em- 
ployed for the examination. 

High-Temperature X-Ray Analysis—Samples for 
high-temperature X-ray analysis were cut from hot- 
rolled rod and heat treated at 1095°C for 2 hr and 
furnace cooled. One end of each rod was machined to 
0.020 in. preparatory to insertion in the high-tem- 
perature camera. The samples were then sealed in 
vycor tubes with an argon atmosphere and heat 
treated for 1 week either at 425°C for the case of 
high-zirconium alloy or in the case of high-molyb- 
denum alloys at 525°C. During the high-temperature 
camera analysis the samples were held at a pres- 
sure of 2 x 10°° mm of Hg. 

The specimens were held at temperature for 1/4 to 
1 hr before an X-ray pattern was taken. In some 
cases, on cooling, the specimen was held at tempera- 
ture for 8 hr prior to analysis in order to permit 
time for additional transformation of the specimen. 

Electron-Probe Microanalysis—The electron- 
probe microanalyzer was utilized to aid in approxi- 
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mating the composition of the zirconium-rich ternary 
y eutectoid by analyzing a y grain in an alloy speci- 
men close to the eutectoid composition which was 
heat treated just above the eutectoid temperature. 

This instrument is capable of chemically analyzing 
small areas (~ 2 u in diameter) by means of recently 
developed techniques.° In general, the electron probe 
analyzes by focusing a beam of electrons on a small 
volume of material, causing the emission of a com- 
plex X-ray spectrum, including the characteristic 
lines of the constituent elements in the irradiated 
area. Analysis of this X-ray spectrum enables the 
relative concentrations of the various elements to be 
determined to an accuracy of near 1 pct. 

Experimental Results—The ternary cut shown in 
Fig. 2 is based upon thermal-analysis, X-ray dif- 
fraction, and metallographic data obtained from 
specimens whose compositions lay on a line joining 
the U-31.5 at. pct Mo and U-74 at. pct Zr composi- 
tions. Limited data were also obtained from speci- 
mens whose composition lay off the line of this join 
which aided in the interpretation of the ternary cut 
shown. Binary-phase relationships and possible 
ternary-phase relationships were also considered 
in arriving at the ternary cut shown. Thus, experi- 
mental evidence for all of the phase fields was not 
obtained; however, their presence is inferred by 
consideration of the ternary-phase relationships in- 
volved. 

Details at the high-molybdenum end of the system 
are somewhat uncertain and the phase relationships 
are probably more involved than is indicated in Fig. 
2. Due to the sluggishness of decomposition of the 
y phase in high-molybdenum alloys and the probable 
sharply changing phase boundaries with small 
changes in composition the phase relationships shown 
can only be considered as indicative of the general 
phase relationships involved, and as being idealized 
to provide this indication. 

Thermal- Analysis Data—Differential thermal- 
analysis data are presented in Table II. The major 
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Fig. 3(2)—Alloy 9. U-27 at. pct Zr-20 
at. pct Mo, 5 hr at 900°C, water 
quenched, y + ZrMo, . X500. 

X500. 


Fig. 3(d)—Alloy 6, U-45 at. pct Zr- 
12.5 at. pct Mo, 2 weeks at 645°C, 
water quenched, y +a uranium + 
ZrMo,. X250. 


Fig. 3(8)—Alloy 12. 

U-2 at pet Zr-31 

at pct, Mo, 4 weeks 

+ | at 550°C, water 

quenched, 6y.mo @ 

_ uranium + ZrMo,. 
X500. 


Fig. tains: 3. U-67 at. pet Zr-3 at. 
pet. Mo, 10 weeks at 425°C, water 
quenched, 6 UZr, + @ uranium + ZrMoy, 


Fig. 3(e)—Alloy 6. U-45 at. pet Zr- 
12.5 at. pet Mo, 1 week at 675°C, 
water quenched, y + ZrMo,. X500. 


ig 
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Fig. 3(c)—Alloy 5B. U-48 at. pct Zr- 
11 at. pct Mo, 4 weeks at 500°C, water 
quenched, y+ qa, uranium + ZrMo,. 


X250. 


Fig. 3(f)—Alloy 10. U-10 at. pct Zr- 
27.5 at. pct Mo, 3 weeks at 625°C, 
water quenched, yy-m. + ZrMo, + a 
uranium. X500. 


é 

Fig. 3(h)—Alloy 32. i 
U-61.7 at. pet Zr-~ 

7.1 at. pct Mo, 100 Ae 
hr at 550°C, water 
quenched, yy-z, 
+ small amounts of .- 

qa zirconium result- 
ing from oxygen ; : 


Enlarged approximately 8 pct for reproduction. 


portion of the data given are for high-zirconium 
alloys. Alloys high in molybdenum generally ex- 
hibited indistinct and irreproducible arrests; there- 
fore, only data for those alloys which exhibited re- 
producible thermal effects are shown. 

Thermal effects associated with transformation of 
the intermediate alloys were also quite variable, re- 
sults varying markedly with prior thermal history. 
Apparently the degree of transformation produced 
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during cooling prior to analysis affected the tem- 
perature at which thermal effects were noted. How- 
ever, in all of the intermediate alloys (alloys 6 to 9, 
compositions given in Table III) a consistent indica- 
tion of the end of transformation between 650° and 
660°C was noted. This temperature indicates the 
point at which the a-uranium phase disappears com- 
pletely on heating. 
Data obtained on heating only are shown. Cooling 
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curves are not regarded as providing reliable data 
because of supercooling associates with the meta- 
stable y phases in this system. 

Metallographic Results— Typical microstructures 
of ternary alloys are shown in Fig. 3. 

Fig. 3(2) shows the structure of alloy 9, quenched 
from elevated temperatures. ZrMo, particles are 
precipitated in a y matrix. 

The structure shown in Fig. 3(6) consists of 6 
UZr2, as evidenced by the subgrain structure, and 
a uranium and ZrMo,. The ZrMo, is present as 
small bright spherical particles while the a phase 
has precipitated primarily in the prior-y grain 
boundaries. 

The structure of alloy 5B in Fig. 3(c) is similar 
to that of the previous alloy with the exception that 
y has been retained on quenching from 500°C. Also 
the amount of @ uranium is greater than in the 
previous alloy. Small particles of ZrMo, are again 
precipitated randomly in the alloy structure. 

Figs 3() and (e) are structures obtained from 
alloy 6 as quenched from 645° and 675°C. ZrMo., 
precipitated in the y matrix, is evident in both struc- 
tures. In addition, at 645°C, Fig. 3@), @ uranium is 
seen precipitated at the y grain boundaries. These 
figures illustrate the disappearance of the @ uranium 
phase above about 650°C. 

In Fig. 3(f/)is shown the structure of alloy 10 at 
625°C, containing ZrMo, and a uranium ina y 
matrix. The ZrMo, particles are light in color 
while the a phase is darkly stained. At lower tem- 
peratures similar structures are observed, little 
difference being noted metallographically between 
the y and 6 U, Mo phases in the ternary alloys. 
However, at the lower temperatures the a-uranium 
phase was generally more uniformly dispersed, and 
when examined under polarized light, the formation 
of 5 U,Mo was accompanied by the development of 
its characteristic platelike substructure. 

The structure shown in Fig. 3(g) contains a 
uranium and ZrMo,j is visible as the dark-gray-ap- 
pearing large particles while the a uranium is pre- 
cipitated at the prior y grain boundaries. It is evi- 
dent from the photomicrograph that the solubility of 
zirconium in 6 U,Mo is exceeded at 2 at. pct Zr. 

In Fig. 3() is shown the structure of a specially 
prepared alloy of estimated ternary eutectoid com- 
position. As noted, this alloy is essentially single 
phase although small amounts of a@ zirconium are 
present as a result of oxygen contamination. The 
composition of this alloy provides the best esti- 
mate of the ternary eutectoid composition. 

X-Ray Diffraction Results—The results of X-ray 
diffraction studies of quenched alloys are tabulated 
in Table III. 

In evaluating the X-ray data it should be realized 
that small amounts of phases are often not detected 
as a result of the low intensity of the pattern ob- 
tained. It is in these cases that metallography proved 
most useful in detecting the presence of phases not 
identified by X-ray diffraction analysis. For in- 
stance, a uranium which is present only in small 
amounts in the high-zirconium alloys was generally 
not detected by X-ray diffraction although it was ob- 
served metallographically. 
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An unknown designated X in Table III, was de- 
tected in several alloys. The pattern for X shows 
that it is crystallographically related to y U-Zr and 


5 UZr,, which two phases it should be noted are also” 


crystallographically related. It is thought that this 
pattern is that of a transition-type phase involving 
the decomposition of y U-Zr, the inconsistency of 
its appearance preventing its consideration as a 
new phase. 

High-Temperature X-Ray Diffraction Results— 
Alloys 4, 5B (U-48 at. pet Zr-11 at. pct Mo), 7 and 
9 were investigated in a high-temperature X-ray 
camera. Upon examining the data it became appar- 
ent that only limited additional information was pro- 
vided as a result of the sluggishness with which 
phase precipitation and transformation occurred. 
The lack of equilibrium associated with this slug- 
gishness was evident in two ways. First, the y 
phase transformed extremely sluggishly at low tem- 
peratures and formation of the 6 UZr, phase was not 
observed in any of the alloys on cooling from ele- 
vated temperatures. This sluggishness was also 
evidenced in alloys heat treated for long periods of 
time at 425°C and examined by conventional X-ray 
techniques at room temperature. Secondly, in 
alloys 5B, 7 and 9 precipitation of ZrMoz was found 
to occur extremely slowly both on heating and sub- 
sequent cooling. The inability to detect the ZrMo, 
phase at elevated temperatures was undoubtedly 
occasioned in part by the relatively small amounts 
of the phase present. As a result of the sluggishness 
with which these phases formed it was impossible to 
analyze the specimen on heating and then come back 
down in temperature to investigate critical tempera- 
ture regions more thoroughly. 

Despite the limitations involved in the high-tem- 
perature X-ray study some useful data were ob- 
tained. Patterns of alloy 4 confirmed the presence 
of the y U-Zr-plus 6 UZr,-plus auranium phase 
field between 500° and about 550°C on heating; at 
higher temperatures only the y phase was observed. 
In alloys 5B, 7, and 9, y-plus a uranium-plus ZrMo, 
patterns were obtained up to between 630° and 660°C; 
at higher temperatures only y and ZrMo, were found 
to be present. 

Electron-Beam Microanalysis Data- Alloy 30 
(nominally U-54 at. pet Zr-11 at. pct Mo) was ex- 
amined in the electron-beam microanalyzer to 
determine the compositional changes in the y phase 
accompanying cooling. The purpose of analysis was 
to provide an indication of the composition of the y 
U-Zr ternary eutectoid or at least to indicate the 
relative direction in which it lay with respect to the 
alloy analyzed. 

After heating for 1 day at 900°C the y phase of this 
alloy was found to analyze 56 at. pet Zr-1i at. pct 
Mo-balance uranium. A sample of this same alloy 
was cold reduced 20 pct and aged at 550°C for 8 
weeks. As a result of phase precipitation the y 
phase subsequently analyzed 61 at. pct Zr-8 at. pet 
Mo-balance uranium. Thus, these results indicate 
that the compositional change of the ternary y-phase 
eutectoid with respect to the original y-phase com- 
position is in the direction of increasing zirconium 
and decreasing molybdenum content. 
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DISCUSSION OF RESULTS 


Upon the basis of the data presented, the ternary 
cut shown in Fig. 2 was determined. The various 
features in high-zirconium, intermediate, and high- 
molybdenum portions of the cut and the evidence for 
these features are discussed below. 


High-Zirconium Region—The outstanding feature 
at the high-zirconium end of the ternary cut is the 
stabilization of the uranium-zirconium y phase from 
about 600°C in the binary system down to 454°C as a 
result of the addition of molybdenum. This 454°C 
isothermal reaction temperature, which is indica- 
tive of a ternary eutectoid reaction, was observed 
during thermal analysis of alloys 2A through 5 and 


also alloys 15 through 17. The gradual lowering of 


the y-solution temperature is also seen in the data 
recorded for alloys 1 through 4 in Table II. How- 
ever, in alloy 5A the temperature of y solution is 
seen to be raised again. On this basis it is evident 
that the eutectoid valley leading to the ternary 
eutectoid composition lies at a lower molybdenum 
composition than is present in alloy 5A. The gradual 
destabilization of the 6 UZr, phase is also estab- 
lished by the decreased temperature at which vy be- 
gins to form in alloys 2, 14, and 18. Evidence for 
additional phase changes are seen in the intermediate 
thermal effects observed in alloys 2A, 5A, 15, and 
17 although the phase changes associated with these 
effects cannot be specified from the thermal data 
alone. 

As a consequence of the marked stabilization of 
the y phase with molybdenum additions, the y phase 
was found to transform extremely sluggishly. Thus 
in alloy 1 only the equilibrium-phase 5 UZr, is ob- 
served at low temperatures, while in alloys 2 and 
2A, containing 1.5 and 2 at. pct Mo the ‘‘X’’ phase, 
characteristic of incomplete y transformation, is 
already detected. This ‘‘X’’ phase is subsequently 
observed in alloys 3 through 7, generally. at tempera- 
ture below 550°C. 

The y,.7,-plus 6 UZr, and yy_z,-plus a-uranium 
phase regions are indicated by the X-ray data plotted 
in Fig. 2 for alloys 4 and 5 at 550°C. The thermal 
data also indicated two such distinct regions by the 
evidence for a eutectoid valley in this region. High- 
temperature X-ray analysis indicates the existence 
of the a uranium-plus 6 UZr,-plus y,_,, region as re- 
ported earlier. The thermal effects plotted for alloys 
5 and 5A also indicate the upper temperature limits 
for this region. 

Identification of the 5 UZr,-plus a uranium-plus 
Zr Mo, phase region is made upon the basis of data 
for alloys 1 through 9 and from consideration of 
binary- and derived ternary-phase relationships. 
Thus only 6 UZr,-plus ‘‘X’’ is observed in alloys 1 
through 4 by X-ray diffraction. However, in alloy 5, 
q@ uranium appears in conjunction with the 6 UZr2 and 
‘¢X? phases while in alloys 5A and 6, y and @ are 
observed. Subsequently ZrMoz is detected in alloys 7 
through 9 along with the two latter phases. This ap- 
parent gradual transition is caused by the increased 
sluggishness with which the y phase decomposes at 
low temperatures with increasing molybdenum con- 
tent and by the general inability to detect small 
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amounts of a uranium and ZrMo, in the higher zir- 
conium alloys. 

The presence of the 6 UZr2-plus ZrMo, and 6 
UZr,-plus ZrMo,-plus Yy-z, phase regions was not 
established experimentally but are inferred by con- 
sideration of the ternary relationships involved, al- 
though an indication of the latter phase region is 
available from the thermal effects recorded for alloy 
2A. 

The solubility of molybdenum in 5 UZr, is quite 
limited and is estimated as being less than 1.5 at. 
pet. This estimate is based on the thermal data re- 
corded and upon the basis of metallographic studies 
of the low-molybdenum alloys. 

The location of the uranium-zirconium-rich ter- 
nary eutectoid has not definitely been established al- 
though its approximate location is known. Based upon 
the electron-beam data its general location with re- 
spect to alloy 30 is known. Thus, phase precipitation 
accompanying a 550°C anneal caused the Y phase to 
change from uranium-56 at. pct Zr-11 at. pct Mo at 
900°C to U-61 at. pct Zr-8 at. pct Mo. The tempera- 
ture of 550°C was chosen for study because of the 
observed sluggishness of phase precipitation at 
lower temperatures in alloys close to the ternary 
eutectoid composition. In addition, alloy 32, a U-61.7 
at. pct Zr-7.1 at. pct Mo alloy was found to be es- 
sentially single phase after annealing at 550°C as 
shown in Fig. 3(z). On this basis, the latter compo- 
sition is taken to provide the best estimate of the 
ternary eutectoid composition. 

Intermediate Region—Gamma and ZrMo, were ob- 
served at temperatures to 900°C in alloys 5B through 
12 on the basis of metallographic, room-temperature 
X-ray diffraction, and high-temperature X-ray dif- 
fraction studies. Alloys 5 and 5A and alloy 13, on the 
other hand, were single-phase y alloys although small 
amounts of a zirconium, resulting from oxygen con- 
tamination, were observed in the zirconium-rich 
alloys. The lattice parameter of the y phase exhib- 
ited a gradual transition at 700°C from about 3.50A 
for zirconium-rich alloys to 3.38A for the uranium- 
molybdenum y-phase alloy. 

Below 645° to 660°C, @ uranium appeared in alloys 
5B through 10 in conjunction with ZrMoz and y 
phases. The temperature of disappearance of the 
a@ phase is established in alloys 6 through 9 on the 
basis of thermal-analysis data. A consistent indica- 
tion of the end of transformation between 650° and 
660°C was noted for these alloys. In alloy 10, the 
transformation of the a phase was complete at about 
616°C. Additional evidence for the disappearance of 
the a-uranium phase on heating is available from 
high-temperature X-ray data. The a@ phase was ob- 
served in alloys 5B, 7, and 9, on heating, to tempera- 
tures between 630° and 660°C while above this tem- 
perature only y and ZrMop, were observed. Metal- 
lographic evidence of this phase change between 645° 
and 675°C is also presented in Fig. 3(@) and (e). 

The uranium-plus Zr Mo, phase region is clearly 
indicated from the ternary-phase relationships in- 
volved. Thus, these two phases appear in all alloys 
throughout the intermediate region of the ternary cut. 
Identification of the uranium-zirconium and uranium- 
molybdenum y phases appearing in conjunction with 
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these two phases is based upon X-ray measurement 
of their characteristic lattice parameters. At 500°C 
and below 5 Uz2Mo, a@ uranium, and ZrMo, are de- 
tected in alloy 10 while in alloy 9 and higher zir- 
conium alloys either yy.z,or metastable y,_7, re- 
places the 6 U, Mo phase. 

The 6 UZr,-plus a uranium-plus ZrMo, region, as 
discussed earlier, is extrapolated to the intermediate 
region of the ternary cut by consideration of X-ray, 
metallographic, and thermal-analysis data obtained 
on alloys 1 through 9. It should be noted that the 
lattice parameter of the metastable y phase is not 
single valued as should be observed in an equilib- 
rium 3-phase ternary alloy, but shows considerable 
variation. In fact, the y parameter also varies in the 
3-phase alloys at 500° and 625°C, evidence of the 
sluggishness with which equilibrium is attained in 
these alloys. 

High-Molybdenum Region—In high-molybdenum 
alloys, alloys 10 through 13 and 19 through 22, ZrMo, 
appeared in conjunction with the uranium-molyb- 
denum y phase at temperatures of 625°C and above 
in all ternary alloys. The solubility of zirconium in 
the ¥.4.phase was found to be extremely limited, the 
solubility being exceeded when 1 at. pct Zr was 


Mo 


present in any of the alloys studied. It has also been 
reported® that 1.6 at. pct Zr is soluble in a 21.4 at. 
pct Mo alloy while the solubility is exceeded with a 
2.8 at. pct addition to the same alloy. 

On the basis of the depressed transformation tem-> 
perature obtained by thermal analysis of alloy 10, a 
ternary y eutectoid involving the decomposition of y 
to 6 U,Mo, a uranium, and ZrMo, is indicated, al- 
though it is evident that the eutectoid must occur at a 
lower molybdenum composition than was investigated 
in the ternary cut. Additional evidence for the stabil- 
ization of y to lower temperatures by zirconium ad- 
ditions is available from X-ray and metallographic 
examination of alloy 11. A specimen of this alloy, 
annealed at 500°C for 100 hr to produce 6 U2Mo, was 
subsequently reannealed at 565°C for 100 hr. X-ray 
examination revaled y,_,,,and 5 U2Mo while ZrMo, 
was detected metallographically. In addition, these 
data provide evidence for the y,_,,-plus 6 U,Mo-plus 
ZrMoz phase region. 

The 7Yy.y.-plus @ uranium-plus ZrMo, region was 
detected at 625°C metallographically as shown in 
Fig. 3(f) and by X-ray diffraction analysis as shown 
for alloy 10. A thermal effect associated with the y 
solution temperature was also detected in alloy 10, 


Fig. 4—Hypothetical isothermal ternary 
sections in uranium-zirconium-molyb- 
denum systems. 


~ 
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although the temperature obtained, 616°C, is un- 
doubtedly low. 

The 6 U,Mo-plus a uranium-plus Zr Mo, region is 
established on the basis of X-ray diffraction and 
metallographic data. The 5 U,Mo-plus Zr Moz region 
is inferred by consideration of ternary-phase re- 
lationships. 

Additional phase regions may occur at this portion 
of the ternary cut. However, since data are not 
available to specify the location of these regions, no 
attempt has been made to indicate their presence and 
the phase boundaries are shown as dotted lines. 

The solubility of zirconium in the 6 U,Mo phase 
was found metallographically to be less than 1 at. pct. 


SUMMARY 


Upon the basis of thermal analysis, X-ray diffrac- 
tion, and metallographic data the phase relationships 
between U-74 at. pct Zr and U-31.5 at. pct Mo, single- 
phase uranium-zirconium and uranium-molybdenum 
6-phase compositions, have been determined. The 
results are presented in the form of a ternary cut in 
Fig. 2. 

As an aid in interpreting the phase relationships 
shown in Fig. 2 a series of hypothetical isothermal 
ternary sections are presented in Fig. 4. Possible 
ternary relationships were considered in arriving 
at some of the details shown for the ternary cut. 
Thus the 6 UZr,-plus ZrMoz, the yy_7,-plus 56 UZr,- 
plus ZrMo,, and the 6 U,Mo-plus ZrMo, regions are 
shown in the ternary cut on the basis of considera- 
tion of these isothermal sections. However, it should 
be noted that details of these sections are not ex- 
perimentally established and are intended primarily 
to indicate probable phase relationships, particularly 
in the range of compositions investigated. 

The presence of y-plus ZrMo, phases at elevated 
temperature in intermediate and high-molybdenum 
alloys of the ternary cut is seen to result from the 
extremely convex nature of the y-plus ZrMo, phase 
region. This convex curvature is characteristic of 
cases where an intermetallic compound is precipi- 
tated on crossing a phase boundary from a ternary 


solid solution.® 


At about 660°C, a reaction occurs which involves 2 
two-phase regions and 2 three-phase regions. Thus 
the reaction occurring at this temperature can be 
described by the following equation: 


(Y¥+ Qy) + (y+ ZrMo,) — (vy.z, + + ZrMo,) 


At approximately 560° and 454°C the molybdenum - 
rich and zirconium-rich y phases, respectively, de- 
compose by the following ternary-eutectoid reaction: 


+ Q@y + ZrMo,) 


The zirconium-rich ternary eutectoid occurs ata 
composition of approximately U-61.7 at. pct Zr- 

7.1 at. pct Mo. This composition is estimated on the 
basis of metallographic and electron-beam micro- 
analysis data. 

The solubility of zirconium in the uranium-molyb- 
denum 6 phase is less than 1 at. pct. The solubility 
of molybdenum in the uranium-zirconium 5 phase is 
slightly less than 1.5 at. pct. 
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Temperature Dependence of the Critical Stress 


for Slip in Magnesium Alloy Monocrystals 
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Tus note reports on the variation with temperature 
of critical stress for basal slip of binary solid-solu- 
tion single crystals of indium and of thorium in 
magnesium. 
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Technical Note 


PROCEDURE 

Alloy single crystal spheres were acid machined 
to 3/8-in. diam cylinders with the basal planes of 
the crystals normal to the cylinder axis and then 
annealed at 810°K. Stress was applied parallel to the 
slip system, (0001) [1120]. Experimental details will 
be presented in another paper.’ Two nearly equiva- 
lent’ techniques of stressing were used. Stress on 
the magnesium-indium alloy crystals was increased 
by 1 g per Sq mm at 1-min intervals, and the critical 
flow stress was defined as the lowest stress to pro- 
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Fig. 1—Temperature dependence of the critical flow 
stress of magnesium alloy single crystals. 


duce a plastic shear of about 10°* in 1 min. The mag- 
nesium-thorium crystals were loaded at a constant 
shear strain-rate of 0.01 min™, and critical flow 
stress was defined as the proportional limit of the 
autographically recorded curve of load vs shear dis- 
placement. Limit of error for both types of tests was 
less than + 2 g per Sq mm. 

To eliminate vagaries arising from variation of 
structure between specimens, flow stresses were de- 
termined over a wide temperature range by succes- 
sive tests on the same specimen. Since temperatures 
sufficiently high to stress-relieve alloy single crys- 
tals between tests could not be obtained without re- 
moval of the crystal from the grips, the critical flow 
stresses were determined in consecutive tests by de- 
ducting the strain hardening accumulated in previous 
tests from the measured flow stress. The validity of 
this approximation was demonstrated in experiments 
on unalloyed magnesium crystals’ in which it was 
observed that flow stress did not change during the 
temperature decrease between a pair of tests in the 
temperature range where the critical shear stress of 
unalloyed magnesium is temperature independent. 
This indicates that recovery between tests was not 
measurable. 


RESULTS 


The results are shown in Fig. 1 along with the 
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range of critical flow stresses obtained by the same 
technique’ on unalloyed magnesium. These data 
show solid-solution hardening by indium only at 
78°K. This is consistent with the results of Levine 
et al.,” who found that at room temperature, indium 
produced solid-solution strengthening only at com- 
positions greater than 0.2 at. pct. A considerable 
strengthening effect of thorium was observed at all 
temperatures. The alloy strengthening contribution 
decreased with increasing temperature except in the 
range of about 225° to 350°K where it was less tem- 
perature sensitive. 


DISCUSSION 


The current theories of solid-solution strengthen- 
ing® consider the relative size and relative valence 
of the types of atoms in solution as determinative of 
their strength of interaction with dislocations. The 
hydrostatic interaction energy of the thorium atom 
with an edge dislocation in magnesium should be 
greater by almost an order of magnitude than the 
corresponding interaction energy of the indium 
atom.* This difference in interaction energy, more- 
over, is enhanced by the coulombic interaction be- 
cause of relative valences of the three elements con- 
cerned (Mg = 2, In = 3.56, Th = 4).° Therefore, the 
differences in strengthening effects between thorium 
and indium are reasonable. 

Strengthening contributions might also arise from 
clustering of the thorium atoms since the composi- 
tions of the thorium-containing alloys are close to 
the limit of solid solubility and from the fact that 
alloy crystals tend to be less perfect than pure 
crystals.°” 

In the low- and high-temperature ranges, the de- 
crease of strengthening effect with increasing tem- 
perature is probably associated with a progressive 
lowering of the solute concentration around disloca- 
tions and an increased amplitude of thermal vibra- 
tions of the dislocations. The intermediate tempera- 
ture effect of thorium probably arises from Cottrell- 
Jaswon® dynamic solute-dislocation interaction. 
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The Solid Solubilities of Iron and Nickel in Beryllium 


The solid-solubility limits of iron in beryllium were de- 
termined between 850° and 1200°C by analysis of differential 
type multiphase diffusion couples, using an X-vay absorption 
technique. The maximum value of the solubility limit was found 
to be 0.92 + 0.02 at. pct (5.46 wt pet) at the eutectic temperature 
1225°C. The solubilities of nickel and beryllium were deter- 
mined between 900° and 1200°C by the same technique and the 
maximum solubility was found to be 4.93 + 0.01 at. pct (25.2 wt 


pct) at the eutectoid temperature, 1065°C. 


A previously unreported high-temperature phase which de- 
composes eutectoidally at 1065°C was found to exist in the 


beryllium-nickel system at a composition of approximately 8 at. 
pct Ni (36 wt pct) by diffusion-couple analysis. The presence of 
this phase was confirmed by thermal analysis and metallo- 
graphic analysis of the structure resulting from the eutectoid 


decomposition. 


G. V. Raynor’ has treated the solid solubilities of © 
some of the elements in beryllium on the basis of the 
‘‘Hume-Rothery’’ rules” which have been modified to 
include ionic size and ionic distortion effects. It was 
predicted that the solubility of iron and nickel in 
beryllium should be slightly less than that of copper. 
The lowering of the solubility, according to Raynor, 
is due to a more unfavorable relative valency effect 
and an ionic size effect. 

Kaufmann and Corzine*® have compiled data on the 
solubilities of elements in beryllium and have dis- 
cussed them in the light of the Raynor paper. These 
authors feel that, because the elements having the 
greatest solubility in beryllium systematically fall 
in the Group VIII and IB Columns of the periodic 
table, the electronic structure greatly influences the 
maximum solid solubility of elements in beryllium. 

The solubility of iron in beryllium was determined 
by Teitel and Cohen* as part of the study of the 
beryllium-iron phase diagram. The determination 

was carried out by X-ray and thermal analysis and 
according to the phase diagram presented, the maxi- 
mum solubility of iron in beryllium is 0.41 at. pct 
(2.5 wt pet) at 1225°C. However, it is estimated that 
the uncertainty in the position of the a-beryllium 
primary solid-solution boundary is about 0.5 at. pct 
(3 wt pct). 

Losana and Goria’ in studying the beryllium-nickel 
phase diagram, determined the solid solubility of 
nickel in beryllium by thermal analysis. They found 
the maximum solubility to be between 1.65 and 2.65 
at. pct (10 to 15 wt pct) at 1240°C. This value de- 
creased rapidly with decreasing temperature. 
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In determining approximate ranges of solubilities 
for different elements in beryllium, Kaufmann, et al;® 
reported a value of between 1.3 and 1.7 at. pct (7.9 to 
10.1 wt pct) for the solubility of nickel in beryllium. 
The value was obtained by metallographic examina- 
tion of quenched alloys and lattice-parameter meas- 
urements. However, the authors also noted a single- 
phase structure for a 1.7 at. pct Ni alloy (10 wt pct) 
on cooling from the liquid. This would indicate a 
higher solubility range than was reported. 

Misch,’ in his X-ray studies of beryllium-copper, 
beryllium-nickel, and beryllium-iron intermetallic 
compounds, reports the disappearance of a second 
phase (Ni,Be,,) in the beryllium primary solid solu- 
tion at approximately 4 at. pct (20 wt pct). 


THEORY 


The analysis of concentration gradients in diffusion 
couples has proven to be a useful tool in determining 
phase equilibria.®“ In this particular study the dif- 
fusion couples were chosen to straddle the expected 
composition range of the phase boundary, then heat 
treated at a given temperature and the concentration 
gradient evaluated. The composition of the phase 
boundary for a given temperature appears at a point 
of discontinuity of the composition gradient. Exam- 
ples of typical phase diagrams and the concentration 
gradients which should be found in such systems are 
shown in Fig. 1. 

In the present work, gradients of the form of Fig. 
1(c) were obtained in diffusion couples made of pure 
beryllium and two-phase alloys of beryllium with 
either iron or nickel. The composition at the point 
where the gradient becomes discontinuous, Cs, cor- 
responds to the solubility limit of either iron or 
nickel in beryllium. 

The analysis of the concentration gradients was 
carried out by an X-ray absorption method developed 
and applied by Ogilvie” and later used by Moll” and 
Hilliard.’* It depends on the fact that the absorption 
of X-rays by matter is determined by the concentra- 
tion and type of the various atomic species present. 
The relationship for the intensity, J, of a monochro- 
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Fig. 1—Relationship between typical phase diagrams and 
concentration gradients obtained by diffusion at tempera- 
ture, T, of (2) pure A and B having limited solubilities in 
each other and forming no intermediate phases, (b) pure 
A and B having limited solubilities in each other and 
forming an intermediate phase, and (c) pure A and a two- 
phase alloy just beyond the a solubility limit. 


matic X-ray beam transmitted through a specimen of 
density, p, and thickness, f, is given by 


I = I) exp - | 
i Pp. 


[4] 


where /, is the original intensity, X; the weight frac- 
tion of component, 7 and (j/o), is the mass absorp- 
tion coefficient of component, 7. 

For the case of a binary alloy whose components 
Eq. [1] reduces to: 


It has been found that in the range of compositions 
investigated, the values of p for the beryllium-nickel 
and beryllium-iron alloys follow the relationship: 


[2] 


[3] 


where A and B are constants characteristic of the 
alloy system. If this relation is introduced into Eq. 
[2], the following is deduced for Xz: 


Aln— + 
xX Pib [4], 


By use of Eq. [4], it is possible to calculate the 
average composition (averaged over the beam area 
and sample thickness)* at a given position in a dif- 

*In a heterogeneous alloy, Eq. [4] is valid only if the second 
phase is randomly distributed, and if the dimensions of the area of 
material through which the X-ray beam is transmitted are large compared 
to the scale of local composition fluctuations. 


fusion couple of thickness, t, from the ratio J/J), 
the mass absorption coefficients of the components 
of the system and the constants A and B. 


MATERIALS 


Beryllium—The beryllium used in this investiga- 
tion was purchased from the Pechiney Co. in France. 
It was obtained in the form of electrolytic flake and 
is presently considered to be of the highest purity 
available in commercial amounts.” Table I shows 
the chemical and spectrographic analyses of the as- 
received beryllium. It may be seen that the princi- 
pal impurities are oxygen and chlorine; the latter, 
however, is reduced to a minor impurity in a vacu- 
um-melting operation which is one step in the fabri- 
cation of the diffusion-couple components. Present 
techniques for the analysis of oxygen in beryllium 
have indicated that oxygen contents obtained in past 
determinations were higher than the true oxygen con- 
centration. Since the analysis of the Pechiney stock 
was performed before these techniques were de- 
veloped, the oxygen content reported in Table I is 
considered to be higher than the true value. 

Iron—The iron used in making the beryllium-iron 
alloys was in the form of electrolytic plate. The 
purity is estimated to be better than 99.8 wt pct. 

Nickel— Mond nickel pellets were used in the pro- 
duction of the beryllium-nickel alloys. A chemical 
and spectrographic analysis of this material is also 
shown in Table I. 


EXPERIMENTAL PROCEDURE 


Sample Preparation—The pure beryllium, the 
beryllium-iron and beryllium-nickel alloys were 
prepared by vacuum melting in BeO crucibles and 
extrusion in evacuated steel cans at 1900°F with a 
10:1 reduction of area. The steel cladding was re- 
moved from the rods by pickling in a 30 pct HNO, 


Table 1. Chemical and Spectrographic Analyses of Starting Materials 


Chemical Analysis in Ppm by Wt 


Spectrographic Analysis in Ppm by Wt 


Material BeO (Se N Cl Fe Al Ca Co Cr Cu Fe Mg Mn Ni Si 
Pechiney Be Flake 3100 155 30 700 ~ 30 50 10 
Pechiney Be Flake 30 <100 < 40 40 160 
Mond Ni Pellets 160-200 320-420 undetected 
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Table Il. Chemical Analyses of Beryllium-lron and 
Beryllium-Nickel Extruded Rods 


Beryllium-Iron Alloys Beryllium-Nickel Alloys 


Sample No. Wt Pct Fe Sample No. Wt Pct Ni 
A e 0.78 A 2.04 
26 D, 0.88 A, 2:06 
F 8.64* 22 D, 1.92 
G, 1.94 
A 3.39 
24 ci 3.78 A 2.96 
E 3.80 19 BE 2.80 
2.76 
A 5.97 
13 D 5.94 AB 6.91 
F 5.84 18 BC 6.56 — 
DE 6.51 
A 10.43 
16 D 10.57 ia! A 12°35 
F 10.55 
7 DE 12.87 
A 11.91 
43 Cy 12.03 A 22.74 
Ce 11.95 20 Cc 22.61 
E 22.15 
A 29.18 
46 B, 29.30 
29.63 
A 38.7 
33 D 42.8 
F 43.2 


*This value is much too high and is probably due to contamination 
from the steel can at the extrusion defect. 


solution. The rods which were about 3/8 in. in 

diam were checked for compositional inhomogeneities 
by chemically analyzing slices taken from different 
regions along the rod length. The chemical analyses 
are shown in Table II. 

Slices were taken from the rods and ground flat 
and parallel to a thickness of 1/4 in. Slices of the 
two-phase beryllium-iron or beryllium-nickel alloys 
were each bonded to pure beryllium discs in a sand- 
wich type of arrangement by the application of heat 
and pressure in vacuo. The resulting specimens 
were split longitudinally and transversely, each pro- 
ducing four diffusion couples. The couples were 
cleaned in a 30 pct HNO,-1 pct HF aqueous solution, 
rinsed in acetone and wrapped in tantalum with 
beryllium chips machined from a vacuum-melted and 
extruded pure beryllium rod. The beryllium chips 
were introduced to prevent excessive evaporation of 
the specimens during the diffusion anneal. The sam- 
ples were then sealed in fused silica tubes, evacuated 
to approximately 1 x 10°° mm of Hg and placed in 
wire-wound resistance furnaces at different temper- 
atures for different given lengths of time. The tem- 
peratures were measured with platinum, Pt-10 wt 
pct Rh thermocouples which had been compared with 
a standard calibrated at the National Bureau of 
Standards. The temperatures were maintained con- 
stant during the diffusion treatment to + 3°C; the 
maximum error in the temperature measurements is 
estimated to be + 5°C. 
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Be-2 at. pct Fe 


Fig. 2—Diffusion couple 18A heat treated 1 hr at 1200°C. 
1 pet HF etch. X100. Reduced approximately 28 pct for 
reproduction. 


Be-5.5 at. pet Ni 


Fig. 3—Diffusion couple 25 CD heat treated 15 hr at 
1162°C. HNO; -HF etch. X50, Reduced approximately 
28 pet for reproduction 


At the end of the annealing time, the specimens 
were rapidly cooled from the diffusion temperature 
by quenching the fused silica in cold water without 
breaking the tube. Faster cooling rates are unneces- 
sary Since the method of analyzing the diffusion 
couples does not depend on the phases present, but 
only on the average chemical content over about 
0.0009 in. (the X-ray slit width) in the diffusion di- 
rection. Alteration of the chemical composition 
over this distance would require much longer times 
at high temperature than the cooling times encoun- 
tered in these experiments. 

The specimens were removed from the fused silica 
tubes and examined metallographically in order to 
observe the structure and the amount of diffusion 
which had taken place. Figs. 2 and 3 show typical 
microstructures of the beryllium, beryllium-nickel 
alloy and beryllium, beryllium-iron alloy diffusion 
couples. 

After the heat treatment, the diffusion couple was 
mounted in lucite and a slice was cut approximately 
parallel to the diffusion direction. The faces of the 
disc were then ground flat and parallel to the thick- 
ness required for optimum sensitivity in the X-ray 
analysis. A face was also ground perpendicular to 
the surfaces of each disc and perpendicular to the 


VOLUME 215, AUGUST 1959-697 


LL Be 
Be 


Be Alloy 
Original Bond 
9 ce) 


Fig. 4—Schematic diagram of diffusion couple slice show- 
ing the angle a. 


trace of the original bond interface on the disc sur- 
face. This procedure was followed in order to ob- 
serve the angle a, the true angle between the inter- 
facial plane and a plane perpendicular to the diffusion 
direction. Fig. 4 shows the diffusion couple slice and 
the angle a. In general, this angle was not 0 deg, 
since it is difficult to cut the slices so that the disc 
surfaces are exactly parallel to the diffusion direc- 
tion. Knowing the angle a, by optical measurement 
with a Bausch and Lomb goniometer eyepiece, it is 
possible to align the diffusion couple slice so that the 
analyzing X-ray beam is perpendicular to the dif- 
fusion direction. 

X-Ray Analysis of Diffusion Couples— Apparatus 
and Procedure—A schematic drawing of the X-ray 
equipment used for analyzing the diffusion couple is 
shown in Fig. 5. The basic unit is a Norelco dif- 
fractometer which is equipped with a stabilized 


power supply able to maintain the X-ray intensity 
constant within + 1 pct throughout a given run. 

The X-ray beam first passes through solar slits 
and a 1 deg dive. gent slit, and is then monochro- 
mated by diffraction from the (111) planes of a sili- 
con single crystal. The specimen is set on a holder 
equipped with a goniometer which allows the dif- 
fusion direction of the sample to be aligned per- 
pendicular to the X-ray beam by rotation through the 
angle a. A vertical and horizontal slit behind the 
specimen limit the beam entering the counter to that 
transmitted through a rectangular cross section of 
the specimen of 0.02 mm X 1 mm (0.0009 in. x 0.040 
in.). The short dimension is parallel to the diffusion 
direction. A scintillation counter manufactured by 
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Fig. 6—I/I)—Distance curve. Diffusion couple DC-7A. 


the North American Phillips Co. coupled to high- 
speed binaries and the standard count-rate meter and 
scaler circuits is positioned to receive the X-ray 
beam. The counter and counting circuitry are linear 
to about 30,000 counts per sec. 

The specimen is translated in front of the X-ray 
beam and the transmitted intensity, J, is obtained 
by point counting at various positions along the dif- 
fusion direction. J, is measured by point counting 
with the specimen removed from the holder. Fig. 6 
shows a typical curve of J/J, vs position along the 
diffusion direction for a beryllium, Be-1 at. pct Fe 
alloy (6 wt pct) diffusion couple. 

Conversion of //Jo-Distance Curves to Concentra- 
tion Gradients— Density Measurements—In order to 
evaluate the concentration gradients from the J/J, - 
position curves, knowledge of the room-temperature 
values of the density as a function of composition is 
required so that Eq. [3] may be confirmed and the 
constants A and B in Eq. [4] evaluated. 

Densities were measured by the standard technique 
of weighing samples of different compositions in air 
and in distilled water. The data obtained is sum- 
marized in Figs. 7 and 8 together with the solid 
curves representing the densities of mixtures of 
beryllium and nickel atoms or beryllium and iron 
atoms. Values for the constants, A and B can be ob- 
tdined from the equations of such curves. 


True Concentration Gradients and Solubility Limits 


—The solid curve of Fig. 9, the concentration gradi- 
ent observed in a beryllium, Be-2 at. pct Fe alloy 


Fig. 5—Schematic diagram of X-ray ab- 
sorption apparatus. 
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Fig. 7—Density as a function of composition. Beryllium- 
iron alloys. 


diffusion couple annealed 4 hr at 1201°C, is typical of 


the type found in this work. It should be pointed out 


however, that the concentration gradients obtained by 


use of the X-ray absorption technique do not repre- 


sent the exact composition-position relationships, but 
are slightly in error because of the finite width of the 


horizontal collimating slit and because of misalign- 
ment. If there is no misalignment, the true gradient 
may be represented by the dashed curve in Fig. 9. 
The true gradient and observed gradient should coin- 
cide to within a distance of 5/2 of the discontinuity 
position, ~ (where 6 is the slit width) if a very fine 
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_| tion gradient, dif- 
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Fig. 8—Density as a function of composition. Beryllium- 
nickel alloys. 


slit width is used and if the slope of the composition- 
position curve does not change very rapidly.** The 
points at which there is a marked deviation in the 
slope of the observed concentration gradient corre- 
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Fig. 10—Solid solubility of iron in beryllium. 
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Table Ill. Summary of the Solid-Solubility Limits of Iron in Beryllium and the Experimental Conditions Used in Their Evaluation 


X-Ray Diffusion Nominal Alloy Sample Thick- Solid 
Run Couple Annealing Annealing Composition ness, Cms Solubility 
No. No. Temp.,°C Time, Hr At. Fraction X-Radiation Uncorrected a Deg At. Fraction 

28 5A 847 360.0 0.01 CuKa 0.152 11* 0.00171 
26 6A 848 504.0 0.01 CuKa 0.152 1 0.00161 
Dil, 6D 848 673.0 0.01 CuKa 0.152 0.5 0.00199 
23 7A 1000 48.0 0.01 MoKa 0.152 0 0.00432 
22 7B 1000 96.0 0.01 MoKa 0.152 2 0.00407 
24 7D 1000 192.0 0.01 MoKa 0.153 0 0.00496 
25 7D 1000 192.0 0.01 CuKa 0.153 0 0.00460 
30 7D- 1000 192.0 0.01 CuKka 0.153 0 0.00459 
32 8D 1101 6.0 0.01 MoKa 0.152 2.5 0.00608 
37 18C 1101 6.0 0.02 MoKa 0.153 1 0.00661 
31 8C 1102 12.0 0.01 MoKa 0.153 3 0.00636 
29 Ke 1101 24.0 0.01 CuKka 0.153 15 0.00658 
36 18A 1200 1.0 0.02 MoKa 0.149 2 0.00858 
38 18B 1202 22 0.02 MoKa 0.141 1 0.00831 
35 18D 1201 4.0 0.02 MoK a 0.153 0 0.00889 


*Not measured optically. Goniometer reading at optimum alignment. 


spond to the points at which the true and observed 
gradients no longer correspond. The distance be- 
tween these points should correspond to 6 and the 
discontinuity should exist half-way between these 
points. Since the true composition gradient is ex- 
pected to be continuous in the regions adjacent to the 
discontinuity the true composition-position relation- 
ship is obtained by extrapolation of the observed 
curve from é - 6/2 to — and from & + 6/2 to &. If the 
alignment is not perfect, the discontinuous region of 
the observed gradient will occur over a distance 
greater than 6, but the extrapolation is carried out 
in the same manner. The value, Cs, shown on the 
extrapolated curve of Fig. 9 represents the true 
value of the solubility limit. 


RESULTS 


Fig. 10 shows the solid solubility of iron in beryl- 
lium as a function of temperature and Table III 
summarizes this data together with the experimental 
conditions used in the determination of the solubility 
limits. It is seen that the maximum solubility of iron 
in beryllium is 0.92 at. pct (5.46 wt pct) at 1225°C. 
The reproducibility of the solubility values derived 


from diffusion couples annealed at a given tempera- 
ture for various lengths of time is evident, and is an 
indication that this data represents the equilibrium 
solid solubilities.* In general, MoKa radiation was 
*The movement of the single-phase, two-phase boundary was found 
to follow the parabolic rate law. This is an indication that the process 
at the boundary is diffusion controlled and that the composition at the 


discontinuity represents the equilibrium value of the solubility limit, 
since all other processes must be in equilibrium. 


used, but excellent agreement was found with CuKa. 
The values are also seen to be independent of the 
composition of the two-phase alloy. They agree 
fairly well with that of Teitel and Cohen.* The curve 
representing the solubility limits which they have 
drawn to conform with their experimental data does 
not agree with the results of the present work; how- 
ever, it could equally well have been drawn to cor- 
respond with these. 

Values for the solubilities of nickel in beryllium 
are presented in Table IV, and are plotted in Fig. 11. 
It is seen that the solid solubilities lie on two curves 
which intersect at a maximum value of 4.93 at. pct 
(25.2 wt pct) at approximately 1065°C. This temper- 
ature corresponds to the eutectoid temperature at 
which a high-temperature phase (8) decomposes. The 


Table IV. Summary of the Data on Phase Boundaries in the Beryllium-Nickel System and the Experimental Conditions Used in Their Evaluation 


X-Ray Diffusion Nominal Alloy Sample Solid = 5 
Run Couple Annealing Annealing Composition Solubility 
No. No. Temp.,°C Time, Hr At. Pet X-Radiation Cms Deg At. Pct At. Fraction 
47 24D 900 336.0 5.5 Mo 0.099 s 

50 23D 900 504.0 5.5 Mo 0.102 

52 24C 900 672.0 5.5 Mo 0.102 4.0* 0.0442 

49 2438 998 47.5 5 Mo 0.097 2.0 0.0460 

48 24A 999 96.0 5.5 Mo 0.097 0.5 0.0464 

40 143 1102 2.0 10.0 Mo 0.074 0 0.0767- 

55 23C 1100 6.0 5.5 Mo 0.102 0.5 0.0468 reat 

56 23B 1105 12.0 S35 Mo 0.102 2.0* 0.0471 

54 22B 1102 24.0 5.5 Mo 0.098 (yd 0.0456 

53 25CD 1162 15.0 55 Mo 0.101 0 0.0410 

41 20C 1200 0.5 10.0 Mo 0.076 L5 0.0578- 

43 22D 1203 Sal 5.5 Mo 0.098 LES 0.0380 wee 

42 22C 1200 8.0 S5 Mo 0.100 1.0 0.0363 

44 23A 1201 13.1 5.5 Mo 0.102 0 0.0375 


*Not measured optically. Goniometer setting at optimum alignment. 


700-VOLUME 215, AUGUST 1959 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Weight Fraction Nickel 
.20 .30 40 


1200 - 
B 
1100 


Temperature °C 


1000 a 
| at+y 
900 F- 
800 
700 | | | | | | | 
.02 .04 .06 .08 10 


Atom Fraction of Nickel 


Fig. 11—Portion of the beryllium-nickel equilibrium dia- 
gram. 


presence of the B-phase has been determined by 
analysis of beryllium, Be-10 at. pct Ni diffusion 
couples. A concentration gradient which is typical 
for these couples is shown in Fig. 12 for heat treat- 
ment at 1200°C. The homogeneity range of this- 
phase, determined from the compositions at the 
points of discontinuity of such gradients, is also 
shown in Fig. 11. 

To add further proof to the existence of this phase, 
metallographic and thermal analysis techniques were 
employed. Fig. 13(a) is a photomicrograph of the dif- 
fusion region in the beryllium, Be-10 at. pct Ni dif- 
fusion couple heat treated for 30 min at 1200°C. The 
top and bottom portions of this micrograph represent 
the pure beryllium and the Be-10 at. pct Ni alloy re- 
spectively. The remaining three intermediate re- 


gions were entirely one phase (f) at 1200°C, and have 


a microstructure which can be explained with the 
help of the phase diagram, Fig. 11. The beryllium- 
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Fig. 12—Concentration gradient, diffusion couple 20C. 
Annealed 0.5 hr at 1200°C. 
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Be 


Be-1O at Pct. Ni 
(a) 


Fig. 13—Photomicrograph of diffusion couple 20C. An- 
nealed 30 min at 1200°C. HNO; -HF etch. a) Entire diffu- 
sion zone. X50. b) Region containing primary a-Be crys- 
tallites and eutectoid mixture. X500. c) Region containing 
8 at pct Ni consisting entirely of eutectoid mixture. X500. 
d) Region containing y phase, Nis Beg; and eutectoid mix- 
ture. X500. e) Be-10 at. pct region containing the y phase 
and the eutectoid mixture. X500. Reduced approximately 
46 pct for reproduction. 


rich portion has a hypo-eutectoid composition and 
consists of a precipitate of primary a-beryllium 
crystallites and a eutectoid mixture consisting of 
a-beryllium and Ni; Bez.” This structure may be 
resolved at X500, Fig. 13(b). The central portion of 
intermediate composition consists entirely of the 
eutectoid mixture resolved in Fig. 13(c); the lower 
hyper-eutectoid region seen at high magnification in 
Fig. 13(d) is made up of primary Ni, Be, and eutec- 
toid mixture. The 10 at. pct Ni alloy is shown at high 
magnification in Fig. 13(e). 

The thermal analysis work was done on a Be-10 at. 
pct Ni alloy between 900° and 1200°C. The heating 
and cooling curves shown in Fig. 14 exhibit an arrest 
on heating at 1062° and on cooling at 1045°C. These 
temperatures agree well with the eutectoid tempera- 
ture determined from the diffusion couple analysis. 

The beryllium-nickel system determined by 
Losana and Goria’ does not include a phase in the 
temperature and composition range of the 6-phase of 
this work, nor do their values for the solid-solubil- 
ities of nickel in beryllium agree with the present 
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Fig. 14—Heating and cooling curves. Specimen 23C. Be— 
10 at. pet Ni alloy. 


work. Their results are based on X-ray diffraction 
and thermal analysis. Their failure to detect a ther- 
mal arrest at about 1065°C cannot be readily ex- 
plained without additional knowledge of the details of 
their experiment. 

The values of the solubility limits of nickel in 
beryllium determined in the present work do not 
agree with the approximate values determined by 
Kaufmann ef al,° but the solubility range determined 
by Misch’ in his X-ray work agrees well with the 
present values. 


DISCUSSION OF RESULTS 


The values of the maximum solubilities of iron 
and nickel in beryllium agree at least qualitatively 
with Raynor’s predictions, ’ according to which the 
solubilities should decrease in going from nickel to 
iron because of a more unfavorable relative valency 
effect and a more unfavorable ionic size effect. 

The data also agrees with the observations of 
Kaufmann and Corzine® in regard to the periodicity 
of solubilities (i.e., the increase of solubility near 
the end of the transition periods). 

However, additional accurate data on the solubil- 
ities of other elements in beryllium would be re- 
quired to distinguish the differences in these view- 


‘points. 


REFERENCES 

1G, V. Raynor: Journal, Royal Aeronautical Society, 1946, vol. 50, p. 390. 

2W. Hume-Rothery, G. W. Mabbot, 4 K. M. Channel-Evans: Trans., Royal 
Society, London, 1934 A, vol. 233, 

3A. R. Kaufmann and P. Corzine: rhe Metal Beryllium, ASM, Cleveland, 
Ohio, 1955, p. 555. 

4R. J. Teitel and M. Cohen: AJME Trans., 1949, he 185, p. 285. 

5L. Losana and C. Goria: Aluminio, 1942, vol. 11, 1 

°A. R. Kaufmann, P. Gordon, and D. W. Lillie: ASM. Trans. +» 1950, vol. 42, 
p. 185. 

7L. Misch: Zeitschrift fir physikalische Chemie, Ab. B. 1935, vol. 29, p. 42. 

®W. Seith and H. Etzold: Zeitschrift fir Electrochemie. 1934, vol. 40, p. 829. 

°W. Seith and A. Keil: Zeitschrift fiir physikalische Chemie, Ab. B., 1933, 
vol. 22; 

ON, A. Ziegler: Trans., American Society for Steel Treating, 1932, vol. 20, 


A 4H, Buckle and J. Descamps: Revue de Metallurgie, 1951, vol. 48, p. 569. 
VR, E. Ogilvie: Proceedings of the Sixth Annual X-Ray Conference, 
Industrial Applications of X-Ray Analysis, 1957, p. 439. 
3S, H. Moll: S. M. Thesis, M.1L.T., 1957. 
143, E. Hilliard; B. L. Averbach and Morris Cohen: Acta Met. 
Vol. 7, p. 86. 
8G. L. Tuer and A. R. Kaufmann: The Metal Beryllium, ASM, Cleveland, 
Ohio, 1955, 379. 
46C, Wagner: private communication. 


Influence of Cobalt on the Transformation of a 
Chromium Alloyed Austenite 


The TTT curves of 0.1 pct C, 13 pet Cr steels containing up 
to 12 pct Co have been determined in order to establish whether 


the effect of cobalt is similar to that observed in plain carbon 
steels. It is shown that cobalt increases the incubation time and 
decreases the transformation vate, though not in an uniform way. 
The bainitic transformation is displaced to lower temperature 


and overlaps partially the martensitic zone. 


Tue effect of cobalt on the transformation of a plain 
carbon austenite has been studied by many investi- 
gators.1-3 It was shown that cobalt displaces the TTT 
curves to shorter times and diminishes the harden- 
ability. The interpretations given for this effect of 
cobalt are conflicting. According to E. Houdremont,* 
cobalt increases the transformation rate of austenite 
because it increases the diffusion of carbon as shown 
in the experiments of E. Houdremont and H. Schrader,’ 
R. Smoluchowski,”° and M. Blanter.° On the other hand, 
M. Hawkes and R. Mehl* deny on the basis of their 
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own experiments any effect of cobalt on the diffusion 
of carbon and they assume that an explanation should 
be found in an eventual effect of cobalt on the mecha- 
nism of nucleation and growth of pearlite. W. C. 
Hagel, G. M. Pound, and R. F. Mehl” have shown by 
calorimetric measurements that cobalt increases the 
free energy of the austenite-pearlite transformation 
in an eutectoid steel and this result explains qualita- 
tively the observed effect of cobalt on the rate of 
nucleation and growth of pearlite. 

The purpose of this research was to see by de- 
termination of TTT curves, if this same effect exists 
in 13 pct Cr steels. 


EXPERIMENTAL PROCEDURES 


The preparation of the alloys was carried out in an 
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Fig. 1—TTT curves of steels 1, 2, 3. 


induction furnace of 70-lb capacity using a magnesia 
crucible. The raw materials used were Armco-iron, 
ferrochrom (73 pct Cr), ferromanganese (84 pct Mn), 
hematite cast-iron, nickel, and cobalt. Nickel was 
intentionally added to the heats in order to obtain a 
composition similar to that commonly encountered in 
practice. 

The chemical analyses of the alloys are repro- 
duced in Table I. 

The ingots thus obtained were forged without dif- 
ficulty into bars and plates. Forging was followed by 
an annealing at 1000°C. 

The critical points of the alloys have been deter- 
mined by dilatometric analysis with a rate of heating 
and cooling equal to 300°C per hr. 

The TTT curves were determined by the metal- 
lographic method. The austenitization was carried 


Table 1. Chemical Analysis of the Investigated Steels 


Alloys Cc Si Mn Ss 12) Ni Cr Co 
1 0.11 0.10 0.49 0.013 0.016 0.48 12.80 - 
2 0.12 0.09 0.49 0.012 0.024 0.46 12.50 0.45 
3 0.13 0.45 0.50 0.010 0.034 0.52 13.2 0.99 
4 0.13 0.22 0.52 0.008 0.023 0.48 12.8 1.87 
5 0.13 0.15 0.49 0.010 0.012 0.51 12.4 4.9 
6 0.10 0.55 0.48 90.011 0.024 0.51 13.3 8.0 
Uf 0.13 0.33 0.42 0.012 0.025 0.49 13.5 11.9 


Temperature in 
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out at 1000°C for 1 hr. The austenitic grain size 
after this heat treatment was determined by the 
method developed by A. Kohn.® 


EXPERIMENTAL RESULTS 


Table II gives the critical points of the alloys as 
obtained by dilatometry. The results show that in- 
creasing amounts of cobalt decrease the transfor- 
mation points, this effect being appreciable for 
contents higher than 5 pct. The transformation 
points on cooling correspond, as shown below, to 
the bainitic transformation. 

Figs. 1 and 2 show the experimentally determined 
TTT curves. The austenitic grain size after the 
austenitization treatment was shown to be nearly 
the same for all the steels (ASTM 5-7). Further- 
more, no 6 ferrite or undissolved carbides were 
present after this treatment. 

The curve corresponding to steel I (without cobalt) 
is in fairly good agreement with that reported by 
R. L. Rickett, C. S. Walton and J. C. Butler® and 
W. Peter and W. Matz.’°® The end of the transforma- 
tion is, however, displaced to longer times. For 
all steels, within the range of temperatures con- 
sidered, transformation begins with the forma- 
tion of pearlite. Previously to this, no precipitation 
of carbides or ferrite was observed. 

The effect of cobalt on the pearlitic transforma- 
tion results in an increase of the incubation time 
and a decrease of its rate. However, as shown in 
the figures, this effect is not uniform. The incuba- 
tion time increases for cobalt contents up to 2 pct. 
For 5 pet and 8 pct cobalt, this time slightly de- 
creases and for 12 pct cobalt, it increases again. 

The end of the transformation is retarded with 
increasing amounts of cobalt. For cobalt contents 


Table Il. Transformation Points of the Steels Determined by 
Dilatometry, Heating, and Cooling—Rate 300°C per Hr 


1 2 3 4 5 6 7 
Transfor- 
mation 0Pct 0.5Pct 1Pct 2Pct 5Pct 8Pct 12Pct 
points Co Co Co Co Co Co Co 
Heating 845°C 915°C 807°C 796°C 780°C 736°C 725°C 


Heating 800 755 757 764 755 680 660 


Cooling 340 340 320 338 330 285 260 
Cooling 224 250 200 235 220 100 170 
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Fig. 2—TTT curves 


of 8 and 12 pct, the transformation was not achieved 
within 150 hr. 

The metallographic structure during transforma- 
tion in the pearlitic regions is similar for all the 
steels. 

The transformation begins at the austenitic grain 
boundaries with the formation of a black border, Fig. 
3. These borders are resolved by electron micro- 
scopy as an accumulation of carbides, Fig. 4, ina 
ferrite. Transformation proceeds with an enlarge- 
ment of the border. Subsequently, black nodules ap- 
pear also inside the grains, the rest of the matrix 


Fig. 3—Steel 2. Isothermal treatment: 25 min at 670°C. 
Evolution of the transformation at the grain boundaries. 
X250. Reduced approximately 46 pct for reproduction. 
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of steels 4, 5, 6, 7. 


being finally transformed into ferrite of small grain 
size with a carbide precipitation along the grain 
boundaries. Near the end of the transformation, the 
effect of coalescence is appreciable, Fig. 5. For 
transformation temperatures above the nose of the 
curve, Similar structures are obtained except that, 
generally, pearlitic regions are not observed within 
the grains. Such structures have been observed by 
other investigators. *° 


Fig. 4—Steel 2. Isothermal treatment: 15 min at 670°C, 
Electron micrographs (formvar replica, chromium shad- 
owed). Resolution of an eutectoid of carbide and ferrite in 
the grain boundary region. X5000. Reduced approximately 
35 pet for reproduction. 
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Fig. 5—Steel 2. Isothermal treatment: 4 hr at 670°C. End 
of the transformation. Eutectoid zones at the boundaries 
and at some regions inside the grains. X250. Reduced 
approximately 46 pct for reproduction. 


The presence of a bainitic transformation in 13 pct 
Cr steel was established recently by W. Peter and 
W. Matz.*° Actually, in this research, bainitic re- 
gions were observed in specimens water quenched 
from 1000°C. Fig. 6 shows at the high resolution of 
the electron microscope, such a typical feather-like 
structure with carbide precipitates.” The in- 
fluence of cobalt is shown to result in a decrease of 
the bainite formation temperature, in agreement 
with the dilatometric analysis, Table II. This de- 
crease is however not uniform. 

The metallographic method for the determination 
of the martensitic transformation points failed to 
give satisfactory results because of the formation 
of bainite in the as-quenched state. In agreement 
with our results, W. Peter and W. Matz’° do not 
report any martensitic transformation tempera- 
tures for low-carbon 13 pct Cr steels. 


CONC LUSIONS 


It is shown that in 13 pct Cr steels, cobalt retards 
the beginning of the pearlitic transformation and 
exhibits thus a different, behavior‘as in eutectoid 
plain carbon steels. Furthermore, it seems that 
our present knowledge of the transformation me- 
chanism does not allow a complete and satisfactory 
interpretation of the observed facts. The study is 
being continued in order to provide an explanation 
accounting for all the experimental results. 
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Fig. 6—Steel 2. Water quenched after austenitization at 
1000°C., Electron micrographs (formvar replica, chromium 
shadowed. X5000 and 15,000, respectively). Presence of 
lower bainite. Reduced approximately 35 and 49 pct, re- 
spectively, for reproduction. 
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Further Information on Sampling Liquid Steel for Dissolved Oxygen 


Technical Note 


F. C. Langenberg and J. M. Snook 


-——-wooden Too 


For a better understanding of the melting and re- 
fining processes, the oxygen content of the steel 
bath should be determined. The oxygen content in- 
fluences many process and product variables such 
as the efficiency of alloy recoveries, the ingot — -—— -———Stee! Disc 
structure (through reaction with carbon in the steel), 
certain reaction rates, cleanliness (formation of 
indigenous oxide inclusions), and mechanical prop- 
erties. 

Many methods of sampling liquid steel for oxygen 
have been devised. These methods can be divided 
into two main groups: 1) taking samples directly in 
the furnace or ladle;*~*° 2) removing the metal from 
the furnace or ladle in a sampling spoon and pouring 


it into a mold, or drawing the metal from the spoon . Ss Top 
into a sample holder.**** The advantages and dis- — 
‘Wooden Top 


Wooden Top 
Aluminum Disc 


Aluminem Cup 


Aluminum Coil 


Bomb Sompier 
Bomb Sampler 


TYPE A TYPE 8 


advantages of the two general sampling methods are cole 
presented in Table I. 

The bomb-sampling technique described by Huff, acctees 
Bailey, and Richards® has been used by the Crucible AT | Y 
Steel Co. in certain research projects where oxygen 
contents were needed. It was recognized that a 
localized boiling condition could result when the 
mold is introduced into the steel bath, although the 
work of Gilbert and Bailey® seems to indicate that the 
carbon boil occurring in the bomb-sampler cavity 
has a negligible effect on the oxygen content. In 
order to confirm the reported negligible effect of a 
carbon boil, additional work was done with adapta- Fig. 1—Adaptions of bomb samplers. 
tions of the conventional bomb sampler. 

The methods used are shown in Fig. 1 and are as spoon are shown in Fig. 3. The oxygen contents were 
follows: determined by the vacuum fusion method. 

1) Type A: aluminum wire (0.125-in. diam) coil in A comparison of Figs. 2 and 3 shows that the oxy- 
cavity; steel cap over mouth gen concentrations obtained with the spoon-sampling 

2) Type B: aluminum cup in cavity; aluminum cap method (metal killed in the spoon after slag removed 
over mouth, 

3) Type C: aluminum cup in cavity; steel cap over 0.10 NG | 
mouth, 

4) Type D: fine aluminum wire (0.013-in. diam) in 0.05 Roe : 
cavity; steel cap over mouth. ; @ 0 

The amount of aluminum wire in the Type A and D x 
samples varied from 0.8 to 1.2 pct of the sample cs Nl 
weight. The aluminum cups averaged 2.0 pct of the 0.02 
sample weight; the latter were used to ensure that 


the steel contacting the walls of the bomb cavity was 
fully killed. 


Samples were taken from plain carbon heats made 
in open-hearth furnaces. This grade of steel before 
silicon additions is essentially an Fe-C alloy and SO x TYPE A 
the effects of other alloying elements on the oxygen C+0=CO(latm) 
activity can be neglected. The results of sampling 17 
with the bomb samplers is shown in Fig. 2 where the 0.002H*- TYPE D 
percent oxygen is plotted against the percent carbon 
on log-log paper. Spoon sample results on the same 
grade of steel where the sample was killed in the 0.001 
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Fig. 2—Pct 0 vs pet C using bomb samplers. 
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Table |. Two Principal Methods of Sampling a Steel Bath for Oxygen 


Position Where 


I 
ample Is Taken Sampling Method Advantages and Disadvantages 
(1) Sampling mold containing aluminum is Advantages 
: dipped directly into the metal in the 
Inside the furnace or ladle furnace or ladle (bomb sampling methods). 1) Theoretically sound. 


2) Reproducible results. 
3) Protection against slag contamination 
possible. 


Disadvantages 


1) Wear on sampling mold. 

2) Difficult to prepare sample afterwards. 

3) Possibility of carbon boil on cold mold 
2 if precautions not taken. 

4) Proficiency in taking samples required. 


Evacuated tube or mold is placed Advantages 
directly into the furnace or ladle. 
1) Theoretically sound. 


Disadvantages 


1) Often need complicated equipment 
which makes daily operation difficult. 


(2) Metal is removed from the furnace or Advantages 
ladle in a sampling spoon and then an V3 Se eos 
Outside the furnace or ladle evacuated tube or mold is inserted 4 1) Simple operation. 
into the spoon outside the furnace 2) Reproducible results if proper precau- 
or ladle. (Aluminum may or may not tions are taken. 


be added to spoon). 
Disadvantages 


1) Possibility of oxygen pickup due to 
contact of metal with air. 
2) Change in oxygen content due to drop 


Metal is removed from the furnace or in temperature of metal in spoon. 
ladle in a sampling spoon and poured 3) Possibility of slag reduction or con- 
into a mold. (Aluminum may be added tamination. : 
in spoon or mold, or an unkilled 4) Errors due to human element more 
sample can be poured into a copper prevalent. 


chill mold). 


from surface) are higher than those obtained with the 
bomb samplers, and are almost independent of car- 
bon content. This seems to confirm the criticism of 
those dip-and-pour methods where there is a possi- 
bility of slag reduction when the sample is killed 
(slag used to coat and heat spoon before entrance to 
furnace), or oxidation of the stream during pouring. 
Samples taken in quick succession with the four 
modifications of the bomb sampler showed good 
agreement; but, although all four types seem reliable, 
Types C and D are recommended for practical rea- 
sons. 
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Activity of Carbon in Liquid-lron Alloys 


The effects of various elements on the activity coefficient 
of carbon in liquid iron have been studied by two experimental 
methods: 1) equilibration with controlled mixtures of CO and 


CO,; 2) the solubility of graphite in the melt. Activity coefficient 
of C is increased by Al, Co, Cu, Ni, P, Si, S, and Sn, It is de- 


creased by Cr, Cb, Mn, Mo, W, and V. 


Tue thermodynamic properties of the iron-carbon 
binary system have now been fairly well established, 
although some uncertainty remains with respect to 
the exact location of some of the phase boundaries. 
The activity of carbon in ferrite and in austenite has 
been measured in the classic researches of R. P. 
Smith’ while similar measurements by Richardson 
and Dennis’ and by Rist and Chipman’ have estab- 
lished the values of the activity of carbon in liquid 
iron up to 1760°C. On the other hand, our knowl- 
edge of the effects of alloying elements on the ac- 
tivity of carbon in dilute solutions is restricted to 
Smith’s experiments on systems Fe-C-Mn and 
Fe-C-Si in the austenitic range and to some more 
recent experiments of Schwarzman’ in the a range. 
In addition there have been a number of determina- 
tions of the effects of various elements on the solu- 
bility of graphite in liquid iron, and from these the 
corresponding effect in saturated solution may be 
obtained. The purpose of the present study was to 
extend the investigation of the liquid system to in- 
clude the effects of alloying elements upon the ac- 
tivity coefficient of carbon, principally in dilute 
solutions. 

Equilibrium measurements were made on the re- 
action 


The prepared mixture of CO and CO,, diluted with 
argon, flowed over the surface of the liquid metal 
which, after several hours’ exposure to the gas, 

was quenched and analyzed. As in the earlier ex- 
periments, the principal experimental difficulty was 
in the deposition of carbon on the parts of the furnace 
at temperatures slightly below that of the metal bath. 
In order to minimize this difficulty, the ratio (p.,)” 
Peo. was restricted to values not much higher than 
100 atm, and correspondingly the carbon concentra- 
tion in the metal seldom exceeded 0.30 pct. 


EXPERIMENTAL METHODS 


The method and apparatus were essentially the 
same as used by Rist and Chipman.* The gaseous 
mixture consisting of highly purified CO, CO,, and 
argon, each controlled by a flowmeter, was led into 
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the furnace and passed over the surface of the liquid- 
iron melt which was heated and stirred by high-fre- 
quency induction. One slight modification was made 
in that a molybdenum susceptor was placed outside 
the crucible for the sake of uniformity of tempera- 
ture and to combat the tendency of carbon to pre- 
cipitate on the crucible wall. Pure alumina crucibles 
approximately 25 mm ID were used. The charge con- 
sisting of about 30g was made up of electrolytic iron, 
the alloying element to be added, and enough graphite 
to supply slightly more or less than the anticipated 
equilibrium carbon concentration. 

All metals used were of high purity. Metallic chro- 
mium, columbium, and vanadium were from special 
lots supplied by the Electro Metallurgical Co. Tin, 
copper, molybdenum, tungsten, cobalt, and nickel 
were of purest commercial grades. The electrolytic 
iron, after being cut to the proper size for charging, 
was prereduced by hydrogen at 850° to 1000°C to re- 
move surface oxidation. The oxygen content of the 
reduced material was 0.002 pct. This treatment 
made it easy to control the carbon content of the 
initial melt. 

The charge was melted under the gas mixture to be 
used for the entire run. In some earlier melts the 
charge was melted under a stream of argon, but in 
this case some alumina was reduced from the cru- 
cible, and the aluminum thus absorbed in the melt 
was subsequently oxidized with the formation of a 
solid film of alumina on the surface of the melt. As 
another safeguard against film formation, over- 
heating of the bath was carefully avoided. 

All runs were made at a temperature of 1560°C. 
Under experimental conditions a charge of pure iron 
picked up 0.17 pct C in 3 hr and 0.23 pct C in 6 hr 
under an atmosphere for which the equilibrium con- 
centration of carbon is 0.27. It is clear that the time 
required to reach equilibrium from an initially car- 
bon-free melt would be very great. For this reason 
each experiment was started with a melt of known 
carbon concentration not.far above or below the ex- 
pected equilibrium value, and each melt was held at 
temperature for a period of at least 5 hr. Under such 
circumstances it was possible to chart the approach 
to equilibrium from both high-carbon and low-carbon 
materials. Temperature was controlled by frequent 
optical observation and adjustment and the metls 
were timed in such a way that the final 2 hr occurred 
during a time when electric power was steady; for 
example, 2 to 4 pm or after 11 pm. In melts contain- 
ing volatile metals such as copper, tin, and manga- 
nese the time of holding was decreased somewhat in 
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order to minimize carbon deposition catalyzed by 
metal vapors. 

At the end of the run argon was substituted for the 
gas mixture, a small pellet of aluminum was added 
to kill the melt, and the power was switched off. 

Since optical temperature measurements were 
used, it was necessary to measure the transmissivity 
of the optical system and the emissivity of some of 
the alloys. For hydrogen-treated electrolytic iron in 
argon the melting point was taken to be 1535°C and 
the emissivity 0.43, according to Dastur and Gokcen.°® 
Observations at the melting point were used to estab- 
lish the transmissivity of the system as 0.71. Obser- 
vations were also made at the iron-carbon eutectic, 


1153°C. The emissivity was found to be 0.36, which _ 


is in excellent agreement with the value extrapolated 
from Dastur and Gokcen’s equation for pure iron. It 
was concluded, therefore, in agreement with the ob- 
servations of Rist® that the emissivity of iron-carbon 
alloys is independent of the carbon content. The 
emissivity of iron-nickel and iron-copper alloys was 
taken from the work of Smith and Chipman;* that of 
iron-cobalt alloys from observations by Floridis.’ 
The rest of the alloys were assumed to have equal 
emissivity to that of pure iron. 

The effects of certain elements on the activity co- 
efficient of carbon were also determined by their ef- 
fects on the solubility of graphite. The apparatus 
used was an induction furnace fitted with a rotating 
graphite crucible in which the melt was stirred con- 
tinuously by a graphite rod. Temperatures were 
measured by an optical pyrometer which had been 
compared under the experimental conditions with a 
platinum platinum-rhodium thermocouple; the melt 
was carried out in an atmosphere of argon. Samples 
were taken in 5-mm Vycor tubing. Each run was 
started as a pure binary, and after this had been 
brought to equilibrium and sampled, successive ad- 
ditions of the alloying element were made. A period 
of 1 hr was allowed for each of these to have its ef- 
fect before the melt was sampled and the next addi- 
tion was made. 


CALCULATIONS 


The experimental results are expressed in terms 
of the equilibrium ratio, 


Pcoz2 


The term K’'' applies to the value of the ratio ob- 
served in any given ternary solution while K’ is re- 
served for the binary iron-carbon solutions and K is 
the limiting value of K’ at very small value of [% C]. 
This is obtained by extrapolation of the values of K' 
to zero [% C]. 

The activity coefficient defined as f, = a /[% C] is 
also equal to the ratio K’/K or, for the ternary sys- 
tems, K'’/K. It is of more interest to calculate the 
contribution of the alloying element to the activity 
coefficient of carbon, defined as f‘/) = K'/K’, the 
values of K'’ and K’ being taken at the same carbon 
concentration. In the plots which are shown, the 
ordinate is log K"’ or log f‘J, and the relations at a 
fixed value of [% C] are given by the following: 


Ke (or K"’) 
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log FY = log K"’ - log K' = log fo - log fe 


A series of experiments was carried out on the 
simple iron-carbon system at 1560° in order to 
check the earlier work. The agreement, while not 
perfect, was very good. The extrapolated value of K 
was found to be 525 as compared to 490 deduced by 
Rist and Chipmnn from their own results and those 
of Richardson and Dennis. Results in the binary 
system are expressed by the equation: 


log K’ = 2.72 + 0.20 [% C] 


The effect of an alloying element upon the activity 
coefficient of carbon can also be determined from 
measurements of the solubility of graphite in the 
solution. Since the activity of carbon is thereby 
fixed, an increase in the activity coefficient is ex- 
actly compensated by a decrease in graphite solu- 
bility. At constant carbon actiity this relation may 
be written: 


6 log f.-= -6log C, 


To express the change in the activity coefficient of 
carbon, f,, with concentration of alloying element, 
C;, at constant carbon concentration, the following 
derivation is employed. 

The overall effect of an addition of j to the satu- 
rated solution consists of two parts. The first is the 
effect of j itself on the carbon activity coefficient at 
constant carbon concentration; the second is the 
change in activity coefficient of carbon due to its 
change in solubility. These effects are stated in the 
following relation in which logarithmic terms are 
used as a matter of convenience: 


(6 log fo 6 log f¢ 

d log fe ( ice log Co -( 5C, j 


This is now divided by d C;, specifying constant 
carbon activity to obtain the following partial dif- 


—~ ferential equation: 


5 log fc 3 5 log fc 6 log Cc ‘ 6 log fc\ 
Jag \6log Ccfc.-0\ ag Cj 


Now since at constant carbon activity 6 log fQ 
= —5 log Cc, this expression may be rearranged to 
give: 


5 log f¢ 5 log 5 log 
5C; Ca 6 log Co 0 OC, 


The first term on the right is readily evaluated 
from the equilibrium data of Richardson and Dennis” 
as extended to graphite saturation by Rist and Chip- 
man,* while the final term comes from the solubility 
data. The concentration of each solute may be ex- 
pressed in mole fraction or in weight percent. The 
data yield the following value for mole fractions of 
carbon approximating 0.2, the solubility limit of 
graphite at 1560°: 


= 1.79 
5 log Nc 
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Fig. 1—Effect of chromium on the activity coefficient of 
carbon. 


From this result we have: 


5 log fc 


The use of the equation is restricted to solutions 
which are saturated with graphite and contain con- 
centrations of a third component which are small 
enough to result in a constant slope in a plot of log Nc 
against Nj. 

In general, the effect of a third component is not 
necessarily the same under conditions of graphite 
saturation as in the dilute solution. 


RESULTS OF EQUILIBRIUM MEASUREMENTS 


Experimental results on gas-metal equilibrium are 
shown in Figs. 1 to 10. In each case the arrows 
represent actual changes in composition from the 
first to the end of the run, and the numbers given 
beside the arrows record the final concentration of 
carbon. In the lower half of each figure, the results 
are expressed in terms of the contribution of the 
third element to the activity coefficient of carbon at 
constant carbon concentration. The circles repre- 
sent the final value obtained on each run, and the 
marks on the circles denote the direction from which 
equilibrium was approached. There is no great dif- 
ficulty in identifying the circles of the lower figure 
with the arrowheads of the upper. Consequently, the 
complete data can be shown graphically without 
necessity for extensive tabulation. 

Chromium—Data on the Fe-C-Cr system are 
shown in Fig. 1. The line in the lower figure repre- 
sents the best value obtained from our data and at 
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Fig. 2—Effect of cobalt on the activity coefficient of 
carbon. 


the same time shows complete agreement with the 
results of Richardson and Dennis.” It is expressed by 
the equation: 


log ies = — 0.024 [% C] 


Chromium is somewhat more volatile than iron 
and some losses of chromium occurred during the 
runs. At 10 pct Cr charged, the loss amounted to 
0.55 pet Cr per hr. The arrows in Fig. 1 are located 
to correspond to the final chromium concentration. 

Cobalt—Experimental work on the Fe-C-Co system 
was attended by no difficulties. The results are 
shown in Fig. 2 and at low cobalt concentrations are 
summarized by the expression: 


log ‘ars = + 0.012 [% Co] 


Columbium (Niobium)—In the iron-columbium-car- 
bon system the accuracy of the data was considerably 
impaired by the formation of a nonmetallic scum on 
the surface of the melt which interferred with cor- 
rect reading of the temperature. In order to be free 
from the scum it was necessary to hold the tempera- 
ture higher than 1610°C. After a few minutes of 
superheat, the temperature could be returned to 
1560°C, but in many cases the scum slowly formed 
again. In one heat which was charged at 10 pct Cb, 
the surface was completely covered by a precipitate 
of fine particles which failed to clear when the tem- 
perature was raised. The particles on the ingot sur- 
face were filed away and examined by X-ray diffrac- 
tion. The interatomic spacings correspond to CbC or 
Cb,C, within the limits of accuracy of available data. 
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Fig. 3—Effect of columbium on the activity coefficient of 
carbon. 


The final concentration of Cb in the melt was 7.49 pct, 
indicating that a substantial amount had been removed 
as carbide. The gas ratio in this experiment was 277. 
The experimental data are shown in Fig. 3 and by the 

equation: 


log = 0.060 [% Cb] 


Copper—Experimental results for Fe-C-Cu alloys 
are shown in Fig. 4. Copper is another volatile 
metal, and the upper parts of the crucible and the gas 
tube were coated with copper. Although this pro- 
moted deposition of carbon in the outflowing gas, it 
probably did not affect the composition of the gas im- 
pinging upon the metal. The results at low concen- 
trations of copper are given by the expression: 


log f(G») = + 0.016 [% Cul] 


This result is to be compared with the reciprocal ef- 
fect of carbon on the activity coefficient of copper. 
In terms of atom-fraction the above equation be- 


comes: 


log = + 1.8 No, 
which agrees, as required by the Wagner® relation, 
with the results of Koros and Chipman:° 
log = + 1.8 Ne 

Molybdenum —Data on the iron-molybdenum-carbon 
system are shown in Fig. 5. The straight line is ex- 
pressed in the equation: 
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Fig. 4—Effect of copper on the activity coefficient of 
carbon. 


log FW = - 0.009 [% Mo] 


Nickel—The data on the iron-nickel-carbon system 
are shown in Fig. 6. The straight line is represented 
by: 


log f°® = + 0.012 [% Ni] 


This system, as well as the binary nickel-carbon 
system, was also studied by Rist.*° The two sets of 
data are in good agreement, and the activity coeffi- 
cient of nickel from 0 to 100 pct may be represented 
by the above equation. 

Sulfur—The data on the iron-sulfur system are 
shown in Fig. 7. The principal characteristic of this 
system is that condensed sulfur promotes carbon de- 
position which occurs always at a considerable dis- 
tance from the melt. To prevent reaction of the sul- 
fur with the alumina crucible, iron sulfide was 
charged in a hole within an iron rod and was ab- 
sorbed in the metal before it came into contact with 
the crucible. The ingots segregate rather badly, and 
for this reason the data may be somewhat lacking in 
precision. The results are summarized as follows: 


log fS = + 0.090 [% S] 


For comparison with the inverse effect of carbon on 
the activity coefficient of sulfur, this may be written: 


log = + 5.1N, 


No great accuracy can be claimed for this result 
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Fig. 5—Effect of molybdenum on the activity coefficient 
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Fig. 7—Effect of sulfur on the activity coefficient of 
carbon. 


which is not in good agreement with the result of 
Morris and Buehl:** 


log = + 2.5 Nc 


Tin—Results for the iron-tin-carbon system are 
shown in Fig. 8. The effect of tin on the activity co- 
efficient seems to be negligible until its concentra- 
tion exceeds 10 pct after which a marked rise oc- 
curs. Tin reportedly is more volatile than copper, 


but the loss of tin from the melt during the run was 
lower than in the case of copper. Nevertheless, tin 
apparently promoted carbon deposition more than 
copper. A characteristic of tin melts was the pre- 
cipitation of a white powder from the melt during 
solidification. This was identified as Al,O, and its 
presence indicates that iron-tin melts react more 
strongly with the crucible than other systems that 
have been studied. 


Tungsten--The data for the iron-tungsten-carbon 
system are shown in Fig. 9. No trouble was en- 
countered in making these runs, and the ingots, like 
those of iron-molybdenum alloys, were very easily 


removed from the crucibles because of high solidifi- 


cation shrinkage. The results are summarzied by: 


log Le = — 0.003 [% W] 
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Fig. 8—Effect of tin on the activity coefficient of 
carbon. 


Vanadium—Vanadium is easily oxidized from iron 
melts, and this places a limit on the vanadium con- 
centration that can be exposed to a given gas without 
formation of the oxide. In view of this fact, the melts 
above 2 pct V were carried out under a gas whose 
ratio was higher than that used for the other alloys. 
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Fig. 10—Effect of vanadium on the activity coefficient of 
carbon. 


At 10 pct no difficulty was encountered, but at 20 pct 
a scum appeared on the surface of the melt. The re- 
sults are shown in Fig. 10 and represented by: 


log = 0.038 [% V] 


Other Systems Studied-- Among the elements in- 
cluded in the original plan of research, manganese 
held a prominent place. A number of experiments 
indicated what appeared to be an enormous effect of 
manganese on the activity coefficient of carbon. It 
was found in these experiments that manganese vapor 
is one of the most active catalysts for the deposition 
of carbon. In addition to the usual carbon deposit, 
there was further deposition of material much nearer 
to the melt than carbon is usually found. This ma- 
terial was identified by X-ray diffraction as MnO. 

It thus appears that manganese vapor had reacted 
with the entering gas stream to produce MnO, pre- 
sumably at the expense of the CO, content of the gas. 
This would raise the gas ratio and also the carbon 
content of the melt, giving rise to a spuriously large 
effect of manganese on the activity coefficient. No 
way was found to circumvent this difficulty, and it is 
concluded that the method is not applicable to iron- 
manganese-carbon alloys. The effect of manganese 
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Fig. 11—Effect of columbium on solubility and activity 
coefficient of carbon. 


on the activity coefficient of carbon in the saturated 
alloys can, of course, be determined from its effect 
on the solubility of graphite. 

This observation on manganese raises the question 
whether this same error occurred in the iron-chro- 
mium solution. Chromium is much less volatile than 
manganese but its vapor would react in the same 
manner with CO,. However, the small amount of 
Cr.,0, formed only from the 20 pct Cr melts could 
have led to only a slight exaggeration of the effect of 
chromium on carbon activity. The other volatile ele- 
ments, tin and copper, are sufficiently inert than no 
reaction with CO,in the gas mixtures could have oc- 
curred. The condensed vapors from these melts 
were metallic rather than nonmetallic. 

Iron-phosphorus-carbon solutions also were stud- 
ied, but the results were so erratic as to permit no 
definite conclusions. 

Carbon Deposition—It is of interest to summarize 
the effects of the various elements on carbon de- 
position in the gas stream above the ternary melt. 


The classification is not the same as for pure metals. 


Our experience is summarized below. 


No effect W and Mo 
Slight effect Co, Ni 
Large effect Cr 
Very large effect Mn 


RESULTS OF SOLUBILITY MEASUREMENTS 


The solubility of graphite in iron containing up to 
4 pct Cb was determined at 1580° and 1620°C. The 
results are shown in Fig. 11, and the value of log f, 
are represented by the solid line of the lower part 
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Fig. 12—Effect of vanadium on solubility and activity 
coefficient of carbon. 


of that figure. For comparison the equilibrium data 
for low-carbon solutions were recalculated to a 
mole-fraction basis, using the approximation 


0.5585 
dN; = d[(% 


where W; is the atomic weight of the third compon- 
ent. This result is shown by the broken line. There 
is no reason to expect close agreement between the 
low-carbon and the high-carbon relations. 

Similar studies were made at 1560°C on alloys 


containing up to 10 pct V. The solubility data and ac- 


tivity coefficient are shown in Fig. 12. Results from 
the equilibrium studies of low-carbon alloys are in 


this case not far removed from the high-carbon data. 


Published data on the solubility of graphite in vari- 
ous alloys of iron permit evaluation of the effects of 
several other elements. Values of d log Nc/d Nj 
were determined graphically from the slopes of the 
curves at low alloy concentration. These values will 
be referred to as ‘‘slopes”’ and are listed in Table I. 


The solubility of graphite in Fe-Al alloys at 1600°C 


was determined by Floridis and Chipman.’ They re- 
ported d log Na, = -1.17. 

For chromium, data of Matoba and Ban-ya’ at 
1600°C give a slope of +0.42. Data of Vatolin and 
Esin“* at 1450°C give a slightly lower value while 
those of Ohtani” at 1500°C agree within rather wide 
limits of error. 
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Table |. Effects of Several Elements on the Solubility of Graphite in Liquid Iron 


Slope log log fe 
5N; ONG References 
1600 -1.17 +3,26 Floridis and Chipman 
Chromium 1600 +0.42 -1.17 Matoba and Ban-ya 
-0.22 +0.6 Turkdogan al. 
olumbium 1620 +1.8 -5.0 This study 
Copper bate -1.8 +5.0 Koros and Chipman 
Manganese 0.22 e Chipman and Thomson 
Nickel 1490 -~0.42 41.2 Piwowarski and Schichtel 
Turkdogan 
1490 and Leake 
phorus 1600 —2.0 +5.6 Piwowarski and Schichtel 
1450 (-2.6) +7.3) Vatolin and Esin 
Silicon 1600 -1.75— Chipman, Small, and Wilson, 
73 +4.9 {vatoba and Ban-ya 
1250- 
Satur 1500 -1.75 +4.9 Turkdogan and Hancock 
1500 (-7.4) (+21.2) Kitchener, Bockris, and Spratt 
1250 (-11.0) (+31.0) Vatolin and Esin 
Vanadium 1560 +0.95 —2.65 This study 


22 


Data of Turkdogan et a 
slope of —0.22 at 1550°C. 

The data of Koros and Chipman? on solubility of 
graphite in Fe-Cu alloys at 1600°C give a slope of 
-1.8. Their equation relates log f, to N, at con- 
stant carbon activity, and its coefficient should be 
replaced by that shown in Table I for constant carbon 
concentration. 

For manganese, data of Chipman and Thomson” 
at 1490° show a slope of +0.22 for the range 0 to 10 
pet Mn. Data of Ohtani* at 1500°, Vatolin and Esin™* 
at 1450°, and Matoba and Ban-ya”™ at 1400° and 
Turkdogan et al.,** at 1490°C indicate approximate 
agreement but with some increase in slope as the 
temperature is diminished. 

For nickel, data of Piwowarski and Schichtel’’ 
give a slope of roughly —0.40 at 1490°C. Data of 
Turkdogan et al,” yield a slope of —0.45. 

For phosphorus, data of Turkdogan and Leake ™® 
give a slope of —2.0 at 1490°C which is confirmed by 
Piwowarski and Schichtel” at 1600°C. Data of 
Vatolin and Esin™ at 1450°C indicate a slope of —2.6. 


for cobalt lead to a 


Table Il. Effects of Alloying Elements on the Activity 
Coefficient of Carbon 


C-Saturated 


Dilute Solutions Solutions 


(6 log fe fe ( In 


Aluminum!2 = + 6.7 
Chromium - 0.024 - 5.1 - 2.7 
Cobalt +0.012 + 2.9 + 1.4 
Columbium - 0.060 - 23.0 =11.5 
Copper +0.016 + 4.2 +11.5 
Manganese - - 1.4 
Molybdenum - 0.009 - 3.5 
Nickel +0.012 + 2.9 + 2.8 
Phosphorus +12.8 
Silicon +11.2 
Sulfur +0.09 + 12.0 +11.2 
Tin +0.0 + 0.0 - 
Tungsten - 0.003 - 2.3 - 
Vanadium - 0.038 - 8.0 - 6.1 
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For silicon, data of Chipman, Small, and Wilson*® 
at 1600° have a slope of —1.75 which is confirmed by 
Matoba and Ban-ya”™ at the same temperature.. The 
data of other observers contribute approximate 
corroboration. 

Data on the Fe-C-S system are extremely con- 
flicting. The solubility of graphite was studied over 
a range of temperatures and concentrations by 
Kitchener, Bockris, and Spratt’? who expressed their 
results in the range of 0 to 0.84 pct S by the equation: 


[% C] = 1.19 + 0.00262¢ [S][1.67 0.001 (¢ 1200) 


This equation, when solved for 1500°, gives a slope of 
-—7.4. On the other hand, the more extensive experi- 
ments of Turkdogan and Hancock”® at 1200° and 
1350°C give a slope of —1.75; their somewhat scat- 
tered results at 1500°C are fitted satisfactorily by a 
line of equal slope. Vatolin and Esin™“* have published 
data for 1250°C which indicate a slope of about —11.0. 
The great discrepancies among these values can be 
resolved only by further measurements in which 
every care Should be exercised with regard to proper 
sampling and accurate analysis. 


DISCUSSION 


The effects of the elements studied are Summar- 
ized in Table II. The interactions observed by means 
of solubility determinations are in general not far 
from but not identical with those found in dilute solu- 
tions. 

Elements which form stable carbides in general 
lower the activity coefficient of carbon and the more 
stable the carbide the greater is the lowering. On 
the other hand, elements which are strongly bonded 
to iron have a tendency to raise the activity coeffi- 
cient. In the case of silicon, this effect outweighs any 
tendency to carbide formation, in conformity with its 
general behavior in Fe-C-Si alloys. Although copper 
is indifferent toward both iron and carbon, it exerts a 
substantial effect. 

There is evidence of a periodic relation between 
atomic number and e‘? as shown in Fig. 13. This is 
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Fig. 13—Variation of interaction parameter with atomic 
number. 


a corollary of the relation between atomic number 
and effect on graphite solubility pointed out by 
Sanbongi and Ohtani and Toita®’ and by Turkdogan 
and coworkers.” 


SUMMARY 


Equilibrium at 1560°C has been studied for the 
foilowing reaction in which the reactant, carbon, is 
dissolved in liquid iron in binary or ternary solu- 
tions: 


Pro, clea] 
where the concentration Cc may be expressed as 
weight percent or atom fraction. 

In dilute solution the activity coefficient f, is 
represented as a function of concentration by the ex- 
pressions: 


Fig. 14—Interaction between carbon and other solutes in 
low-carbon melts. 


6 lo G) (6ln 
Nj 
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Values of the interaction parameters e) and eY? 
are summarized in Table II. While these values are 
strictly applicable to the infinitely dilute solution, it 
is found experimentally that the slope of the line of 
the logarithm of the activity coefficient against the 
concentration is constant over a substantial compo- 
sition range within the limits of experimental error. 

Plots of the activity coefficient, using weight per- 
cent, have been given in Figs. 1 to 10. The corre- 
sponding plot of the natural logarithm of the activity 
coefficient against atom fraction is shown in Fig. 14. 

The effects of columbium and vanadium on the 
solubility of graphite in liquid iron were determined. 
These results and data from the literature on the ef- 
fects of other elements have been used to evaulate 
the effects of a third component on the activity coef- 
ficient of carbon in solutions nearly saturated with 
graphite. Data are included in Table II. 
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Hydrogen in Cold Worked Iron-Carbon Alloys 
and the Mechanism of Hydrogen Embrittlement 


Cold working of iron-carbon alloys was found to increase 
greatly the hydrogen solubility and to decrease the diffusivity at 
temperatures up to 400°C. These effects are increasing functions 
of both the carbon content and the degree of deformation. 

The hydrogen behavior is consistent with the idea that cold 
working creates ‘‘traps’’, which are concluded to be microcracks 


in which the hydrogen is chemisorbed. Hydrogen embrittlement is 


M. L. Hill 


explained by the Petch theory of metal crack surface energy loss 


due to hydrogen adsorption. 


Hyprocen embrittlement of steel has been studied 


for many years and has been the subject of an exten- 
Sive literature, but the mechanism of the effect has 
not been completely understood. The embrittlement 
is unusual in that the ductility loss is not accom- 
panied by an increase of the yield strength, being 
primarily a decrease of the fracture strength alone. 

The loss of fracture strength is usually most 
severe in the temperature range between 0° and 
100°C. Here the solubility of hydrogen in the iron 
lattice at ordinary Hz pressures is extremely low 
while the diffusivity is still quite high. From the re- 
lationships between the ductility and the hydrogen 
content, test temperature and strain rate, it is ap- 
parent that the hydrogen atoms causing the ductility 
loss diffaise to and concentrate in small regions of 
the metal which are especially susceptible to the 
initiation and propagation of fracture. This hydrogen 
segregation apparently occurs after plastic straining 
has begun. Below 0°C the ductility loss persists only 
at low strain rates in confirmation of the view that 
the embrittlement is diffusion controlled. The ten- 
dency of the embrittlement to disappear above 100°C 
can be explained by the increasing lattice solubility 
of hydrogen with rising temperature. 

A common view of hydrogen embrittlement of steel 
is that the hydrogen initially dissolved in the metal 
lattice diffuses to structural discontinuities and 
there precipitates as Hz gas at very high pressures 
which assist the external stress in causing prema- 
ture failure.”* The idea of a high H, pressure in 
equilibrium with ordinary amounts of hydrogen in 
steel at room temperature is due to observations of 
hydrogen behavior in fully annealed material, for 
which the Sieverts’ law constant relating solute con- 
centration to H, pressure is extremely small. Hy- 
drogen-embrittled steel, however, is always plastic- 
ally deformed to some extent, and therefore it is im- 
portant that hydrogen embrittlement be explained 
primarily in terms of hydrogen behavior in plastic-_ 
ally deformed material. Such an explanation is at- 
tempted in this paper. 

MAYNARD L. HILL and EDWIN W. JOHNSON, Members AIME, are 
Research Metallurgist and Advisory Physical Chemist, respectively, 


Westinghouse Research Laboratory, Pittsburgh, Penn. 
Vanuscript submitted November 11, 1958. IMD. 
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Previous studies of hydrogen in cold-worked steel 
have shown that both the solubility and the diffusion 
rate are significantly changed when the steel is cold 
worked. Darken and Smith® discovered that the 
amount of hydrogen absorbed from acid by cold- 
rolled steel at 35°C is many times greater than that 
absorbed by hot-rolled steel. They found also that 
the hydrogen permeability of the steel is unaffected 
by cold working. Keeler and Davis* confirmed the 
high apparent solubility of hydrogen in cold-worked 
iron-carbon alloys at temperatures up to and even 
beyond the recrystallization temperature. They also 
found that this solubility increase accompanying cold 
work is a sensitive function of the carbon content, 
being absent when no carbon is present. 

The present experimental study was undertaken 
primarily to obtain an improved understanding of the 
behavior of hydrogen in cold-worked steel. Data 
were obtained on the effects of temperature, H, 
pressure, carbon content, and degree of cold work 
on the hydrogen solubility and diffusivity in iron- 
carbon alloys. These data have been helpful in 
elucidating the nature of the cold-worked steel 
structure as well as in providing information on 
the mechanism of hydrogen embrittlement of steel. 


EXPERIMENTAL 


Cylindrical specimens for hydrogen absorption 
and diffusion rate measurements were prepared 
from three iron-carbon binary alloys and a com- 
mercial SAE 1010 steel. The iron-carbon alloys 
were prepared by vacuum melting electrolytic 
iron with graphite in a magnesia crucible. The 
alloys were cast in vacuum as 2 1/2-in. sq ingots 
weighing about 20 lb each. The ingots were hot 
rolled (above 1900°F) to 5/8-in.-diam round bars 
and then cooled in air to room temperature. The 
resulting metallographic structure consisted of 
islands of fine pearlite surrounded by free ferrite. 
Chemical analyses of the materials are given in 
Table I. 

The 5/8-in. diam bars were turned to diameters 
such that cold reduction to the desired final speci- 
men diameters would result in either 30 or 60 pct 
reduction in area (RA). The machined bars were 
then cold worked by swaging at room temperature 
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Table |. Chemical Composition of Materials 


Al Pet) “PetPets Pct Pct = iret 


Fe—0.05 pctC 0.051 0.002 nd 0.006 nd nd nd nd 0.0026 
Fe—0.16 pctC 0.16 0.002 0.003 0.011 nd nd nd 0.06 nd 

Fe—0.21 pctC 0.21 0.002 nd 0.01 nd nd nd 
SAE 1010 0.10 0.40 0.01 0.031 0.016 0.032 0.011 nd nd 


nd — not determined 


and cut into the desired specimen lengths. The final 
specimens were 1/4 and 3/8 in. in diam and 3/8 to 
1 in. long. 

All specimens were charged with hydrogen by 
heating in H, gas, following which they were water 
quenched from the charging temperature. Two kinds 
of hydrogen charging apparatus were employed. In 
the one, tank hydrogen at atmospheric pressure 
flowed through a 2 1/2-in.-ID porcelain furnace tube 
containing a 2-1/4-in. diam by 10-in. long block of 
aluminum with several 7/16-in. diam holes contain- 
ing the specimens. The.aluminum block provided a 
uniform temperature zone in which the specimens 
were held at a known temperature between 200° and 
400°C. The precision of specimen temperature con- 
trol was + 2°C. 

The second hydrogen-charging apparatus was a 
heated DISCALOY retort in which the samples were 
heated in Hz at pressures up to 150 atm and then 
water quenched within the pressure vessel. The pre- 
cision of specimen temperature control in this 
‘“‘oressure-charging’’ apparatus was within 5°C. 

Following hydrogen charging and quenching, all 
specimens not intended for immediate testing were 
stored in liquid nitrogen. Hydrogen analysis and 
diffusion rate measurements were performed in the 
apparatus previously used for the determination of 
the diffusivity of hydrogen in nickel,® except that an 
additional three-stage mercury diffusion pump was 


Table lil. Hydrogen Content of 60 pct RA, 0.16 pct C Alloy 
Treated at Atmospheric Pressure 


Average Maximum 
Ppm Pct 
212 24 2 7.35 2 
PA 65 1 10.6 - 
212 1 11.1 - 
212 113 1 12.2 - 
212 163 1 13.1 = 
231 65 5 11.5 4.3 
231 72 1 
231 93 1 11.4 ~ 
231 112 1 11.6 - 
231 136 1 ia | = 
240 92 3 7. 4.1 
262 4 2 4.75 abel 
262 iby 2 7.2 0 
262 17 2 8.2 1.2 
262 24 2 8.4 10.0 
262 66 2 10.45 1.4 
262 87 2 9.9 0.5 
313 6% 2 5.4 0 
313 174, it 6.9 - 
313 24%, 1 7.4 
313 467, 1 
365 1 122 = 
365 1, 1 2.1 
365 1 2.3 
365 20 25) 
365 117 1 2.5 - 
365 284 1 2.6 - 
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Table Il. Hydrogen Content of 30 pet RA, 0.16 pct C Alloy 
Treated at Atmospheric Pressure 


Temp., Time, No.of Average HContent, Deviation, 
KG Hr Specimens Ppm Pct 
262 24 1 PASI - 
262 64 2} 25 8.7 
262 88 2 2.55 2.0 
313 2105 2: 1.8 
313 46.5 2 2.15 6.5 


situated between the extraction furnace and the 
flowmeter constriction c. 

As a check on the completeness of hydrogen ex- 
traction from the solid specimens during vacuum 
heating for 1 hr at 650°C, several specimens thus 
treated were subsequently analyzed by vacuum 
fusion. Less than 0.2 ppm of additional hydrogen was 
recovered in each case. This amount is negligible in 
comparison with the initial hydrogen contents, and 
therefore the amount of hydrogen extracted in 1 hr 
at 650°C was taken as accurately representing the 
initial hydrogen content of the specimen. 


RESULTS 


Hydrogen Retention at Room Temperature—An 
attempt was made to estimate the diffusivity of 
hydrogen in cold-worked steel at room tempera- 
ture. Four 3/8-in. diam by 7/8-in. long speci- 
mens of the Fe + 0.16 pct C alloy, cold swaged to 
60 pct RA, were hydrogen charged in 1 atm Hz; and 
at 231°C for 70 hr. Two of these samples were 
analyzed immediately after charging to yield the re- 
sults 11.0 and 11.5 ppm hydrogen. The remaining 
samples were stored in vacuum at room tempera- 
ture for 42 and 52 days respectively and then an- 
alyzed. The results were 11.0 and 11.6 ppm. Thus 
there was no detectable loss of hydrogen on stand- 
ing in vacuum for 6 weeks at room temperature. 

A much longer-term experiment was performed 
on 1/4-in. diam by 1-in. specimens of the SAE 1010 
steel which had also been cold reduced to 60 pct RA. 
Seven specimens were charged in 1 atm H, at 225°C 
for 70 hr. The average hydrogen content of three 
specimens immediately after charging was 15.3 + 0.5 
ppm (the 0.5 ppm being the mean deviation). The re- 
maining four specimens stood in air at room tem- 
perature for 511 days, following which their average 
hydrogen content was found to be 15.3 + 0.8 ppm. 
Thus there was no detectable loss of hydrogen on 


standing for nearly 1 1/2 years at room temperature. 


In strong contrast, it is commonly found that 1/4- 
to 3/8-in. diam specimens of as-cast or hot-rolled 
steel lose up to 90 pct of their hydrogen in only 4 or 
5 days at room temperature. The corresponding 
hydrogen diffusivity has been measured as 2 x 1077 
Sq cm per sec.” The high reproducibility of this 
value, as obtained from samples of different diam- 
ters and shapes, indicates that the evolution rate is 
diffusion controlled. The fact that the corresponding 
evolution rate from the 60 pct cold-worked speci- 
mens is immeasurably small indicates that the hy- 
drogen diffusivity in this material at 25°C is no 
greater than 10 ~ sq cm per sec. 

Hydrogen Absorption at 1 Atm Hz Pressure— 
Hydrogen absorption measurements were performed 
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Fig. 1—Hydrogen content of cold-worked 0.16 pct C alloy 
treated in 1 atm pressure hydrogen. 
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on the 0.16 pct C alloy that had been cold swaged to 
both 30 and 60 pct RA. Several 3/8-in. diam by 7/8- 
in. long specimens were heated in 1 atm H, in the 
aluminum block apparatus, and samples were re- 
moved and analyzed periodically. The results for the 
30 pct RA material are listed in Table II, and those 
for the 60 pct RA material are in Table III and 
plotted in Fig. 1. It was found that the time required 
for the hydrogen content of a 60 pct RA specimen to 
reach a constant value decreased from about 200 hr 
at 212°C to 20 hr at 365°C. These values of the 
charging time were used subsequently as minimum 
charging periods to effect a uniform hydrogen con- 
centration in the material. 

The logarithms of the final or equilibrium hydro- 
gen contents given in Tables II and III are plotted 
against 1/T (T being absolute temperature) in Fig. 2. 
It is seen that the points for 60 pct RA define a 
straight line in the temperature range below 313°C, 
while the point for 365°C is considerably below this 
line. The equilibrium hydrogen contents of the 30 pct 
RA specimens were about 1/4 those of the 60 pct RA 
specimens. 

These results confirm the data of previous 
workers* in showing that the solubility of hydrogen 
in cold-worked steel is much higher than that in 
undeformed material. Literature values for the 
latter solubility are not available for temperatures 
below 400°C, but extrapolation employing the equa- 
tion of Geller and Sun® yields 0.13 ppm as the solu- 
bility of hydrogen in undeformed iron or steel at 
290°C. This solubility was also determined directly 
with the aid of the pressure-charging apparatus, and 
the result was 0.31 ppm.’ Thus the hydrogen solu- 
bility in the 60 pct cold-worked 0.16 pct C alloy at 
290°C is some 28 times that in undeformed material. 


Table IV. Hydrogen Content of 60 pct RA, 0. O° pet C, 
and 0.21 pct C Alloys Treated at 290°C 


Average Average 
Alloy Pressure, No. of H Content, Deviation, 

Atm Specimens Ppm Pet 
0.05 pet C 23.8 3 10.7 6.5 
0.05 pet C 63.9 3 14.3 PRA 
0.05 pet C 107 3 
0.05 pet C 113 3 17.3 2.8 
0.21 pet C 23.8 4 54 1.0 
0.21 pet C 63.9 3 109 12.0 
0.21 pct C 107 3 172 5.3 
0.21 pet C 113 8 131 4.9 
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Fig. 2—Equilibrium hydrogen content in cold-worked 
0.16 pct C alloy at 1 atm H, pressure. 


It should be noted also that the solubility in cold- 
worked material decreases with increasing tempera- 
ture (exothermic behavior) while that in annealed 
material increases (endothermic behavior). 

Effect of Hz Pressure on Hydrogen Absorption— 
For determining the isothermal variation of the 
equilibrium hydrogen content, c, with H, pressure, 
p, 1/4-in. diam by 3/8-in. long specimens of the 
0.05 pet C and 0.21 pet C alloys, all cold reduced 
to 60 pct RA, were heated at 290°C for 60 hr at 
various H, pressures up to 113 atm and then an- 
alyzed. The results are listed in Table IV and 
plotted in Fig. 3 as log c vs log p. The measure- 
ments on the 0.05 pct C alloy were quite repro- 
ducible, and the points in Fig. 3 define a satisfac- 
tory straight line having the equation 


(For 0.05 pet C, 60 pct RA at 290°C) : 
c(ppm) = 4.2 [p (atm)]°°*° 


The measurements on the 0.21 pct C alloy were 
less reproducible and yielded points in Fig. 3 having 
greater scatter. The line through these points is 
considered to best represent the data. The corre- 
sponding equation is 


(For 0.21 pct C, 60 pct RA at 290°C) : 


c(ppm) = 6.3 [p(atm)]°" 


Hydrogen Capacity as a Function of Carbon Con- 
tent—From the above results it is possible to esti- 
mate the dependence of the hydrogen capacity on 
the carbon content at 290°C. At 100 atm Hz pres- 
sure, reliable experimental values of c in both the 
0.05 and 0.21 pct C alloys at 60 pct RA may be ob- 
tained by interpolation in Fig. 3. By interpolation 
also, we estimate that the hydrogen capacity of the 
0.16 pct C alloy is proportional to about p**°, from 
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Fig. 3—Hydrogen content of cold-worked iron-carbon alloys 
treated at 290°C. 


which it is computed that the solubility at 290°C and 
100 atm H, pressure should be 89 ppm. These values 
are plotted in Fig. 4 to show the effect of carbon 
content on the equilibrium hydrogen content at 290°C 
and 100 atm H, pressure. 

Keeler and Davis reported that the equilibrium hy- 
drogen capacity of carbon-free material is unaffected 
by cold working. This finding has been confirmed by 
our own tests and is also consistent with the trend of 
the data in Figs. 3 and 4. The hydrogen solubility in 
undeformed material at 290°C and 100 atm H, pres- 
sure was found experimentally to be 3.1 ppm. This 
value has been plotted in Fig. 4 as the hydrogen solu- 
bility in cold- worked iron containing no carbon. 

Diffusivity Measurements—The diffusion rate of 
hydrogen in the cold-worked iron-carbon alloys 
was determined from nonsteady evolution rate meas- 
urements. The experimental-and computational 
techniques for this purpose have been described.° 
Specimens 3/8 in. diam by 7/8 in. long of the 0.16 pct 
C alloy were equilibrated with 1 atm Hz at 230°C. 
The rates of hydrogen evolution from these speci- 
mens into vacuum were measured at temperatures 
from 250° to 400°C. Plots of log (-— dc/dt) vs time 
were found to be initially curved and subsequently 
linear in accordance with diffusion theory predic- 
tions based on the evolution rate being diffusion con- 
trolled, as well as with the hypothesis that the dif- 
fusivity is independent of concentration. 

The slopes of the linear portions of the curves 
yielded values of the inverse rate constant 7, de- 
fined as the period in which the hydrogen content of 
the specimen decreases to 1/10 its value after the 
log rate vs time curve becomes linear. The ap- 
parent diffusivity, D, was then computed from: 


4.29 
a2 
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in which a and b are the specimen diameter and 
length, respectively. 

Experimental values of 7 and the resulting values 
of D are listed in Table V and plotted as log D VS 
1/T in Fig. 5. The diffusivity in undeformed iron is 
also plotted in Fig. 5. The apparent diffusivity in the 
cold-worked specimens is lower than that in unde- 
formed material by factors of from 3 (for 30 pct RA 
at 350°C) to 24 (for 60 pct RA at 250°C). Presum- 
ably these discrepancies increase rapidly as the 
temperature is lowered. 


DISCUSSION 


Information from the Literature—The present 
experimental data agree with the findings of Darken 
and Smith, and Keeler and Davis to the effect that 
the hydrogen absorptive capacity of iron-carbon 
alloys is greatly increased by cold deformation. To 
explain this effect, Darken and Smith proposed that 
deformation creates ‘‘traps’’ in which the hydrogen 
is strongly bound and effectively immobilized. The 
physical nature of the ‘‘traps’’, however, was not 
specified. 

Keeler and Davis examined the possibility that the 
hydrogen might be accommodated as H, gas in voids 
created by cold deformation. On the assumption that 
the observed decrease of metal density accompanying 
deformation was due to void formation, and further 
that the increased hydrogen capacity was due to the 
filling of these voids by H, gas, they computed that 
the pressure of H, in the voids must be of the order 
of 500 atm. This high equilibrium pressure within 
the specimen is impossible when the external pres- 
sure is only 1 atm, and therefore the possibility of 
the extra hydrogen’s being in gaseous form was 
abandoned by Keeler and Davis. 

The above literature has been reviewed by 
Heller, *° who examined the possibility that the 
‘‘traps’’ might be either dislocations or vacancies. 
From the hydrogen yield-point phenomenon re- 
ported by Rogers,” Heller estimated that the 
energy of strain interaction between a hydrogen 
atom and a dislocation is less than 0.2 ev, and 
therefore he concluded that hydrogen trapping by 


T 
@: 
Q 
2 
OO = 
32) 
ae 
| | | 
0 0.05 0.10 0.15 0.20 0.25 
he Carbon 


Fig. 4—Hydrogen content of cold-worked iron-carbon alloys 
as a function of carbon content. (100 atm, 290°C, 60 pct RA). 
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dislocations should occur only at temperatures far 
below room temperature. Heller concluded further 
that trapping above 25°C is by chemical adsorption 
of hydrogen atoms in lattice vacancies. 

If Heller’s hypothesis of hydrogen trapping in 
vacancies is correct, it would be expected that the 
amount of trapped hydrogen should drop rapidly as 
the vacancies are ‘‘annealed out’’ on heating. In 
plastically deformed nickel the release of intern- 
ally stored energy at about 250°C” has been at- 
tributed to the ‘‘annealing out’’ of vacancies by self- 
diffusion. The activation energy of self-diffusion in 
iron is approximately the same as that for nickel, 
from which it would seem that annealing out of 


vacancies in iron should also occur at around 250°C. _ 


Actually Wang and Brown** have reported an energy 
release from cold-worked iron at only 150°C, and it 
appears that this may be associated with a reduction 
of the vacancy concentration to its equilibrium value. 

The trapping of hydrogen in cold-worked steel 
persists at much higher temperatures than these. 
The data in the present paper indicate that a large 
amount of trapping still occurs at 365°C. Darken and 
Smith, moreover, have reported that the equilibrium 
hydrogen content of cold-rolled steel was not re- 
stored to the value characteristic of hot-rolled steel 
by even a normalizing treatment of 72 hr at 840°C. 
Since vacancies introduced during deformation should 
be eliminated at temperatures far below this, it ap- 
pears that hydrogen trapping cannot be reasonably 
attributed to lattice vacancies. Dislocation mechan- 
isms are objectionable for the same reason, in 
addition to those given by Heller. It is therefore 
concluded that the trapping behavior is due toa 
considerably more extensive and permanent kind of. 
damage to the metal structure than the formation of 
simple lattice defects such as dislocations or vac- 
ancies. In particular it appears that the traps are 
considerably larger than a single lattice atom spac- 
ing. 

The earlier data of Moore and Smith” on the be- 
havior of hydrogen in ‘‘rolled iron’’ are in accord 
with this conclusion. Moore and Smith’s specimens 
were extremely thin (0.06 mm) strips that had pre- 
sumably been drastically cold worked. The amount 
of hydrogen absorbed by this material was much 
higher than the solubility in undeformed iron. 
Largely on the basis of such data, apparently, D. P. 
Smith” formulated his ‘‘rift’’ theory of hydrogen 
occlusion in metals. According to this theory the 
hydrogen is accommodated in lattice discontinuities 
or fissures called ‘‘rifts.’’ These were assumed to 
be interconnected such that diffusion would occur 


Table V. Apparent Diffusion Coefficient during Evolution 
of Hydrogen from Cold-Worked 0.16 pct C Alloy 


Reciprocal Apparent 
Deformation, Evolution No. of Rate Diffusion 
Pct RA ues Trials Constant T Coefficient, 
(Min) Sq Cm per Sec 

30 250 1 168 8.3 x 107° 
30 300 1 90 1.5 x 107° 
30 350 af 50 2.8 x 107° 
60 250 1 780 1.850105" 
60 300 1 390 3.6 x 107° 
60 350 2 163 8.6 x 10-° 
60 400 1 83 
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Fig. 5—Apparent diffusion coefficient of hydrogen in cold- 
worked 0.16 pct C alloy. 


through the rift network rather than through the 
lattice. ; 

The concept of interconnected rifts is difficult to 
rationalize with other views of metal structure. It 
is also unnecessary for explaining diffusion, since 
the latter can readily occur through the lattice. If 
the condition that the rifts be interconnected is 
omitted, however, it is readily seen that Smith’s 
basic concept of rifts in cold-worked steel is quite 
close to the suggestion made here that cold working 
causes an essentially permanent kind of damage to 
the metal structure characterized by lattice dis- 
continuities extending over many interatomic dis- 
tances. 

Interpretation of the Present Solubility Data— From 
the above literature data it is apparent that hydrogen 
in cold-worked steel exists in at least two distinct 
forms. In addition to the trapped hydrogen there 
should be a finite (but usually minor) amount of hy- 
drogen dissolved interstitially in the iron lattice. 
The solubility of this lattice dissolved hydrogen 
should not be greatly changed by cold working, and 
therefore the large increase of the total hydrogen 
content accompanying cold work is assumed to be 
due to an increase in the amount of the trapped 
hydrogen alone. 

It seems reasonable to assume further that the two 
forms of hydrogen are in equilibrium with each other 
as well as with the external atmosphere. The trapped 
hydrogen content should therefore be calculable by 
subtracting the lattice solubility from the total hy- 
drogen content. In the present case the lattice solu- 
bility is always relatively small, and therefore the 
total hydrogen content has been approximated as the 
trapped content alone. 
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The heat of hydrogen trapping should be calculable 
from the variation of the trapped hydrogen content 
with temperature. The linear portion of the curve for 
60 pct RA below 300°C in Fig. 2 probably corre- 
sponds to the case where the total number of sites 
available for hydrogen trapping is constant while the 
number of hydrogen particles occupying these trap 
sites varies with temperature in the usual manner. 
For the reaction 


1 
5 H, (g) = H (trapped) 


the enthalpy corresponding to the slope of the linear 
portion of the curve is —2.9 kcal per g atom. Since 
the enthalpy of lattice solution is +6.5 kcal per g 
atom,® it is apparent that the transfer of 1 mole of 
hydrogen atoms from interstitial lattice sites to 
traps should have an average enthalpy of — 9.4 kcal. 

The slope of the line through the two points for the 
30 pct RA 0.16 pct C alloy in Fig. 2 is approximately 
the same as that of the curve for 60 pct RA. Evi- 
dently the enthalpy of trapping is the same in both 
alloys, and the mechanism of trapping is the same 
also. The amount of hydrogen absorbed by the 60 pct 
RA material is about 3.9 times that taken up by the 
30 pct RA material, and presumably the numbers of 
trap sites in the two materials are in the same ratio. 

The downward break in the curve for 60 pct RA 
occurring above 300°C is apparently due to the dis- 
appearance of some of the trap sites on heating. An 
indication of the speed of this disappearance is pro- 
vided by the shape of the 365°C isotherm in Fig. 1. 
Apparently the trap sites disappear at least as 
rapidly as hydrogen is absorbed by the specimen, 
and the number of sites reaches its equilibrium 
value well before the hydrogen content becomes con- 
stant. The equilibrium number of sites is stable at a 
given temperature, see Fig. 1, and is also highly 
temperature sensitive in the range around 365°C. 
The solubility at 365°C is 40 pct of the value ob- 


Temperature (°C) 
500 400 300 200 100 
T 


Emmett & Harkness 
(sintered iron powder) 


60% C.W. O.16C Alloy 


Hydrogen Adsorbed (ppm) 


1.0 1.4 1.8 2.6 
low 
T (°K) 
Fig. 6—Comparison of adsorption by iron powders and 
cold-worked 0.16 pct C alloy. 
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tained by extrapolation from temperatures below 
300°C and some 10 times the lattice solubility. This 
behavior of a spontaneous process (viz. the disap- 
pearance of the trap sites) indicates that the sites 
are not identical but have a continuous gradation of 
strength or permanence, with the weakest being 
eliminated at the lowest temperatures. 

Significant information is obtainable from the 
dependence of the trapped hydrogen content on the 
carbon content, Fig. 4. Since practically all of the 
carbon is present as iron carbide (specifically 
Fe,C lamellae in pearlite), itis clear from Fig. 4 
that the amount of trapped hydrogen is a function of 
only the amount of carbide phase present and is not a 
property of the iron lattice at all. It must therefore 
be concluded that the traps are located only within or 
very near the carbide platelets of the pearlite. 

The above information confirms the conclusion 
reached earlier that the traps are not associated with 
simple defects such as dislocations or vacancies in 
the iron lattice. It appears rather that the structure 
of the traps is relatively complex, such that the vari- 
ous atomic sites possess variable strengths or 
energies. We have already concluded that the traps 
are probably large in comparison with the lattice 
atom spacing, and therefore it appears that the 
traps are actual discontinuities of the crystal ma- 
terial, probably being cracks. 

The hypothesis of crack formation is in good ac- 
cord with the known density decrease of steel ac- 
companying cold work. This effect and its relation 
to hydrogen behavior have been studied by Keeler 
and Davis, who demonstrated the inadequacy of ex- 
plaining the hydrogen capacity of deformed steel in 
terms of voids being filled with H, gas. The surfaces 
of the voids or cracks would be extremely active 
chemically, however, and therefore it seems likely 
that hydrogen coming into contact with these sur- 
faces would be chemically adsorbed or ‘‘chemi- 
sorbed.’’ The observed hydrogen trapping behavior 
would then be explained by the combined phenomena 
of internal cracking and hydrogen chemisorption. 

To examine this possibility we may consider the 
isothermal dependence of the trapped hydrogen con- 
tent on the H, pressure. From the curves in Fig. 3 
and the resulting empirical equations it is seen that 
the trapped hydrogen content at 290°C in the 60 pct 
cold worked 0.05 pct C and 0.21 pct C alloys is pro- 
portional to and respectively. Thus neither 
of these materials conforms to Sieverts’ law, which 
applies to dilute atomic solutions and requires that 
the solubility be proportional to p°®. Nor do they 
conform to Henry’s law, which requires proportion- 
ality to p'° and would apply if H, molecules were 
contained in the material in either dissolved or 
gaseous form (as in voids). The empirical equations 
are, however, of the same general form as the 
Freundlich equation, which expresses the isothermal 
pressure dependence of chemisorption. 

The chemisorption of hydrogen on iron powders 
has been extensively studied in connection with the 
catalytic synthesis of ammonia .’®-” A typical chem- 
isorption isobar for 1 atm H, pressure, as given by 
Emmett and Harkness,” is compared with the 1 atm 
solubility isobar for H, in the 60 pct RA 0.16 pct C 
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alloy in Fig. 6. Below 300°C the slopes of the two 
curves are Similar, indicating that the heats of 
trapping and chemisorption are comparable. 

The iron powder on which the chemisorption 
isobar was run had been ‘‘stabilized’’ by heating to 
500°C prior to the adsorption measurements. The 
volume of hydrogen taken up by a given weight of the 
material was approximately double that absorbed 
by the freshly deformed iron-carbon alloy below 
300°C, and 10 times as great as the trapped hydro- 
gen content at 365°C. If trapping is a chemisorption 
phenomenon, therefore, the number of adsorption 
sites (or area of active surface) in the cold-worked 
material would have to be about one-half that of the 
stabilized iron powder below 300°C and about one- 
tenth as great at 365°C. 

It appears that there are two possible mechanisms 
by which the internal cracks might be formed. We 


have stated that the traps are probably located either 


within or very near the carbide platelets in the 
pearlite, and therefore the cracks might be either in 
the carbide phase or in the nearby ferrite. One pos- 
sible mechanism of cracking is that the Fe;C 
platelets might break up during the deformation. To 
check this possibility, the thickness of the carbide 
platelets was determined metallographically and 
found to be about 500A. It appears that carbide sur- 
faces adsorb hydrogen about as strongly as iron 
does,*° and to account for a carbide surface equal to 
from 1/10 to 1/2 the specific area of the iron cata- 
lyst powders, therefore, it was estimated that the 
carbide platelets would have to be broken up into 
cubes. This degree of breakage seems unlikely 
since the platelets, being extremely thin, should 
bend elastically. 

The second possible mechanism of crack forma- 
tion is derived from the theory of brittle fracture 
advanced by Petch,”’ Stroh,” and others.7”™* Ac- 


Fig. 7—Electron micrograph of 0.16 pct C alloy cold rolled 
to 60 pct RA. X25,000. Reduced approximately 53 pct for 


reproduction. 
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cording to this theory dislocations generated in a 
ductile phase move to and pile up at barriers 
formed by precipitates or grain boundaries. This 
accumulation produces a localized stress which is 
sufficient to tear the lattice and produce a micro- 
scopic crack, which in turn acts as a site for 
initiation of fracture. In the present material the 
dislocations are presumably generated in the 
ferrite, and the dislocation pileups leading to 
microcrack formation probably occur at the car- 
bide-ferrite interfaces in the pearlite. If the total 
crack area produced in this way were equivalent 
to about 1/10 the area of the ferrite-carbide inter- 
face, the observed hydrogen trapping could be ac- 
counted for by chemisorption on the crack surfaces. 
The possible existence of cracks in both the car- 
bide platelets and the ferrite lamellae in the 
pearlite was examined by electron microscopy. A 
few large cracks in the carbide platelets were seen, 
but there was no evidence of the very extensive 
breakage mentioned above. On the other hand, there 
were numerous deep fissures near the carbide- 
ferrite interfaces. These are apparent in Fig. 7, 
which is a typical electron micrograph of a 60 pct 
cold-worked specimen of the 0.16 pct C alloy. This 
picture was obtained by transmission through a 
carbon replica shadowed with chromium at an angle 
of about 30 deg. Before shadowing, two 0.33y diam 
polystyrene spheres were placed on the replica sur- 
face. The relation of the replica and shadowing to 
the original etched specimen surface is diagrammed 
in Fig. 8. Protrusions on the replica with the same 
shadowing as the spheres represent depressions 
in the original specimen surface. Several dark 
structures are seen in Fig. 7 near the vertical cen- 
ter line of the photograph. From the shadowing, 
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Fig. 8, itis apparent that these represent very nar- 
row and deep depressions in the original surface. 
These are interpreted as cracks near the carbide- 
ferrite interfaces. 

The extent of such cracking was estimated from 
micrographs of lower magnification to be of the 
order of 1/10 the total carbide-ferrite interfacial 
area. This area is of the correct order of magnitude 
to account for the hydrogen trapping behavior by a 
chemisorption mechanism. 

Interpretation of the Observed Diffusivity—There 
is no obvious basis for Supposing that the cracks are 
interconnected, and it therefore seems reasonable to 
assume that the diffusion of hydrogen occurs mainly 
through the lattice. If the trapped and lattice dis- 
solved forms of hydrogen are in equilibrium, as as- 
sumed previously, the only rate limiting step in the 
diffusion should be that associated with the lattice 
diffusion activation energy. 

The diffusivity measured in the present work was 
computed from the time (7) necessary to exhaust a 
given fraction of the total hydrogen from the speci- 
men. It is presumed that at any given time only a 
small fraction of the total hydrogen in the material 
is lattice dissolved while the remainder is trapped. 
Thus if the total hydrogen content of the specimen is 
N times the lattice solubility, the time (7) required 
to exhaust a given fraction of the hydrogen should 
be just N times that found with material containing 
no traps, since the lattice hydrogen concentration 
gradient at any given value of the total hydrogen 
content will be only 1/N that in the latter material. 
The diffusivity measured by the present method 
would then be 1/N times the actual lattice diffusivity. 

The above relationship is well confirmed by 
Darken and Smith’s finding that cold working does 
not perceptibly alter the hydrogen permeability of 
steel. The permeability is given by the product of 
the solubility and diffusivity, and this product should 
remain constant during cold working, as found by 
Darken and Smith, if the above assumptions are cor- 
rect. 

In the present research it was found, Fig. 5, that 
the hydrogen diffusivity in cold-worked material was 
markedly lower than that in annealed material. At 
300°C the increase of hydrogen solubility resulting 
from 30 pct RA was by a factor of 6.9, and the de- 
crease of diffusivity was by a factor of 4.2. The 
solubility increase accompanying 60 pct RA, more- 
over, was by a factor of 28 while the diffusivity de- 
creased by a factor of 16. At both cold-work levels, 
therefore, the diffusivity was about 70 pct higher 
than the value which would have been computed from 
the solubility increase alone on the basis of the above 
model. A possible reason for this discrepancy is that 
the cracks, though not extensively interconnected, 
might help to speed hydrogen diffusion to some ex- 
tent by surface diffusion. It is also possible that the 
hydrogen diffusivity in the lattice actually increases 
during cold working rather than remaining constant 
as assumed. Such behavior would be consistent with 
the behavior of other systems in which cold working 
is known to increase the diffusivity.” In any case 
the present data are generally consistent with the 
idea that the hydrogen traps (or cracks) are not ex- 
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tensively interconnected and that the main hydrogen 
diffusion paths are still through the lattice. 

The Mechanism of Hydrogen Embrittlement of 
Steel—Thus far we have been concerned with only 
the effects of the traps on the hydrogen behavior. 
We now consider the reverse effect, namely the 
influence of the hydrogen on the behavior of the 
traps. In this connection it is interesting that D. P. 
Smith noted that the entry of hydrogen into cold- 
work metal resulted in a stabilization of the ‘‘rift’”’ 
structure and also a tendency to develop it further, 
such that the hydrogen was stated to be capable of 
producing an additional cold-work effect.” This ob- 
servation is consistent with the idea that the re- 
lationship between the hydrogen and the traps is a 
true interaction in which each participant is able to 
influence or to stabilize the other. 

The chemisorption of hydrogen on a clean iron 
surface contrasts sharply with the solution of hydro- 
gen in the iron lattice in that heat is released 
(exothermic process) rather than absorbed (endo- 
thermic). The heat given off is presumably derived 
principally from the metal surface free energy, ina 
process wherein the high-energy iron surface is re- 
placed by an adsorption complex of lower surface 
energy. 

The effect of adsorption on the fracture strength 
has been treated by Petch,”° who has shown mathe- 
matically that adsorption on the surfaces of micro- 
cracks reduces the metal surface energy and per- 
mits the cracks to grow while the external stress is 
still below the fracture stress. As a result, the 
material fails at a lower external stress than when 
no adsorption is present. This reduction of the 
fracture strength is the principal observed char- 
acteristic of hydrogen embrittlement of steel. 

The present research contributes additional ex- 
perimental confirmation of Petch’s theory. New evi- 
dence of the occurrence of hydrogen adsorption has 
been provided, as well as direct confirmation of the 
existence of the cracks in which it is presumed to 
occur. The present work also provides a new indica- 
tion of the strong dependence of the cracking 
phenomenon on microstructure, specifically on the 
presence and disposition of the iron carbide phase. 

The above view of hydrogen embrittlement of steel 
is consistent with observations of the temperature 
and strain-rate dependence of the effect as well as 
the conclusion that during plastic straining the hy- 
drogen diffuses to and concentrates in those regions 
of the metal which are particularly vulnerable to 
fracture initiation. The equilibrium H, pressure of 
the chemisorbed hydrogen is presumably very low, 
and therefore it is unnecessary to postulate a high 
Hz pressure to explain the observed loss of fracture 
strength. The present model may help to explain 
the hydrogen embrittlement of other alloys than 
steel, particularly those metals which dissolve 
hydrogen exothermically. For example, the strain- 
rate dependent type of hydrogen embrittlement of 
alpha-beta titanium alloys*” appears to be similar 
in many respects to that of steel, despite the fact 
that the equilibrium H, pressure is extremely 
small.*® Similar hydrogen embrittlement has been 
observed in vanadium. *° All of these materials are 
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predominantly body-centered cubic, and all are 
brittle at low temperatures and undergo fracture by 
crack formation and propagation. In contrast, 
materials such as nickel and austenitic steel which 
do not exhibit a ductile-brittle transition with de- 
creasing temperature*”™ are only slightly affected 
by hydrogen.** Thus the hydrogen embrittlement 
phenomenon here considered appears to be property 
of only body-centered-cubic materials which are 
inherently brittle at low temperatures. It therefore 
Seems possible that additional experiments based on 
the present mechanism of hydrogen embrittlement 
should aid considerably in improving our under- 
standing of brittle fracture in body-centered-cubic 
materials. 


CONCLUSIONS 


The present experimental data on the behavior of 
hydrogen in cold-worked iron-carbon alloys agree 
with those of previous workers in suggesting that 
most of the hydrogen in the material is somehow 
trapped. Significant information on the nature of the 
traps is provided by the temperature dependence of 
the hydrogen solubility, which suggests that the traps 
are the result of a considerably more extensive and 
permanent kind of structural damage than the forma- 
tion of mere lattice defects such as dislocations and 
vacancies. The sensitive relation between the 
trapped hydrogen content and the carbon concentra- 
tion suggests, moreover, that the trapping is a char- 
acteristic of the presence of iron carbide, which in 
the present specimens had the form of thin platelets 
in pearlite. 

The Petch and Stroh theory of fracture suggests 
that the carbide platelets may act as barriers to 
dislocation flow during plastic deformation and lead 
to the formation of microcracks at the ferrite-car- 
bide interfaces. The surfaces of these cracks would 
be active chemically, and would readily chemisorb 
hydrogen. The hydrogen could easily migrate to the 
cracks by lattice diffusion. It is therefore concluded 
that the traps are actually microcracks, and that the 
hydrogen trapping phenomenon is a chemisorption 
process. 

Hydrogen is responsible for a loss of ductility and 
fracture strength in steels and other body-centered- 
cubic materials exhibiting the ductile-brittle tran- 
sition temperature phenomenon. The formation of 
microcracks by dislocation pileups is presumably the 
first step in the mechanism of fracture of these ma- 
terials. The additional step of hydrogen chemisorp- 


tion on the crack surfaces would decrease the crack 
Surface energy and thus lead to growth of the cracks 
under the applied external stress. This would explain 
the common observation that the fracture stress is 
decreased by the presence of hydrogen in the ma- 
terial. This view of the mechanism of hydrogen 
embrittlement is consistent with previous observa-— 
tions of hydrogen behavior in cold-worked steel and 
is also in substantial agreement-with the view of 
trapping and hydrogen embrittlement previously 
advanced by Heller, D. P. Smith, and Petch. 
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Technical: Note 


niobium up to l-atm pressure has been estab- 
lished by a number of workers.*~° X-ray examina- 
tion at room temperature of specimens reacted in 
hydrogen at high temperatures from 300° to 1000°C 
shows the presence of two phases—a bcc phase (a) 
based on the niobium lattice and with an a) in- 
creasing from 3. 30A for Nb to 3. 32A for NbHo., and 
an orthorhombic phase‘ a = 4. 84A, b= 4.90A, c= 
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single crystals an- 
nealed at 300°C in purified hydrogen 
for 50 hr and cooled to room tempera- 
ture in about 5 min. X75. Reduced 
approximately 28 pct for reproduction. 


3.45A, which is very nearly bec (8) with an dp at 
NbHo.6 of about 3.41A and increasing with larger 
amounts of hydrogen to 3.442A at NbHo,s6.” 

It has been postulated that a miscibility gap Oc- 
curs below temperatures of 200° to 300° cS resulting 
in the separation of these two phases.” * There are 
some inconsistencies in this viewpoint; the purpose 
of this note is to describe experiments which sug- 
gest these. 

Single crystals of niobium about 3 by 3 by 2 mm 
were cut from a 3-in. bar of niobium purified by 
electron-bombardment melting. The surfaces were 
polished using standard metallographic techniques 
and etched in a 90 pct HNOs::10 pct HF mixture 
immediately prior to being placed in the vacuum sys- 
tem. They were then heated in a niobium boat 
contained in vycor to 900°C in a vacuum of 10°° mm 
of Hg. The slow heating minimizes pick up of im- 
purities caused by degassing of the vycor walls; the 
oxide film is dissolved readily at 900°C and a clean 
surface is presented. Hydrogen, carefully purified 
with the final step passage through a palladium tube, 
was introduced at l-atm pressure at specimen tem- 
peratures of 300°, 600°, and 900°C, and the vycor 
tube sealed off. Absorption of hydrogen is rapid 
under these conditions. 

Cooling to room temperature in the vycor tube fol- 
lowing this soaking treatment produced clearly de- 
fined plates in the sample as shown in Figs. 1 and 2. 
The plates were uniformly distributed throughout the 
volume of the sample. The surface of the specimen 
showed a tilt characteristic of diffusionless phase 
transformations, é.g., austenite to martensite in 
steels.° X-ray analysis of the traces of the plates on 
two perpendicular surfaces established that the habit 
plane is {001}. All three {001} were found in the same 
specimen as shown in Fig. 1. The orientation re- 
lationship and the angle of shear of the plates have 
not yet been worked out; elementary considerations 
suggest that 


(001), / (001), 
[010], / [010], 
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Fig. 2—As Fig. 1, but annealed at 600°C 
for 1 hr. X75. Reduced approximately 28 on parallel habit planes showing pri- 
pet for reproduction. 


& > 


Fig. 3— Two martensite plates growing 


mary shear and also ‘‘rim”’ effect. 
Oblique illumination. X250. Reduced 
approximately 28 pct for reproduction. 


is possible but there is a fine structure in the plates ; 
see Fig. 2, which will in all likelihood complicate 
matters. 

It seems very possible that these plates are the 
‘*hydride’’ phase which has been identified by pre- 
vious workers especially since they can also be ob- 
served microscopically in polycrystalline wires 
given the same treatment and which show a@ and 6 
phases in Debye-Scherrer patterns. The crystal 
structure of the plates has not been worked out in the 
single crystals. The microhardness of the plates ~ 
showed some scatter but was never greater than 120 
Dph and usually in the range 80 to 90 Dph, the same 
as hardness of the matrix. This is somewhat sur- 
prising in view of the brittleness of the plates — 
cracks propagated along them readily from stresses 
caused by mounting in ‘‘Koldmount?’’. 

A further interesting observation was made on 
specimens reacted at 900°C for 1 hr. A sample 
quenched in ice water from this temperature showed 
a very few small plates, which were stable with time. 
An equivalent sample allowed to cool in hydrogen in 
the vycor tube taking approximately 5 min to reach 
room temperature showed plates which originated at 
edges of the sample. The tips of these plates ad- - 
vanced steadily across the sample at a rate of about 
3 mm per hour for some 20 min and then stopped. 
This appears to be true isothermal martensite be- 
havior similar to that reported by Holden’ and Hull 
and Garwood.” No nucleation of new plates was 
noted. 

Further, on standing at room temperature for 
several hours, a ‘‘rim’’ forms apparently with a dif- 
ferent shear from the original plate since it does not 
reflect light in the same way. It may have formed by 
normal non-shearing growth. These rims are usu- 
ally, but not always, on one side of the plate as shown 
in Fig. 3. On heating in a hot-stage microscope ina 
hydrogen atmosphere, the plates disappear at about 
100°C and reform on cooling, not necessarily in the 
same place. 

Wainwright® has followed the change in lattice 
parameter during heating of alloys containing both a 
and 8 at room temperature. He finds that the lattice 
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parameters of a and 8 tend to approach each other 
with increasing temperature until above a certain 
temperature, different for each alloy, the specimen 
becomes cubic with an da dependent on the hydrogen 
content. This behavior is not consistent with con- 
ventional ideas of a miscibility gap since it should 
not be possible to produce stable phases with param- 
eters corresponding to compositions inside the gap. 
It seems more likely from the above that many 

criteria of martensitic phase transformations are 
satisfied, although all details are not yet evaluated. 
The mechanism of this transformation promises to 
be of considerable interest, and has some practical 


*H. Hagen and A. Sieverts: Zeitschrift fiir Anorganische Chemie, 1930, 
vol. 185, p. 225. 


7A. Sieverts and H. Moritz: Zeitschrift fur Anorganische Chemie, 1941, 
vol. 247, p. 124. 


°W. M. Albrecht, M. W. Mallett, and W. D. Goode: Journal, Electrochemical 
Society, 1958, vol. 105, p. 219. 
. D. McKinley: Private communication. 
5H. W. Paxton and J. M. Sheehan: Unpublished work. 
°G. Brauer and R. Hermann: Zeitschrift fiir Anorganische Chemie, 1953, 


The lron-Carbon Eutectoid Temperature 


R. P. Smith and L. S. Darken 


For a high-purity iron-carbon alloy, the phases 
existing at equilibrium at temperatures slightly 
above the temperature of the metastable eutectoid 
are austenite and cementite (hyper-eutectoid) or 
austenite and ferrite (hypo-eutectoid) and those be- 
low the eutectoid temperature (carbon content 

> 0.02 pct) are ferrite and cementite. Such an alloy, 
held in a carefully controlled and measured tem- 
perature gradient (about 1 cm per deg) which in- 
cludes the eutectoid temperature, then quenched and 
examined metallographically, provides a precise 
measure of the eutectoid temperature. 


The samples were hollow cylinders approximately © 


1.3 cm OD, 0.63 cm ID, and 2.5 cm long, which had 
been carburized to the desired carbon content at 
1000°C with an appropriate hydrogen-methane mix- 
ture. In order to cool the samples to room tem- 
perature with a minimum change of carbon content 
and absence of cracks they were quenched in a 
Cerro Bend bath at 480°C, followed by a water 
quench to room temperature. Three cylinders were 
suspended in the furnace’ in a purified helium at- 
mosphere, by a closed end, thin wall, silica tube 
which also served as a thermocouple well. The top 
and bottom cylinders served only as a means of mak- 
ing the temperature gradient along the center cylin- 
der more uniform. The temperature was determined 
with a platinum-platinrhodium thermel calibrated by 
comparison with a thermel certified (+ 0.5°C) by the 
National Bureau of Standards. After holding in the 
temperature gradient for 24 to 72 hr the samples 
were quenched in Cerro Bend at 480°C, followed by 
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implications, e.g., the method of formation of these 
plates could markedly influence the corrosion be- 
havior of niobium-containing material in high-pres- 
sure water. 
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Technical Note 


TEMPERATURE °C 
727.6 727.8 728 


| | 


727.2 728.2 


AUSTENITE DECOMPOSITION PRODUCTS 
a 


%o 


| | | 


(0) 0.2 0.4 0.6 0.8 
DISTANCE FROM LOW TEMPERATURE END OM. 
Fig. 1—Photomicrograph of section of cylinder, 1.5 pet C 
which had been held in a temperature gradient, including 
the eutectoid temperature, together with the distribution 
of the austenite decomposition products and corresponding 
temperature. 
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Table |. Determination of Eutectoid Temperature, Fe-C System 


Time in Eutectoid 
fe) 
Material Wt Pct C Initial Structure Temp. Gradient, Hr Temperature, °C 
A 1.5 As Quenched 24 es 
A MS) As Quenched 24 leis 
A 1.5 As Quenched 24 We 
A 1.5 Spheroidized 72 ees 
1.4 As Quenched 24 WPA le 
A As Quenched 24 
B 0.9 Spheroidized We 727.3 
A 0.9 As Quenched 24 726.8 
A 0.7 As Quenched 48 727.0 
B 0.6 As Quenched 48 (PA 
A 0.5 As Quenched 24 726.4 
A 0.5 As Quenched 24 726.9 
Average — 
Standard deviation o = 0.4 
Analyses 
Mn Cu Ni Pb Si Mo Cr 
A 0.005 0.001 0.005 0.001 0.005 0.001 - 
B 0.032 0.085 0.007 0.001 0.005 0.001 0.001 
( 0.001 0.05 0.02 0.04 0.007 - ~ 


Al, Sn, Pt, Ti, Co, B, N < 0.001 wt pct 


a water quench. The center sample was then cut in 
half lengthwise, polished, etched, and examined. All 
samples had a small three-phase region which ex- 
tended over a temperature range of about 0.7°C. A 
photograph of a typical sample is shown in Fig. 1, 
together with a graph showing the percent of austenite 
decomposition products and the corresponding tem- 
perature. The limits of the three-phase region are 
difficult to determine precisely; for this sample they 
correspond to a temperature range of about 0.8°C. 
The three-phase region may be due to the small 
amount of impurity in the iron or to failure of the 
phase equilibrium to follow the small fluctuations 

in the furnace temperature. The eutectoid tempera- 


ture is taken as the temperature corresponding to 
the maximum rate of change of the austenite de- 
composition products. The results are summarized 
in Table I. Except for the one sample, the position 

of the maximum rate of change of the austenite de- 
composition products was determined visually. From 
these results we conclude that the eutectoid tem- 
perature is 727.2°+0.5°C. This is higher than the 
generally accepted value 723° + 2°C determined by 
Mehl and Wells.” 
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On The Heats of Formation of Copper-Nickel Alloys 


J. S. LI. Leach and Michael B. Bever 


Tue system copper-nickel exhibits complete solid 
and liquid miscibility." The thermodynamic proper- 
ties of such a system would not be expected to de- 
viate greatly from ideality. Although the evidence is 
conflicting, anomalies in the composition dependence 
of various physical properties of solid copper-nickel 
alloys suggest that mixing may not be ideal. From 
measurements of the Hall coefficient it has been con- 
cluded that clustering occurs in these alloys.* Con- 
siderations involving the phase diagram of the tern- 
ary system copper-nickel-chromium have led Mei- 
jering® to predict a positive heat of formation for 
solid copper-nickel alloys. 
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Technical Note 


An electrochemical investigation of the activity of 
nickel in copper-nickel alloys showed unexpectedly 
large positive deviations from ideality.* Wagner” has 
proposed that if the entropy can be considered ideal, 
these measurements would yield the following equa- 
tion for the heat of mixing at 700°C 


H™ = 3380 xy, (1-%y;) cal per g atom [1] 


The heat of formation at 722°C of solid copper- 
nickel alloys of the equiatomic composition has been 
measured in a reaction calorimeter as 540 cal per g 
atom.” 

This note reports calorimetric measurements of 
the heat effects on dissolution of some copper-nickel 
alloys in tin. These measurements were preliminary 
to a larger investigation, which was later discon- 
tinued. From them the heats of formation of the al- 
loys can be calculated, if certain assumptions are 
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Table |. Heat Effects on Solution at 350°C in Tin at Infinite Dilution 


Table Il. Heats of Formation of Copper-Nickel Alloys 


Calculated Heat Effect, 


Measured Heat Cal per G Atom of 


Effect, Cal per G Mechanical 
Solute Atom of Alloy Mixture 

Cu + 4930 + 105* (16) + 4930 + 105 
88 Cu-12Ni + 2800 + 40**( 2) + 3440 + 115 
80 Cu-20Ni + 1710 + 150**( 2) + 2450 + 125 
68 Cu-32Ni (G2) + 960 + 135 
60 Cu-40Ni — 970 + 250* ( 5) — 30+ 145 
Ni ~— 7470 + 105* ( 4) — 7470 + 205 


*RMS errors. 
**Maximum and minimum values. 


Note: Figures in parentheses indicate the number of observations. 


made about the heat effects on solution of mechanical 
mixtures. These heats of formation have been quoted 
in the literature® and, although not of high accuracy, 
are presented here with information on how they 
were obtained. 

Tin solution calorimetry is well suited to the de- 
termination of heats of formation provided that the 
elements and alloys are readily soluble in tin. It has 
been used before in this laboratory to determine 
heats of formation in various systems.” ° In this 
method the heat of formation is the difference in the 
heat effects on solution of the alloy and of a mechani- 
cal mixture of its components. 

The heat effects on dissolution in tin at 350°C were 
measured for copper, nickel, and copper-nickel al- 
loys containing 12, 20, 32, and 40 at. pct Ni. Me- 
chanical mixtures of copper and nickel have been as- 
sumed to have heat effects on solution in tin equal to 
the weighted mean of the heat effects on solution of 
the pure elements. An attempt to assess theoretically 
the effects of this approximation suggests that the 
resulting error is unlikely to be greater than +50 cal 
per g atom of addition. In additional experiments the 
heats of solution of nickel in pure tin and in tin con- 
taining about 1.5 at. pct Cu were the same within the 
experimental scatter. 

The pure metals and the alloys, in the form of thin 


Electrochemical Value 
at 700°C, Cal per G 


Calorimetric 
Value at 0°C, 


Alloy Composition Cal per G Atom Atom, Ref. 5 
88 Cu-12Ni + 640 + 155 + 360 
80 Cu-20Ni + 740 + 275 + 540 
68 Cu-32Ni + 895 + 485 + 740 
60 Cu-40Ni + 940 + 395 + 810 


annealed strips, were added from 0°C to the calori- 
meter. The values of the heat effects on solution in 
tin were corrected for composition of the tin solu- 
tion and are listed in Table I as heats of solution at 
infinite dilution in tin together with the calculated 
heat effects for corresponding mechanical mixtures. 

The calorimetric values of the heats of formation 
of the alloys were derived from the data in Table I. 
They are listed in Table II together with electro- 
chemical values obtained from Eq. [1]. It should be 
noted that the calorimetric values refer to 0°C while 
the electrochemical values refer to 700°C, the tem- 
perature of measurement. 

A positive heat of formation of the magnitude ob- 
served for these alloys supports the other evidence, 
which suggests clustering or a miscibility gap at low 

The authors acknowledge support by the U. S. 
Atomic Energy Commission under Contract At(30-1)- 
1002. 
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Note on the Change in Stored Energy Produced by Reversed Deformation 


A. S. lyer and Paul Gordon 


In a paper on the mechanical behavior of heat- 
treated steel, N. H. Polakowski’ put forward argu- 
ments to the effect that the stored energy resulting 
from the deformation of metals should be reduced 
during the inital stages of, subsequent deformation 
carried out under conditions which produce work 
softening. At the time (1957) the only energy meas- 
urements available as indirect evidence on this 
point were the results of M. M. Degtyarev,” some of 
which Polakowski reproduced in his Fig. 6, and which 
are again reproduced here in Fig. 1. The solid lines 
in the upper part of Fig. 1 are Degtyarev’s, the 
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dashed lines Polakowski’s prediction of the true 
trend of the stored energy in copper samples pre- 
strained in tension and then given various amounts 
of subSequent compression. 

The accuracy of this prediction has been borne out 
by some experiments carried out on American 
Smelting and Refining Co. copper (99.999* percent 
Cu) by the present authors. Bars of this copper 
about 0.4 in. in diam and 12 in. long were prepared 
by vacuum melting and casting, followed by cold 
forging and swaging in several stages of about 40 pct 
reduction in area with intermediate recrystallization 
anneals. After the final anneal one bar was deformed 
in tension to 30 pct elongation; the gage length was 
then cut into several samples which were given axial 
compressions of various amounts. The hardness of 
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Fig. 1—Degtyarev’s data on energy absorbed in compres- 


sion of copper samples after prestretching.? Dashed lines 
indicate trend predicted by Polakowski.! 


the samples were measured before and after com- 
pression and each was then recrystallized in an 
isothermal-jacket microcalorimeter at 212°C. (The 
calorimeter was similar to that described in the 
literature by one of the authors.*) The results ob- 
tained are plotted in Fig. 2 in which the abscissa is 
the amount of compression given the sample after 
the prestraining in tension and the ordinates are on 
the one hand.the hardness change due to compression 
and on the other the difference between the stored 
energy released by a given sample and that released 
by a sample with no compression. 

It may be seen that small compressions soften, 
rather than harden, the prestretched copper and, as 
predicted by Polakowski, at the same time decrease 
the amount of stored energy. The maximum decrease 
occurs between 5 and 10 pct compression; compres- 
sions greater than about 15 pct begin to add stored 
energy again. The trend of the experimental curve is 
remarkably similar to that sketched by Polakowski 
for Degtyarev’s data on samples prestretched 26 pct, 
see Fig. 1. 
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Fig. 2—Results of present work on high-purity copper; 
change in stored energy and hardness due to compression 
after 30 pct elongation in tension. 


The crossed data points in Fig. 2 represent the 
change produced by compression in the amount of 
stored energy released during the recrystallization 
stage of the annealing process, whereas the circled 
points are for the total release of stored energy. 
Thus, the difference between each pair of points 
represents the effect of the compression on the 
amount of stored energy released during the re- 
covery stage of annealing. The fact that the crossed 
points are below the circled points at the 3 and 5 pct 
compressions may indicate that small compressions 
increase the recovery stage energy while decreasing 
the recrystallization energy. This interpretation, 
however, is as yet highly tentative; the evolution of 
energy during recovery took place so rapidly at 
212°C that it could not be measured with sufficient 


accuracy to lend more than suggestive support to this 


interpretation. Further work is now being carried 
out to elaborate on this and other aspects of the re- 
versed deformation phenomena. 

The authors wish to take this opportunity to thank 
the Office of Naval Research for their continuing 
sponsorship of this research. 
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Discussion — Institute of Metals Division 


Hydrogen, Crack Initiation, and Delayed Failure in Steel 


by H. H. Johnson, J. G. Morlet, and A. R. Troiano 


AIME Trans., vol. 212, p. 528 


F. de Kazinczy (Massachusetts Institute of Tech- 
nology)—The authors suggest, that hydrogen should 
diffuse to regions subjected to triaxial stresses. 
The extent to which this occurs is quite well known. 
According to Kazinczy’ log C,/C = const X P where 
C, and C are the hydrogen concentrations in the un- 
stressed and stressed conditions, and P is a hydro- 
static compressive stress, or an arbitrary stress 
state which causes the same volume change. The 
constant was found to have the value 0.22 x 107° psi=* 
from diffusion measurements assuming (@D,/aP) ; 
= 0, and 0.25 x 10°° psi from thermodynamic cal- 
culations. Thus, for example under 200,000 psi hy- 
drostatic tension lattice concentration increases 
about three times. 

In the specimens baked for 0.5 hr no incubation 
period was observed. This means, that the critical 
combination of triaxiality and hydrogen concentra- 
tion was reached already with the original, uniformly 
distributed hydrogen concentration. After formation 
of a crack triaxiality becomes even more severe, no 
hydrogen diffusion should therefore be required for 
further crack propagation, and instantaneous frac- 
ture would be expected. However, delayed failure 
was observed even in this case. A possible explana- 
tion seems to be, that immediately upon appearance 
of a crack hydrogen is evolved into it, and the con- 
centration in the surrounding lattice is lowered to a 
subcritical level. As the concentration of hydrogen 
in a crack is under equilibrium conditions of the 
order of magnitude 10* times lattice concentration, 
the crack seems to be a far more important hydro- 
gen ‘‘consumer’”’ than the highly stressed lattice 
region ahead of it. In order to maintain the concen- 
tration in the vicinity of the crack at the required 
level under conditions close to equilibrium, large 
amounts of hydrogen have to be evolved into the 
crack, and the rate of crack growth should essen- 
tially be determined by the rate of that flow. 

It is also interesting to note, that the time for 
crack propagation (delay time minus incubation 
period) is rather insensitive to stress. The crack 
length at fracture, however, is greater at lower 
stresses, thus the crack must on an average propa- 
gate faster at low stresses. A previous theory i 
which assumes that the concentration (pressure) of 
hydrogen within a crack rather than ahead of it 


determines the conditions for crack growth, pre- 
dicts increasing propagation rate (due to smaller 
required flow) with increasing crack size. There is 
some indication of that in Fig. 12, and it might ac- 
count for some of the difference in average growth 
rate. Did the authors make more detailed measure- 
ments on the growth rate in specimens with uniform 
hydrogen distribution ? 

H. H. Johnson, J. G. Morlet, and A. R. Troiano 


(author’s veply)—The authors appreciate the interest 
shown by Dr. de Kazinczy in our work on hydrogen 
embrittlement and delayed failure in steel. It is par- 
ticularly gratifying to note that our concepts are in 
general accord with de Kazinczy’s calculations and 
experiments on the influence of stress. 

The specimens baked for 0.5 hr did not indicate a 
measurable incubation period but not necessarily no 
incubation period. Indeed, the only condition under 
which one could examine the situation where the 
critical hydrogen concentration is the same as the 
uniform distribution concentration (relatively high 
hydrogen contents) would be at low subzero tempera- 
tures where the diffusion of hydrogen is negligible. 
This has been done (to be published-soon) and under 
these circumstances the incubation time is truly 
zero and instantaneous fracture is observed. 

It appears unlikely to us that hydrogen depletion 
of the lattice ahead of the crack would be due to 
hydrogen evolution into the crack. This is because 
the crack is not always completely internal, but is 
open to the specimen surface, particularly in the 
sharply notched specimens, where the crack is 
initiated just under the surface and quickly extends 
both in and out. Thus, there seems to be no pos- 
sibility that hydrogen would build up in the crack, 
and thus, that the highly stressed region ahead of 
the crack would remain low in hydrogen content. 

An average crack growth rate was calculated in 
units of area per minute by dividing the total crack 
area at fracture by the difference between the 
fracture time and the incubation period. This quan- 
tity varied with hydrogen concentration and stress 
in exactly the same fashion as the incubation 
period. For this reason, average growth rates were 
not included. 


15h, de Kazinczy: Jernkontorets Annaler, 1955, vol. 139, p. 885. 
16, de Kazinczy: Journal, Iron and Steel Institute, 1954, vol. 177, p. 85. 


The Deformation of Single Crystals of Aluminum 


by J. M. Roberts and K. V. Gow 


AIME Trans., vol. 212, p. 648 


R. L. Fleischer (Department of Metallurgy, Massa- 
chusetts Institute of Technology)—The authors have 
presented valuable observations of oehavior of 

aluminum at intermediate and high temperatures. I 
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should like to consider their interpretation of the 
appearance of cross slip plane traces in sample B-3 
as partly due to ‘‘bending of the crystal due to grip 
constraint.’’ Because bending moments might be set 


VOLUME 215, AUSUST 1959-731 


up by lattice rotation during deformation, the nature 
of the rotation expected here should be considered: 
Sample B-3 is oriented for duplex slip, so that most 
of the tendency for the lattice to rotate will be can- 
celed out. The small rotation which remains should 
be along the [101] zone towards the [121] pole. The 
secondary slip systems which have the highest stress 
and would most nearly cancel out this rotation would 
be (111) [110], and (i111) [011], corresponding to a 
plane which was also reported as observed. Regard- 
less of which other system might be activated by grip 
restraints, cross slip would not cancel out grip re- 
strained lattice rotation tendencies, since it involves 
slip in the same direction as the primary system 

(or systems). 

The other grip restraints which might cause extra 
systems to act are caused by 1) misalignment of the 
grips or 2) local deformation due to the means of 
attaching the grip to the sample. Both of these ef- 
fects would be expected to be localized relatively 
near to the grips and hence be detectible on this 
basis. 

A possible alternative explanation of the observed 
cross Slip involves a grip effect indirectly. Ina 
shorter sample the restraining action of the grips 
may be expected to cause more nearly equal amounts 


of slip on the two primary systems, so that more 
barriers to slip are formed and hence more cross 
slip of primary dislocations will be needed to avoid 
the barriers. This explanation would be consistent 
with the authors’ conclusion that cross slip was 
caused by grip constraints. 

J. M. Roberts and K. V. Gow (author’s reply)— 

The authors wish to thank Dr. Fleischer for his ex- 
planation of the more extensive occurrence of 
prominent cross-slip in the short gage-length 
specimen. 

Specimen B3 slipped predominantly on the (111) 
[011] system, see Table V, whereas the short gage- 
length specimen (see p. 653) slipped as predicted to 
about an equal extent on the (111) [011] and (111) 
[110] slip systems. Therefore the observations are 
consistent with Dr. Fleischer’s explanation: the 
greater amount of prominent cross slip in the 
shorter gage-length section is due directly to the 
larger number of barriers to slip formed by the 
two interlocking slip systems, and the restraining 
action of the grips is only indirectly responsible in 
that it probably accounts for the uniform operation 
of these two slip systems at such small strains. 


9p. L. Fleischer and B. Chalmers: Journal, Mechanics and Physics of 
Solids, 1958, vol. 6, p. 307, Eq. él. 


Transformation Kinetics of Two Titanium Alloys in the Transition Phase Region 


by S. A. Spachner and W. Rostoker 


AIME Trans., vol. 212, p. 765 


J. W. Barton and J. Gordon Parr (Department of 
Mining and Metallurgy, University of Alberta, 
Edmonton, Canada)—We are intrigued by the fact that 
the authors of this most interesting paper observed 
no distinguishable differences in the behavior of 
powder and solid specimens. While there may be no 
differences in the Ti-Mo and Ti-Cr systems, we are 
not convinced that the experiments warrant the con- 
clusion. In describing their comparison of diffrac- 
tion patterns produced by heat-treated solids and 
heat-treated filings, the authors state that ‘‘patterns 
were taken of filings from heat-treated rods.’’ We 
wish to know whether these filings were sufficiently 
strain-free that their X-ray patterns could be un- 
questionably interpreted. Further, by what means 
were the comparisons made—were line intensities 
quantitatively compared? The authors state that 
filings of minus 200 mesh were used for heat-treat- 
ment, and we presume that a similar size was taken 
from the heat-treated rods. Were checks made to 
ascertain that any oversize material (presumably 
discarded) had the same constitution as the screened 
filings ? 

If the conclusion is still reached that the struc- 
tures of the heat-treated filings and the heat-treated 
rods are similar, this is not to say that the kinetics 
of transformation of powders and solids are similar, 
but only to show that the two types of sample have 
yielded similar structures after isothermal holding 
followed by cooling at quite different rates. 

The matter of contamination of powder samples 
has in the past been overemphasized, we feel. How- 
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ever, in order to produce sensibly clean quenched 
powder samples, we have found it essential to avoid 
the use of silica capsules and of water quenchants. 
Have the authors any figures that might indicate the 
extent of contamination of the heat-treated powders ? 

Finally, have any further results been obtained that 
indicate the effect of composition on the position and 
shape of the TTT curves ? 

S. A. Spachner and W. Rostoker (author’s reply)— 
Messrs. Barton and Parr will note that X-ray dif- 
fraction methods were used to identify the phases 
existent only. There was no intent to evaluate rela- 
tive proportions, hence, no need for intensity meas- 
urements. The authors were aware that the trans- 
formation behavior of powders can be different from 
solid specimens. The justification for the use of 
prefiled powders was based solely on repeated 
comparison of heat-treated prefilled powders with 
powders filed from preheat-treated lump specimens. 
The fact that for these alloys in the range of tem- 
peratures and times used, X-ray patterns from the 
two states of preparation were nearly identical was 
taken as grounds for confidence. This is not to say 
that with other alloys and other heat treatments, the 
conditions may be expected to be comparable. 

The use of as-filed powders did not cause diffi- 
culty in film reading since the large number of low- 
angle reflections can be used for phase identification. 
These low-angle lines are not Significantly broadened 
by the cold work. Solution treating in the £ field was 
restricted to minutes in order to minimize the pos- 
sibilities of contamination. 
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Grain Boundary Shear in Aluminum 


by F. Weinberg 


AIME Trans., vol. 212, p. 808 


H. H. Bleakney(Department of Mines and Technical 
Survey, Ottawa, Ontario, Canada)— The technical 
excellence of this paper is highly praiseworthy; and 
the new evidence which it presents should contribute 
Substantially toward an understanding of the mech- 
anism which controls the relationship between creep- 
rate and grain boundary movements in metals. 

In this writer’s opinion, however, the merit of the 
paper is Somewhat marred by lack of explicitness in 
some of the comments of the discussion section. This 


haziness is especially noticeable in the expression 


“‘stress-relaxation across grain boundaries.’’ The 
original concept of stress relaxation across grain 
boundaries by viscous flow was widely accepted for 
some years following its introduction; but after 
suffering increasingly heavy attacks, it was finally 
disposed of by Rhines et al” in 1955. Since then the 
phrase ‘‘stress-relaxation across grain boundaries’’ 
has been used by a few writers without the qualifying 
words ‘‘by viscous flow.’’ Obviously without some 
Such qualification the expression lacks meaning and 


suffers from the defect defined by Gillett’ ‘‘Giving a 
name to something we do not know about does not add 
to our knowledge.’’ 

F. Weinberg (author’s reply)—Mr. Bleakney states 
that there is a lack of explicitness in parts of the 
discussion. As pointed out in the paper, a number of 
factors contribute to the boundary shear measure- 
ments reported in the paper. Until the effective con- 
tribution of each of these factors can be determined, 
an explicit model for the observed boundary shear is 
largely speculative. 

The stress-relaxation process for grain boun- 
daries, referred to in the discussion, could be simi- 
lar to the mechanism described in some detail by 
Orowan.** In the opinion of this writer this is a rea- 
sonable hypothesis and has not been disproved by the 
results of Rhines et al. 


uF. N. Rhines, W. E. Bond, and M. A. Kissel: Grain Boundary Creep in 
Aluminum Bicrystals, ASM Trans., 1956, vol. 48, pp. 919-944. 

“H.W. Gillett: Some Things We Don’t Know About the Creep of Metals, 
AIME Trans., 1939, vol. 135, p. 31. 

SE. Orowan: Proceedings, Iron and Steel Institute, West of Scotland, 1947, 
vol. 54, p. 45. 


On the Problem of Hydrogen Embrittlement of Iron 


by A. Siede and W. Rostoker 


AIME Trans., vol. 212, p. 852 


F. de Kazinczy(Department of Metallurgy, Massa- 
chusetts Institute of Technology)—The authors as- 
sume, that hydrogen atoms displace carbon and 
nitrogen from sites of strongest binding around a 
dislocation. This would be true if the interaction 
energy U =A sin 0/r between a dislocation and a 
hydrogen atom was larger than between a disloca- 
tion and a nitrogen or carbon atom. The interaction 
constant A is determined by elastic constants, the 
strength of the dislocation, and is proportional to 
the volume change due to the dissolution of a solute 
atom. This is for C in ferrite 0.78 x 10°” cm® per 
atom, and for H in ferrite about 2.0 cm® perg® or 
0.33 X 107° cm? per atom. The binding energy of H 
according to this estimate is then 0.2 ev compared 
to 0.5 ev for C or N. Since atomic concentrations 
are of the same order of magnitude, the probability 
that H displaces C or N is at room temperature 
about e~?. A more probable arrangement is C or N 
at the sites of strongest binding surrounded by H. 
Strain aging should be unaffected by hydrogen also 
in this case, whereas the suppression of the upper 
yield point probably has other reasons than suggested 
by the authors. 

The authors reject the possibility of hydrogen- 
filled voids in ferrite on the grounds, that no effect 
of hydrogen-filled voids has been observed in austen- 
ite. Another explanation could be that, due to higher 
lattice solubility, the equilibrium hydrogen pressure 
in austenite voids usually is too low to cause any 
appreciable effect. On the other side, at high hydro- 
den contents internal cracking has been observed 
around slag inclusions or at grain boundaries in 
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annealed ferrite,” indicating that hydrogen accumu- 
lates and builds up large pressures there. 
H. C. Rogers (General Electric Co.)—The results 


obtained by the authors are extremely interesting but 
their theory of the yield point elimination by hydro- 
gen charging is difficult to assess. Some recent work 
in our laboratory which has been submitted for publi- 
cation, has shown the following: 

1) The activation energy for the return of the 
yield point in hydrogen-charged steel is identical to 
that for aging of the same material, uncharged, after 
plastic deformation (Strain aging). 

2) The steel ages during electrolytic charging at 
a bath temperature of 100°C. It contains large 
amounts of hydrogen and has lower ductility than 
when charged a shorter time; this shorter time, 
however, being sufficient to remove the yield point. 

These results have been interpreted as negating 
all previous theories of the elimination of the yield 
point in steel by hydrogen charging and indicating 
that during charging itself the hydrogen causes 
plastic deformation in numerous small regions 
throughout the metal possibly by precipitating in 
voids or cracks under high pressure. When subse- 
quently tested in tension these already plastically 
deformed regions can grow continuously as the 
stress is increased without the necessity of nucleat- 
ing Liiders’ bands at a few sites with a drop in load 
and other accompanying yield-point phenomena. The 
yield point returns by the strain aging of these 
plastically deformed regions independent of whether 
the hydrogen is in the sample or not, since even 
unaged, the metal has strain hardened to contain the 
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gas under pressure and aging further increases its 
strength to the point where Liiders’ bands can nu- 
cleate elsewhere at a lower stress. 

Inasmuch as the authors postulate that hydrogen 
lowers the ‘‘critical ‘atmosphere condensation’ tem- 
perature’’ it would be of interest to know how they 
would interpret these results in light of their theory. 
A. Siede and W. Rostoker(author’s reply)—While re- 
garding the hydrogen displacement of carbon and 
nitrogen atoms from sites of strongest binding as 
only a reasonable suggestion, we cannot accept the 
method de Kazinczy proposes to invalidate the con- 
cept. The use of macro volume changes in very 
dilute solutions to compute the change in volume 
caused by a solute atom cannot be very accurate. 
This is particularly important since the whole ques- 
tion revolves around magnitudes differing by a fac- 
tor of not more than two or three. Cottrell (Ref. 3, 
pp. 134-141) discusses the uncertainties in these 
calculations. In fact, he points out that the conden- 
sation temperature is a useful device for estimating 
the binding energy. Thomas and Leak*° demonstrated 
that the binding energy of nitrogen can appear to 
vary between 0.35 and 0.85 ev per atom depending on 
the accuracy of measurements and the method of cal- 
culation. 

The authors wish to retain their position that the 
natural existence of microvoids ought to embrittle 
austenite as well as ferrite. The lattice solubility 
under conditions of electrolytic charging will not 
have a Significant effect on the hydrogen pressure in 


the voids. Diffusion in this process is essentially a 
one-way street. Once hydrogen has reassociated to 
the molecular state within a void, the rate of dissoci- 
ation by thermal activation is exceedingly small. 

The authors are pleased to see that Mr. Rogers 
confirms that hydrogen has no influence on the 
strain-aging process. His brief introduction of aging 
effects in steel during electrolytic charging is not 
very explicit and so no serious comment can be made 
at this point. The suggestion of local plastic defor- 
mation occurring as a result of hydrogen charging 
implies irreversible changes in the yield stress of 
iron. That is, on charging with hydrogen and then 
vacuum dehydrogenation, a finite increase in the 
yield stress of iron should result. It is not clear 
from Mr. Rogers’ remarks whether this has indeed 
been encountered. One wonders on this basis how 
hydrogen charging at elevated temperature and pres- 
sure can cause hydrogen embrittlement after quench- 
ing to room temperature. Surely hypothetical micro- 
voids would be all filled with hydrogen and any pres- 
sures relaxed out before quenching. 

One further point can be made. It is difficult to 
rationalize a local plastic deformation process which 
would preclude an upper and lower yield point at 
room temperature but not also at lower tempera- 
tures. 


8G. Phragmen: Jerkontorets Annales, 1944, vol. 128, p. oa 

°F, de Kazinczy: Jernkontorets Annales, 1956, vol. 140, p. 347. 

10W, R. Thomas and G. M. Leak: Proceedings, Physical Snpioty, 1955, 
vol. 68B, pp. 1001-1007. 


Ductility in Beryllium Related to Grain Orientation and Grain Size 


by K. Greenspan 


AIME Trans., vol. 215, p. 153 


N. A. Hill (United Kingdom Atomic Energy Authority 
Berks, England)—In their work on beryllium single 
crystals Tuer and Kaufmann’ reported extensive 
slip in tensile testing parallel to the basal plane with 
up to 60 pct reduction in area at the neck only when 
a (1010) plane was perpendicular to the axis of ten- 
sion. When a (1120) plane was perpendicular to the 
tensile axis fracture occurred after only 8 to 12 pct 
elongation. In cross-rolled extruded flat the pole 
figures shown for the case of optimum elongation 
reveal a very strong alignment of (1010) planes per- 
pendicular to the extrusion direction in addition to 
the necessary alignment of basal planes nearly 
parallel to the sheet surface, however, Greenspan 
finds similar high-tensile elongations both parallel 
to and at right angles to the extrusion direction. 
Williams® has suggested that the small spread of 
(1010) planes in the polycrystalline metal is suffi- 
cient to permit extensive elongation in all directions 
in the sheet plane. The behavior of ‘‘two way ductile 
sheet’’ is thus somewhat different from that of a 
single crystal of beryllium. 

We have produced fine-grained beryllium sheets 
at Atomic Energy Research Establishment, Harwell 
from powder prepared from flake in which, although 
the orientation is identical with that reported by 
Greenspan the elongations are considerably lower 
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(of the order of 15 to 20 pct) and no necking occurs 
before fracture. This indicates that modes of de- 
formation are sensitive to changes in the type of 
beryllium powder used in fabricating the sheet. 


Regarding the room-temperature bend properties 


of beryllium sheet, tests have shown’ that specimen 
width is very important even in ‘‘two dimensionally 
ductile’’ sheet. In a square section strip of beryllium 
of 0.060 in. thickness cut from beryllium sheet a 
right-angle bend is possible around a 0.048 in. radius 
but on increasing the specimen width, the bend pos- 
Sibly falls until at a width of 0.250 in. (i.e., a width: 
thickness ratio > 4:1) no plastic bending at all is 
possible; brittle fracture then occurs at the limit of 
elastic bending. 

J. Greenspan (author’s reply)—The author concurs 


with the suggestion that the small spread in prism 
planes may be a factor which allows extensive 
elongation when the tension axis is perpendicular to 
the (1120) fracture plane. Yet, the critical stress for 
operation of (1010)[1120}] slip is considerably less 
than that for [1120] fracture, as reported by Tuer. 


Also, as the material undergoes plastic deformation 


during the tensile test, prism plane orientation 
should change in such a way that the (1120) plane 
would no longer be perpendicular to the tensile axis. 
Apart from the small spread in prism planes, itis 
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not completely obvious that the initial directional 
relationship between the tensile axis and (1120) 
planes (in extruded cross rolled sheet) should 
greatly influence the ability to obtain extensive 
tensile elongation. 

The paper ‘‘Ductility in Beryllium Related to 
Grain Orientation and Grain Size”’ indicates that 
ductility is dependent upon both grain orientation 
and grain size. If differences in ductility cannot be 
attributed to either, then the author concurs with 
the suggestion that ductility may be sensitive to the 
type of powder used. In this connection, impurity 


content might be an important factor. 

Lack of ductility in wide bending is associated 
with stress complexity, as for example, positive 
biaxial tensile stresses which occur under such 
conditions. Since this type of beryllium has no mode 
of deformation which allows plastic flow in the 
third dimension, it fractures under conditions of 
biaxial stress. 


5G. L. Tuer and A. R. Kaufmann: chap. VIB, The Metal Berylli i 
White & Burke), ASM, 1955. 

‘J: Williams: Metallurgical Reviews, 1958, vol. 3, no. 9. 

N. A. Hill: A.E.R.E. Memo M/M 193, 1958. 


Discussion—Iron and Steel Division 


On the Occurrence of Oxygen in Cast Iron 


by G. Ostberg 


AIME Trans., vol. 212, p. 678 


E. A. Loria (Product Metallurgical Engineer, Cru- 
cible Steel Co. of America, Pittsburgh)—In this in- 
teresting paper, our introductory work was quoted.° 
We would like to call attention to our sequel paper 
on the experimental determination of oxygen in 
cupola-melted cast iron,” which was not mentioned. 
Vacuum-fusion oxygen values (as well as hydrogen 
and nitrogen) were reported for nine heats of cast 
iron melted in the Battelle 10-in. cupola under nor- 
mal operating practice and under oxidizing condi- 
tions. The oxygen analyses ranged from 12 to 68 
ppm compared to the author’s computed range of 10 
to 80 ppm. The average amount of oxygen found in 
our irons was about 20 ppm and changes in the sili- 
con content of the iron from 1.32 to 2.35 pct had no 
consistent effect on the oxygen content of the iron. 
The gas determination specimens were poured in 
split steel molds that produced a clean pin, 3/8 in. 
diam and 2 in. long. Because freezing was almost 
instantaneous, the pins were entirely white iron 
(nongraphitic). In the early stages of the investiga- 
tion, the pins were transferred to a mercury-filled 
trap system immediately after pouring. This was 
done to collect gas evolved between pouring and 
analysis. However, it was found that during storage 
for 4 weeks gas evolution was negligible. Because 
the vacuum-fusion analysis was usually completed 
within 4 days of pouring, pins from later heats were 
not stored in the mercury-trap system. We found 
some evidence that cast iron picks up oxygen during 
long storage, because of rusting. Earlier work by 
the British Cast Iron Research Association has 
shown that cast irons may be stored for a long time 
without significant change in their oxygen content. 
The practical significance of this study (and our 
own) would be in the improvement of cast-iron 
quality. Has the author investigated this aspect and 
reached any conclusions on the effect of oxygen on 
the mechanical properties of cast iron? The second 
phase of our study was to determine the properties 
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of the test bars poured simultaneously with the gas 
analysis specimens. We realize that there may be 
complicating factors attendant in this procedure.” 
Results from many test specimens measuring chill 
depth, transverse flexure and deflection strength, 
Spiral fluidity, and sensitivity to hardness of gray 
irons ranging from 12 to 68 ppm oxygen showed that 
the lowering of transverse strength was the only 
significant undesirable effect of high oxygen content. 
A statistical study of the chill test results*’ showed 
that the iron containing 22 to 46 ppm oxygen had 
forced chill depths that were 2/32 in. below the ex- 
pected value from their composition, and irons con- 
taining less than 16 ppm oxygen had forced chill 
depths averaging 1/32 in. greater than the expected 
chill depth. Higher oxygen contents, within the range 
of 12 to 68 ppm did not increase forced chill depth. 
With the wedge tests, there was a good linear rela- 
tionship between carbon equivalent of the irons and 
their chill depth. The results indicated that oxygen 
contents below 50 ppm in the iron did not affect chill 
depth. With 50 to 70 ppm oxygen in the iron, oxygen 
appeared to have a Slight graphitizing tendency. 
These results are in disagreement with the common 
belief in gray iron foundries that ‘‘oxidized irons”’ 
produce high chill depths. It would be appreciated if 
the author would comment on this subject. 
Gustaf Ostberg (author’s reply)—In Fig. 1 the legend 


of line I should read 2 pct C, 1 pct Si. 

The author wishes to thank Mr. Loria for calling 
attention to his later work, which was published after 
the present paper was concluded. The range of oxygen 
contents quoted seems to agree well with the author’s 
values. The lack of response to variations in silicon 
content is probably due to the fact that the oxygen 
content in most cases was below the saturation level. 
The absence of temperature dependence, even in the 
case of saturation, is understandable if the difficulty 
in formation and escape of the deoxidation products 
is taken into account. 
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As to the influence of oxygen on the mechanical 
properties of the iron, the present investigation did 
not aim to study this subject. Regarding the varia- 
tion in chill depth with oxygen content, the writers 
conclusion about the graphitizing effect of oxygen at 
higher levels agrees with earlier findings of 
Williams.” 


20%, A, Loria, H. W. Lownie, Jr., and M. W. Mallet, Experimental Determina- 

tion in Iron, AIME Trans., Journal of Metals, 
1-1672. 

Affecting Machinability of Gray Iron, Western 
Machinery and Steel World, October, 1956, vol. 47, pp. 96-100. : carton 

22W, J. Williams: A Study of Some Metallurgical Factors Influencing Chil - 
Mottle Formation in Cast Iron, British Cast Iron Research Association, J ourna 
of Research and Development, October, 1952, vol. 4, pp. 403-4 23. 


Discussion —Extractive Metallurgy Division 


Data on Copper Converter Practice in Various Countries 


by F. E. Lathe and L. Hodnett 


AIME Trans., vol. 212, p. 603 


T.B. King (Department of Metallurgy, Massachusetts 
Institute of Technology)—A valuable contribution of 
the authors is in the factual information which they 
have been able to gather; this type of information is 
quite difficult to obtain. In many respects, however, 
it would have been better if they had not subsequently 
embarked on a discussion of the chemistry of the 
converter process. It seems inconceivable that the 
authors do not refer to the papers of Schuhmann and 
his associates** which have set the thermodynamic 
foundation for the whole copper smelting operation. 
In addition, a very useful review on the physical 
chemistry of copper smelting by Ruddle’® appeared 
as long ago as 1953. 

An examination of this literature would have con- 
vinced the authors that there is no cause to be sur- 
prised at a correlation between the magnetic con- 
tent and the silica content of converter slags, though 
they rightly point out that one should distinguish 
between the total magnetite content of the slag and 
the amount of magnetite which may be considered to 
be in solution. It is not true that the lowest melting 
converter slag is that corresponding to the eutectic 
between ferrous oxide and silica. The simplest slag 
system which can be considered is a three-com- 
ponent system, since both ferric and ferrous iron 
are present. As Schuhmann, Powell, and Michal have 
shown, there are lower melting compositions than 
this eutectic in the ternary system. 

The most unfortunate impression given by this 
paper is that the driving force for chemical reaction 
is determined by the heat of reaction: of course the 
entropy change must be taken into account. It would 
have been more correct to list, in Table VI, values 
for free energies of formation. Nor can it be said 
that the data in Table VI represent the ‘‘best avail- 
able data.’’ They do not correspond with any of the 
recent, acknowledged sources.’ 

F. E. Lathe and L. Hodnett(author’s reply)—We are 
pleased that Dr. King finds the factual information in 
our paper of some interest. 

Dr. King suggests that it would have been better if 
our analysis and discussion of the data had been 
omitted, largely because our list of references is so 
incomplete. If he will carefully read our introduc- 
tion, he will see that the questionnaire was sent out 
in the hope of obtaining data which would throw light 
on certain questions relating to the use of converter 
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refractories. We did not attempt (nor would the 
AIME have published!) a complete review of the 
literature on copper converting, as Dr. King has 
apparently assumed, nor indeed a complete analysis 
of the data submitted, but tried only to find a sound 
basis for the choice of refractories, taking into con- 
sideration common variations in converter practice. 
We hope our paper indicates that, by raising the 
silica content of the converter slag and operating at 
a higher temperature, the normal circulating load 
of magnetite can be greatly reduced, and the whole 
reverberatory-converter operation improved to a 
major degree, with resultant important savings. 
Under such operating conditions, chrome-magnesite 
brick may be expected to stand up better than those 
of straight magnesite. Regardless of the choice as 
between these brick types, however, we find the 
cost of converter refractories to be so low in com- 
parison with other converter costs as to justify 
operation under the more severe conditions sug- 
gested. 

Valuable as are the papers by Schuhmann and 
associates and the book by Ruddle, we make no 
apology for omitting reference to them, nor for 
using heats of reaction without mention of entropy 
changes or free energies of formation. Our primary 
object was to interest the practicing copper metal- 
lurgist, with whose language we may claim to be 
fairly familiar; we think it would have been unwise 
to include the highly theoretical phases of the sub- 
ject which Dr. King suggests. The interest shown 
in our preliminary paper presented at the New York 
meeting in 1956, and the trends in practice whtat 
we have observed since that time, suggest that we 
did not wholly miss the target. 

In conclusion, we sincerely hope that Professors 
King and Schuhmann will independently review the 
data obtained in our questionnaire and submit a paper 
giving their own recommendations as to the choice 
of refractories and the particular converter operat- 
ing conditions which will result in the lowest overall 
cost of copper smelting and converting. 


*4R, Schuhmann, Jr.: AJME Trans., 1950, vol. 188, p. 873. 
R. Schuhmann, Jr., R. G. Powell, and E. J. Michal: AJME Trans., 1953, 
vol. 197, p. 1097. 
E, J. Michal and R. Schuhmann, Jr.: AJME Trans., 1952 vol. 194, p. 723. 
R. Schuhmann, Jr. and P. Ensio: AJME‘Trans., 1951, vol. 191, p. 401. 
R. Schuhmann, Jr. and O. W. Moles: AIME Trans., 1951, vol. 191, p. 235. 
W. A. Krivsky and R. Schuhmann, Jr.: AJME Trans., 1957, vol. 209, p. 981. 
*SR, W. Ruddle: Physical Chemistry of Copper Smelting, IMM London, 1953. 
‘For example, J. P. Coughlin: Bulletin 542, Bureau of Mines, 1954. 
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